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Abstract: The mechanical properties of a cold-rolled HSLA steel are studied after intercritical annealing with conventional and ultra-high 
reheating rate followed by subsequent water quenching without isothermal soaking. By monitoring the hardness and the microstructure, it 
was shown that the increase of the reheating rate from 140 to 1500°C/s causes refinement of the ferrite grains from 4 µm to 1 µm in 
diameter. The final ferrite grain size depends significantly on the reheating temperature and reheating rate. It was observed that after an 
extreme reheating rate of 1500°C/s the α-to-γ phase transformation starts before the completion of the recrystallization in a recovered 
matrix. It was found that the ultra-fast reheating results in a very fine non-equilibrium ferrite-martensite structure with an excellent ultimate 
tensile strength of more than 1200 MPa and an acceptable elongation at fracture. The observed data are very promising from industrial-
application point of view and open up possibilities for further microstructural refinement and alternative texture control.  
 
KEYWORDS: ULTRA-FAST HEATING, GRAIN REFINEMENT, HIGH STRENGTH, RECRYSTALLIZATION, PHASE 
TRANSFORMATION, TEXTURE 

 
 

1. Introduction 
 

The development of advanced high strength steel grades (AHSS) 
is one of the enduring priorities of the steel manufacturing 
industry today and requires often non-conventional approaches in 
development of stronger and tougher steel grades. One reason is 
that the use of high strength steels in automotive industry appears 
to be an effective way to decrease the weight of vehicles, to 
increase the safety of the passengers and to decrease the fuel 
consumption. Such steels are known as 3rd generation advanced 
high strength steels and they are still under development by steel 
producers. The classical approach for the development of AHSS 
grades is two-fold (i) the use of special combinations of alloying 
elements and (ii) control of cooling rates, which determine 
microstructure formation. This approach appears to be very 
successful and gave rise to well-known steel grades like dual 
phase (DP) steels, transformation induced plasticity (TRIP) 
steels, multiphase or complex phase steels (steels with BCC 
dislocation rich microstructures such as martensite and bainite) 
[1] and recently twinned induced plasticity (TWIP) steels. The 
relation between the main engineering properties strength and 
ductility for the most popular steel grades is shown schematically 
in Fig.1. 
 

 
Fig. 1: Distribution of the existing steel grades according their ultimate 
tensile strength (UTS) and tensile elongation (TE). The zone marked with 
a dashed oval is still without good representatives. (Adapted from ref. 
[1] with the data for TWIP steels)   
 
 
It is clear that there are no representatives at the moment which 
can cover the gap between the heavy alloyed TWIP steels and 
low alloyed TRIP steels. Adding of alloying elements is an easy 
solution but the problems with metal scarcity will restrict their 

extensive use more and more in the future because of high prices 
limitations. The control of cooling rates during production is 
already very well studied; i.e., the limits for the use of this 
parameter are known and significant new improvements in this 
direction cannot be expected, although new heat treatment 
approaches like quenching and partitioning (Q&P) heat 
treatments are more and more investigated for industrial 
applications in order to marked with question mark region in Fig. 
1 [2].  
A non-conventional approach in this case is to explore the limits 
of the heat treatment as a tool for microstructure-properties 
control by using well known standard compositions and to 
design and produce fine grained steel by employing very high 
heating rates. This approach leads to extreme grain refinement 
[4-7] and to a corresponding increase of the strength of the 
material above the “normal” well known limits. In previous 
works [3-7] numerous microstructural phenomena like 
remarkable grain refining and overlapping of the recrystallization 
with the  α-γ phase transformation were reported for the 
reheating rates of 3000°C/s and higher (up to 7000°C/s). 
Although the results were very promising, it is very difficult to 
reproduce such heating rates in the industrial lines.  
Therefore the goal of the current work is to study the 
microstructure and properties formation of cold rolled high 
strength low alloyed steel after heating and quenching with 
heating rates more affordable for industrial processing, between 
100°C/s and 1500°C/s.     

 
2. Experimental 
 
Cold rolled steel with a composition shown in Table 1 is an 

object of study in this work. 
 
Table 1. Chemical composition of steel, in mass. % 

%C %Si %Mn %P %S 
0.114 1.263 2.072 0.0149 <0.001 

 

Hot rolled plates were heat treated to obtain microstructures of 
ferrite and tempered at 550°C martensite (samples A) and 
microstructure of pearlite and ferrite (samples B). The steel sheets 
were next 75% cold rolled to a final thickness of 1 mm and heat 
treated according the temperatures and times shown in table 2. 
Samples of size 80x30x1 mm3 were cut parallel to the rolling 
direction of the cold rolled sheet. They were reheated with 
heating rates of 140C/s, ~400C/s and ~1500C/s and 
subsequently water quenched from different temperatures in the 
temperature interval 500 to 1000 C without isothermal soaking. 
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The reheating of the samples with ~140C/s was implemented in 
a salt bath whilst the temperature was measured and controlled by 
a K1 type thermocouple welded to the surface of the sample. The 
reheating with average reheating rate of 400 C/s and 1500°C/s 
was carried out by passing a high intensity electrical current 
through the strip specimen. The temperature measurement and 
control were done using an infrared pyrometer (IMPAC IW5) 
with an operating range between 400 and 1200°C and a response 
time of 1 ms. With such equipment it is possible to produce 
thermal cycles at heating rates between 200 and 7000 °/s with 
satisfactory temperature control and possibility of subsequent 
water quenching [6]. The detailed parameters of the annealing 
treatment are shown in Table 2 for samples with initial 
microstructure of ferrite and tempered martensite (samples A) 
and in Table 3 for samples with initial microstructure of ferrite 
and pearlite (samples B). A record of the real “reheating –
quenching” cycles are shown in Fig.2 including the samples heat 
treated in a salt bath.  

 

Samples for tensile test, hardness tests and microstructure 
characterisation were taken from the middle part of the heat 
treated sheets from the zones with warranted homogeneous 
temperature distribution. Sub-size tensile test samples with a 
gauge length of 4 mm, width of 1mm, thickness of 1mm and total 
length of 10 mm were tested with a cross head velocity of 0.5 
mm/min at room temperature in micro-tensile test machine 
"Deben MICROTEST 5000N Tensile stage". The sample 
elongation was detected by displacement measurement of the 

machine grips. Tensile test on sub-size samples always 
overestimates the strength and elongation in comparison to the 
standard size (A80 and A50) tensile test samples.  

Similar tensile tests were applied to specimens which were water 
quenched from different temperatures after reheating with 
conventional heating rates of 140°C/s in a salt bath, in order to 
compare the results with the obtained from ultrafast heating, and 
to correctly evaluate the contribution of ultrafast heating to the 
mechanical properties. The microstructural characterisation was 
carried out after classical metallographic sample preparation 
which included mechanical grinding and polishing up to 1µm 
diamond suspension and etching with 2% HNO3 in ethanol (Nital 
2%). Samples for EBSD characterization were additionally 
electrolytic polished using Struers® Lectropol 5 device with A2 
type electrolyte at 22°C, 40V and electrolyte flow rate of 7. FEI-
Nova 600 scanning electron microscope was employed for the 
SEM and EBSD data acquisition from selected samples. The 
EBSD data were acquired at 15kV, working distance 7 mm, 
sample tilt 70° in square scan grid with a step size of 50nm. The 
data were post-processed with EDAX-TSL OIM® 5.1 data 
analysis software.  

The variations in mechanical properties as a function of quench 
temperature were documented by Vickers hardness measurements 
with a load of 3kgf (HV3). 

3. Results and discussions 

Variations in the hardness of the cold rolled and water quenched 
samples with different initial microstructures after heating to 
different temperatures with various heating rates are shown in 
Fig. 3. The initial hardness after cold rolling depends on the 
microstructure and it is 329HV3 for the samples from group B 
with ferrite-pearlite microstructure, whereas the hardness of the 
cold rolled microstructure of ferrite and tempered martensite is 
440HV3. It does not change significantly after quenching from 
temperature up to 500°C (Fig. 3, zone I). An increase of the 
temperature with heating rates of 140°C/s (heating in a salt bath) 
triggers initially recovery and recrystallization in the cold rolled 
steel which is associated with a decrease in the hardness (cf. Fig. 
3 Zone II). After quenching from temperatures from the dual 
phase ferrite-austenite to the single phase austenite regions, the 
hardness increases due to the martensite formation from the 
parent austenite phase (cf. Fig.3, zone III). When the 
austenitisation temperature is very high the hardness after 
quenching slightly decreases, which can be associated with the 
grain growth of the parent austenite which forms coarse and low 
carbon martensite (Fig. 3 zone IV).  

Table 2:  Heat treatment parameters and hardness of samples with 
microstructure 75% cold rolled F+TM  

Sample ID 

Heating 
temperature 

Ta, °C 

Heating 
rate,  
Vh °C/s 

Quench 
rate,  

Vq, °C/s 

HV3 

A0 - - - 440 

A1 674 430.2 -1281.7 405 

A2 723 397.8 -821.9 360 

A3 756 397.5 -1069.3 359 

A4 780 328.7 -568.2 341 

A6 807 357.5 -735.8 354 

A7 846 323.4 -836.0 402 

A8 879 317.3 -854.2 510 

A9 949 352.9 -1064.4 561 

A10 968 359.9 -1068.9 512 

AVERAGE 362.8 -922.3   

Table 3. Heat treatment parameters and hardness of samples with 
microstructure 75% cold rolled F+P 

Sample ID 

Heating 
temperature 

Ta, °C 

Heating 
rate,  

Vh °C/s 

Quench 
rate,  

Vq, °C/s 

HV3 

B0 - - - 329 

B1 749 1567.6 -803.2 329 

B2 841 1445.5 -1390.2 442 

B3 862 1327.5 -1539.7 421 

B4 1000 1419.0 -966.9 549 

B5 1053 1538.1 -1058.7 545 

B6 1200 1532.2 -685.4 507 

AVERAGE 1471.7 -1074.0  

Fig. 2: Record of “time-temperature” curves for samples with initial 
microstructure ferrite and tempered martensite (A) and microstructure of 
ferrite and pearlite (B) heated with in salt bath (140°C/s) and “ultra-fast” 
heated with heating rates of 330°C/s and 1500°C/s. 
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Two main tendencies are clearly demonstrated in the hardness 
variations – apart from the heating temperature the hardness 
variations are dependent on: (i) the initial microstructure and (ii) 
on the heating rate.  The increase of the heating rate from 140°C/s 
to ~360°C/s and 1500°C/s shows a clear tendency to increase the 
hardness after quenching from both the intercritical (α+γ) and the 
single phase γ regions. The hardness decrease in the temperature 
interval 500-750°C (zone II in Fig. 3), which is associated with 
recovery and recrystallization, becomes smaller when the heating 
rate increase, which indicates that recovery and recrystallization 
are supressed. No changes in the hardness are observed in 
samples B which were heated to the austenitic region with 

~1500°C/s (cf. zone II in Fig. 3- the grey line for heating rate of 
1500°C/s). This is an indication that both recovery and 
recrystallization are completely suppressed and the α-to-γ phase 
transformation starts before the onset of recrystallization (i.e. in 
unrecrystallized matrix). This effect was previously observed 
after heating and quenching of cold rolled HSLA steels with 
heating rates of ~3000°C/s and ~7000°C/s [3, 5, 6, and 7].  

The results of tensile test for selected samples are shown in Fig. 
4. The samples were water quenched from the temperatures of the 
two-phase (α+γ) region in order to create microstructures of 
ferrite and martensite, which is typical for the DP steels [1,2]. It 

is clearly demonstrated that the increase of the heating rate for 
intercritical annealing from 140°C/s to 400°C/s and 1500°C/s 
causes a significant increase in the ultimate tensile strength (Rm). 
This phenomenon could be associated with the significant grain 
refining effect observed in the fast heated samples in comparison 
to the samples heated in the salt bath. A second important 
observation is that the short soaking times, practically ~1-2 s in 
both cases, do not allow homogenization of the carbon content of 
the intercritical austenite before quenching. This means that the 
martensite “islands” are structurally heterogeneous- i.e. they may 
contain zones with high carbon martensite, low carbon martensite 

or even retained austenite with high carbon content and 
correspondingly with different hardness. 

Another relevant observation is that the initial microstructure has 
significant effect on the mechanical properties (type of the tensile 
test curve), which is more clearly pronounced at low heating 
rates. The tensile test curves of samples with ferrite and pearlite 
microstructures quenched after heating with 140°C/s  have well-
defined yield point, and display very low work hardening, which 
is missing in the samples with initial microstructure of ferrite and 
tempered martensite. It is also important to mention that the 

Fig. 3: Hardness vs. quench temperature for different initial 
microstructures and heating rates. “Quench temperature” is the 
temperature to which cold rolled samples were heated before  
water quenching. 

Fig.5: Microstructures of samples A and 
ASB (initial microstructure ferrite and 
tempered martensite) after: 75% cold 
rolling (a); reheating with ~400°C/s to 
756°C (b); to 780°C (c) ; reheating with 
140°C/s in salt bath  to 756°C (d) 
and780°C(e).  All samples are subsequently 
water quenched without isothermal soaking.  
Scale bar in all micrographs is 10µm.   

Fig. 4: Tensile test results from water quenched samples after 
ultrafast heating with rates of ~400°C/s and 1500°C/s (A7 and B2) 
and after conventional fast heating in a salt bath with ~140°C/s 
(samples ASB and BSB). All samples are heated for quenching to 
similar temperatures (~840°C) in the dual phase α+γ temperature 
region.     

7



strain-stress curves reveal identical characters after ultrafast 
heating (compare the black thick and dashed lines in Fig. 4).   

 Fig. 6 shows the microstructural evolution in samples with initial 
microstructure of ferrite and tempered martensite after water 
quenching from various temperatures in α+γ temperature interval 
reached with heating rates of ~140°C/s (heating in a salt bath) 
and fast heating with ~400°C/s. The micrographs display 
martensite microstructures in the both group of samples, which in 
the case of fast heating (Fig. 5, b, c) appear in recovered ferrite 
matrix, and the new martensite is aligned along the panckacked 
recovered (or partially recrystallized) ferrite. In the case of 
heating in the salt bath, the ferrite microstructure is fully 

recrystallized with well-developed almost equiaxed grains shape 
(cf. Fig. 5, d, e). The microstructures shown in Fig. 6 (a-e) 
display the corresponding changes in the steel with 75% cold 
rolled ferrite-pearlite microstructure after heating with ~1500°C/s 
and 140°C/s. The same tendency is clearly demonstrated, namely 
the α-to-γ phase transformation during heating starts before the 
onset of the recrystallization in samples heated with 1500°C/s 
resulting in fine-grained microstructure with elongated partially 
recovered ferrite grains, whereas after reheating in a salt bath the 
phase transformation develops in recrystallized ferrite –pearlite 
matrix. 

 The evolution of the average ferrite grain size as a function of 
the heating rate was investigated on optical and SEM 

micrographs by means of linear interception method and a cross 
check of the result was made by EBSD measurement on samples 
A3 (cf. Fig. 7-black triangle). The results of the measurement, 
which are shown in Fig. 7, display that the average grain size 
drops from 5 µm to 1 µm with an increase of the heating rate 
from 140°C/s to 1500°C/s reaching a steady state. The last point 
in the figure represents data adopted from ref. [7] for steel with 
the same chemical composition heated to the same temperatures 
with 3000°C/s.  

4. Conclusions 

Results of the current study undoubtedly show that the ultrafast 
reheating of HSLA steels is a potential way for significant 
strengthening with a minimum decrease in elongation. The 
observed effects of increase in strength were associated with the 
strong grain refining effect caused by the overlapping of the α-to-
γ phase transformation and recrystallization. The grain refining 
effects and the associated strengthening are observed even in a 
range of heating rates as high as 400°C/s, which could be 
obtained in the industrial conditions. Results also showed that the 
control of the initial microstructures  before cold rolling together 
with the heating rates are powerful tools for designing HSLA 
steels with improved mechanical properties and to effectively 
fulfil the gap of the materials with strengths above 1200MPa and 
elongations of ~20% without expensive alloying additions. 
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Fig.6: Microstructures of samples B and BSB 
(initial microstructure ferrite and pearlite) 
after: 75% cold rolling (a); reheating with 
~1500°C/s to 750°C (b); to 840°C (c) ; 
reheating with 140°C/s in salt bath  to 756°C 
(d) and 840°C (e).  All samples are 
subsequently water quenched without 
isothermal soaking.  Scale bar in all 
micrographs is 10 µm. 

Fig.7: Average grain size (average intercept length) after water 
quenching as a function of heating rate. Black triangle shows 
average grain diameter measured from EBSD data.  

8



GROWTH MECHANISM OF TiO2 NANOTUBES ON THE Ti-6Al-4V SURFACE 
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Abstract: Present paper deals with investigation of the mechanism of TiO2 nanotubes growth on titanium surface during anodization 
process. The samples were made of Ti-6Al-4V alloy. They were grinded, etched with 0,5 wt. % HF acid and anodized. The anodization was 
done in electrolyte containing 0,5 wt. % HF acid using DC power supply with graphite electrode as cathode. The samples were investigated 
by SEM, EDAX and XRD analysis. The results show that after 5h anodization the regions with nano-roughness as well as the regions with 
nanotubes with average internal diameter 102nm exist on the surface of the Ti-6Al-4V alloy sample. The field-enhanced oxidation and field-
enhanced dissolution are the main processes for TiO2 nanotubes formation during anodization. The surface micro-roughness influences on 
the processes running rate in different micro-regions determining origination of the titanium nanotubes on different stage and by different 
mechanism as well.  

KEY WORDS: TITANIUM ALLOY, ANODIZATION, TITANIUM OXIDE NANOTUBES, GROWTH MECHANISM 

 

1. Introduction 

Titanium and titanium alloys are the main materials currently 
used for production of implants [1,2]. The pure titanium has a 
biological inert surface, which make it biocompatible. It possesses 
excellent mechanical properties and very good osseointegration. 
Good corrosion resistance of titanium depends upon the formation 
of a solid oxide layer (TiO2) to a depth of 10 nm. Geometry, 
roughness and other characteristics of the implant surface also 
importantly influence the surface–tissue interaction. The design of 
implants could be discussed in four aspects: macro-design, mini-
design, micro-design and nano-design. The last two aspects, 
referring to the surface roughness at micro-level and to the 
molecular organization of the implant surface at nano-level, are of 
big importance. Implant surface can be modified by different 
methods [1,3]: mechanical methods of removal of surface material 
by cutting, abrasive action (grinding and polishing) and blasting by 
particles; chemical methods of solvent cleaning, wet chemical 
etching and passivation treatments; electrochemical methods of 
surface electropolishing and anodic oxidation or anodizing. 

Microroughness by sandblasting and nanostructures by 
subsequent alkali and heat treatment have been created on the 
surface of the Ti-6Al-4V samples [4]. It was shown that the addition 
of nano-polymorphic features (comprising of tuft-like, plate-like, 
and nodular structures smaller than 100 nm) to the micro-roughened 
surface significantly increased the implant fixation, the area of peri-
implant bone formation, and the percentage of bone-implant contact 
at the early and late healing stages. The hierarchical hybrid 
micro/nano-textured surfaces have been produced by acid etching 
and anodization [5]. The addition of nanotubes to the 
microstructured surface enhances multiple osteoblast behaviors, 
resulting in better in vivo osseointegration. The presence of a 
vertically aligned TiO2 nanotube surface on Ti foils had a critical 
effect that improved the proliferation and mineralization of 
osteoblasts [6]. The cell response depends on the nanotubes’ 
diameter, thus on small-diameter nanotubes, increased cell adhesion 
and growth with minimal differentiation is prevalent, while on 
larger-diameter nanotubes, mesenchymal stem cells are forced to 
differentiate specifically into osteoblast cells [7]. It was established 
that 70 nm diameter is the optimum size for TiO2 nanotubes 

implants to obtain favorable osteoconductivity and osseointegration 
[8]. Furthermore, TiO2 nanotubes can control cell fate and 
interfacial osteogenesis by altering their nanoscale dimension. 

The TiO2 nanotubes surface can mimic the dimensions of the 
components of natural bone, because natural bone is composed of 
nanophase hydroxyapatite (Hap) in the collagen matrix [8,9]. It is 
well established that the anatase phase TiO2 is much more efficient 
in nucleation and growth of Hap than the rutile phase TiO2 because 
of the better lattice match with Hap phase. The tendency in surface 
treatments is to produce surfaces completely covered with anatase 
phase TiO2 which enhances the osteointegrative characteristics of 
the titanium [6-8].  

TiO2 nanotubes can be prepared by various techniques: sol-gel 
method, electrochemical deposition and anodization [6,10]. 
Anodization is preferred to the rest two processes because it 
provides strongly adherent TiO2 layer. Moreover the process itself is 
a rapid, simple and inexpensive ensuring large array of titania 
nanotubes [11]. For bio-medical applications, the adhesion and 
mechanical integrity of the TiO2 layer are essential. That is why it is 
important to understand the mechanism of its formation. The 
formation process of the nanotubes on the smooth surface of 
titanium foils (99,5% pure) is explained very well [11,12]. The aim 
of the present paper is to investigate the growth mechanism of TiO2 
nanotubes on the surface with micro-roughness of samples made of 
Ti-6Al-4V alloy.  

 
2. Experimental methods 

Round samples with dimensions 24mm x 3mm (diameter x 
thickness) were made of Ti-6Al-4V alloy, delivered by Sandvik, 
Sweden, with chemical composition: Al-5,7%; Fe-0,13%; V-3,8%, 
O-0,089%; Ti-the rest (wt.%). The samples’ surface was grinded 
with sandpaper 300, 600 and 800. After grinding they were 
ultrasonically cleaned consecutively in acetone, ethanol and 
deionized water for 15 min in each media and dried with 
compressed air. On the next stage the samples were etched for 30 
min in 0.5 wt.% HF acid, immediately rinsed with deionized water 
and dried. They were anodized in an electrolyte containing 0.5 wt.% 
HF acid using a DC power supply with a graphite electrode as 
cathode. The voltage was constant - 30V, while the process duration 

 

Table 1: Varying of TiO2 nanotubes parameters depending on the anodization time. 

Anodization time, h 0.5 3 4 5 6 7 

Surface area covered with NT, % - Small spots 30-40 50-60 70-80 80-90 

NT average diameter, nm - 86 92 102 109 114 
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was variable (Table 1). Immediately after anodization the samples 
were rinsed several times with deionized water and dried with 
compressed air.  

The surface morphology was observed and EDAX analysis was 
made on high resolution field emission scanning electron 
microscope FEI Quanta 400 ESEM FEG (ESEM2). The phase 
composition was investigated by XRD analyzer Rigaku D/Max in 
Cu Kα irradiation.  

 
 
 

3. Results and analysis 

3.1. Results obtained 

Fig.1 shows the samples’ surface after grinding and etching. The 
grinded surface (Fig.1a) is relatively smooth with traces of abrasive 
paper. The micro-roughness appears on the samples’ surface after 
etching (Fig.1b and Fig.1c).  

The short time anodization of 30 min produced only nano-
roughness on the micro-roughened surface (Fig.2a). The first Nano-
Tubes (NT) with average internal diameter about 86 nm were 

Fig. 1 Surface of Ti-6Al-4V alloy samples after grinding – a) and etching – b) and c).  

Fig. 2 Surface of Ti-6Al-4V alloy samples after anodization with different duration: 30min - a); 3 hours - b) and 6 hours - c). 
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observed after 3h anodization (Fig.2b and Table 1). They were 
located in small spots scattered over the whole sample’s surface. 
The bigger part of the rest regions was characterized with nano-
roughness of higher depth, but the regions with lower roughness 
were also observed (Fig.2b-2). After 6h anodization 80% of the 
sample’s surface was already covered with NT (Fig.2c) with average 
internal diameter about 109 nm. The oxide layer with nano-
roughness and the beginning of tubular structure formation were 
observed in the rest regions (Fig.2c-2). After 7h anodization nearly 
90% of the sample’s surface was covered with NT. They were well 
shaped with average internal diameter of about 114nm (Fig.3a). 
EDAX analysis of the same region (Fig.3b) shows presence mainly 
of the elements Ti and O, which is evidence that NT are made of 
TiO2. Their structure is amorphous, because clearly pronounced 
peaks only of titanium can be seen on X-Ray difractograms after 
anodization of Ti-6Al-4V samples (Fig.4).  
 

3.2. Discussion  

Two are the main processes responsible for formation of TiO2 
NT during anodization: field-enhanced oxidation and field-enhanced 
dissolution [11,12]. The chemical dissolution of the titanium and 
titanium oxide in HF acid also takes part. According to G.K. Mor et 
al. [11] the mechanism of TiO2 NT formation consists of the 
following processes: a) formation of a thin oxide layer on the 
titanium surface; b) origination of small pits due to the localized 
oxide dissolution and their growing into pores with thin barrier layer 
on the bottom; c) growing of the pores in depth due to the field-
enhanced oxidation processes on the metal-oxide interface and field-
enhanced  dissolution processes on the oxide-solution interface; d) 
origination of the voids between the pores; e) simultaneously growth 
of the tubes and voids in equilibrium to forming a tubular structure. 
The proposed mechanism concerns to the formation of tubular 
structure in anodization of smooth surfaces.  

The etching before anodization produces micro-roughness on 
the samples’ surface (Fig.1b and Fig.1c). Therefore the particular 
micro-regions are situated at different angle towards the electrode 
surface which causes running of the field-enhanced oxidation and 
field-enhanced dissolution with different rate. Hence the formation 
of a thin oxide layer on the sample’s surface is embarrassed. As a 
result, in the zones with intensive dissolution of titanium, the 
regions with nano-roughness exist (Fig.2a-1 and Fig.2b-2). More 
over the titanium oxide can be etched at a high rate in HF solution 
even in the absence of an anodizing voltage [12]. That is why in 
these regions the TiO2 layer begins to form later, only after settling 
of equilibrium between the processes of dissolution and oxidation. 
In our experiments the oxide layer was observed after 5h-6h 
anodization (Fig.2c-2). The tubular structures are formed further by 
the above mentioned mechanism, where the nano-roughness 
facilitates the pores origination.  

In the rest regions, most probably, the oxidation process is 
dominant and as a consequence the first nano-scale nuclei of 
titanium oxide originate (Fig.5-1 and Fig.5-2). These, so called, 
“nano-seeds” with average diameter about 132 nm gradually cover 
the surface of the whole micro-region (Fig.5-3). The voids around 
them are observed on the picture with high magnification. The 
surface of some “nano-seeds” has already begun to dissolve due to 
the high solubility of titanium oxide in HF acid. The thinner bottom 
of the oxide nuclei provokes the easier penetration of oxygen ions 
and the subsequent oxidation of the metal surface on the metal-oxide 
interface [11]. The processes in the central part of the nuclei most 
probably run faster leading to transformation of the nuclei shape 
from “nano-seed” to “bowl-like” with clearly pronounced bottom 
and walls (Fig.5-4). The as originated nuclei grow into depth of the 
material due to the simultaneously running of the processes of 
oxides dissolution and metal oxidation. As a result well shaped 
tubular structures are formed in particular micro-regions on the 
earlier anodization stage (Fig.5-5).  

In anodization of micro-roughened surfaces the processes in 
different micro-regions run with different rate, determining 
originating of titanium NT on different stage and by different 
mechanism as well. In the regions, where the dissolution processes 
are dominant, TiO2 NT are formed on the later stage by the well-
established mechanism [11]. In contrast to it, however, the nano-
roughness forms at first, thus facilitating the pores originating in the 
oxide layer and their further development in tubular structure. In the 
regions with more intensive oxidation processes the TiO2 NT are 
formed earlier after originating of oxide nano-nuclei which then 
grow into depth of the metal due to the simultaneously running of 
oxidation and dissolution processes.  

Ti 

Fig.4 XRD spectra of Ti-6Al-4V samples after different 
treatments. 

Fig.3 TiO2 nanotubes on the surface of Ti-6Al-4V 
sample after 7 hours anodization – a) and EDAX 
analysis of the same region – b). 
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4. Conclusion  

The surface of the Ti-6Al-4V alloy samples were investigated 
after etching and anodization with different duration. The etching 
produces micro-roughness on the samples’ surface. Short time 
anodization of 30 min leads to forming of nano-roughness, while 
after 7h anodization about 90% of the samples’ surface is covered 
with TiO2 nanotubes. The first nanotubes originate in particular 
small spots scattered on the surface after 3h anodization. Increasing 
the process duration leads to increasing the surface area covered 
with nanotubes.  

The field-enhanced oxidation and field-enhanced dissolution are 
the main processes for formation of TiO2 nanotubes during 
anodization. The surface micro-roughness influences on the 
processes running rate in different micro-regions determining 
origination of the titanium nanotubes on different stage as well as by 
different mechanism.  

In the regions with dominant dissolution processes the TiO2 
nanotubes are formed on the later stage after formation of nano-
roughness, thin oxide layer and pores originated in it developing in 
tubular structure. In the regions with prevalent oxidation processes 
the TiO2 nanotubes are formed earlier after originating of oxide 
nano-nuclei which transform their shape from “nano-seed” to 
“bowl-like” with clearly pronounced bottom and walls, growing in 
tubular structures.  
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Fig.5 Growth stages of TiO2 nanotubes on the surface of Ti-6Al-4V alloy sample (anodization regime: 30V, 5h). 
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INVESTIGATION OF THERMO MECHANICAL EFFECT ON STRUCTURE AND 
PROPERTIES OF ALUMINIUM ALLOY 6082 
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Abstract : Aluminium alloy 6082 is widely used for the automotive parts that work under the conditions of dynamic stress and cyclical loads. 
Automotive parts made from this alloy have to maintain high impact strength and hardness. High mechanical properties are achieved by 
thermo mechanical treatment when fibrous macrostructure and effect of precipitation hardening are obtained. 

This work deals with the investigation of changes of macrostructure and mechanical properties of alloy 6082 under various conditions: after 
quenching and artificial ageing; after plastic deformation, quenching and artificial ageing; after complete thermo-mechanical treatment. 
The results obtained will be used for the development of manufacturing technologies of the automotive parts. 

KEYWORDS: ALUMINIUM, ALLOY 6082, PRECIPITATION HARDENING, AUTOMOTIVE PARTS 
 
1. Introduction 

Some of the materials used for hot extruded automotive parts 
are light and strong aluminium alloys from 6XXX group. The main 
requirements for the alloy are sufficient plasticity for extrusion, 
high friction resistance in the slide pair with steel parts, ample 
strength and resistance to the dynamic strains. The most suitable 
aluminium alloys are wrought and heat treatable (treatment T6) 
ones. Al-Mg-Si alloy 6082 is the best choice for this purpose. Alloy 
6082 (EN AW-6082) is a medium strength alloy with excellent 
corrosion resistance. It has the highest strength of the 6XXX group 
alloys. Also, alloy 6082 offers good weldability, brazeability, 
formability and machinability [1]. It contains only 2-3% alloying 
additives, thus its strength is lower comparing with duralumin 
[bauman], but plasticity and corrosion resistance are excellent. The 
principal alloying elements in Al-6082 are Si, Mg and Mn that play 
important role on structure and properties of the alloy [2]: 

• Silicon solution in aluminium is limited: up to 1.56% Si at 
577oC temperature and <0.1% Si at room ambient temperature. 
In the Al-Si alloys these two components compose two different 
phases: aluminium matrix and silicon crystals. Silicon crystals 
are glaring, rigid (HV608) and brittle, so Si (as Fe, also) amount 
may be limited in the aluminium alloys. When aluminium is 
alloyed by other components as Mg, Mn or Cu, silicon 
composes disperse intermetallic compounds, consequently, 
strengthening alloy during ageing. 

• Magnesium dissolves in aluminium up to 17.4 wt.% at 450oC 
temperature, and about 1.4 wt.% at room temperature. During 
aging of Al-Mg-Si alloys, phase Mg2Si forms giving a 
reinforcing effect of alloy. 

• Manganese is almost insoluble in aluminium. With other 
components Mn forms disperse intermetallic compounds 
Al6Mn, α(Al-Si-Mn), Al6(MnFe) and Al10Mn2Si. Disperse 
phase Al6Mn and α(Al-Si-Mn) increase temperature of 
recrystallization of Al-Mg-Si alloys and aggravates secondary 
recrystallization (the growth of giant grains in the structure). 
Owing to the presence of Mn, higher strength is achievable after 
forging and heat treatment. 

Other alloying elements such as Fe, Cu, Zn, Cr, are inserted in 
smaller quantitates. 

Increasing demands on such materials in building, aircraft and 
automotive industries have resulted in increasing interest and 
research of many scientists from many countries [3-8]. The most 
interesting areas of the research are related with the investigation of 
structure evolution under heat treatment [9-12] as Al-6082 is age-
hardenable alloy related with the precipitation of intermetallic 
compounds Mg2Si, Al6Mn, Al6(Mn,Fe), Al10Mn2Si. Therefore, the 
well-chosen heat treatment or thermo mechanical treatment as well 

may become a cornerstone on purpose to obtain eligible mechanical 
properties of the part. 

During thermo mechanical treatment of aluminium alloys some 
specific structure defects – coarse recrystallized areas may occur 
[13, 14]. Recrystallized areas are mostly observed in the surface 
layers that are in direct touch with the dies and/or in regions where 
local changes of plastic deformation take place. Recrystallized 
layers and areas in forgings have negative effect that the boundary 
between two different structures possessing remarkably different 
mechanical, fatigue and corrosion properties, is formed. It was 
found [13] that recrystallized structure, in comparison with the 
unrecrystallized one, has lower values of ultimate strength 
(approximately by 70-90 MPa) and higher ductility (by 10%). 
Furthermore, fatigue properties were obtained lower by one order in 
the case of recrystallized structure. 

The susceptibility to the formation of those structures depends 
on forming and heat treatment parameters and on the alloy type as 
well.  

Our work was mainly focused on improvement of 
manufacturing technologies of Al-6082 automotive parts, for the 
purpose to obtain higher mechanical properties and fibrous, not 
recrystallized microstructure. 
 
2. Material and methodology 

Material used for the experimentation is extruded profile from 
wrought aluminium alloy 6082 in T4 condition with chemical 
composition listed in Table 1. Alloy 6082 is used for manufacturing 
of automotive parts and before forming and heat treatment has to 
maintain requirements presented in Table 2. 
 
Table 1. Chemical composition of EN AW-6082-T4. Certified SII-
IQNet ISO 9001:2008 No. 49937/10-2009, according to EN 573-
515-755 

Element, wt.% 
Si Fe Cu Mn Mg Cr Zn Ti Al 

0.96 0.17 0.01 0.46 0.75 0.003 0.009 0.021 Rem 
 
Table 2. Mechanical properties and requirements to aluminium 
extruded profile from alloy EN AW-6082-T4 at 20°C temperature 

Rm, MPa Rp0.2, MPa Elong.% 
50mm 

Hardness 
HB 

Specified values: 
Min. Min. Min. Min. 
205 110 12 - 

Measured values: 
235-262 121-146 19-20 - 
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Several tests were made at the laboratory for the evaluation of 
hardness HRB, U-notched Charpy impact strength, macro and 
microstructure of such treated semi manufactures. 

Hardness of specimens was determined by measuring HRB 
values at three places of each specimen by Rockwell meter TK-2 
under 100 kgf loads. Then, HRB units were calculated to HB 
system. 

Impact strength of the material was determined by Charpy 
impact testing machine using U-notched specimens made from semi 
manufactures (Fig. 1). 

For the observation of macro and microstructure, cross-cuts 
were made from critical places of the investigated semi 
manufactures (Fig. 2) after thermo mechanical treatment. Cross-cuts 
were cold mounted by the resin Technovit 4071, then grinded, 
polished with dough of chromium oxide and soup, and etched in 
0.5 % HF water solution. The macro and microstructure was 
examined by the laser micro-analyzer LMA10 Carl Zeiss with video 
camera YCH15. 

 
Fig. 1. U-notched sample for Charpy impact testing 

 
Fig. 2. Location of sample for the cross-cut 

 
The main requirements for the die forgings of automotive parts 

after complete thermo mechanical treatment were as follows: 
hardness HB in the range of 90-120 HB (optimal 100-110 HB, as 
when HB < 100, machinability is getting worse) and fine-grained, 
not recrystallized structure. 

Tests required heating were hold at laboratory chamber furnace 
Nabertherm N7/H/B150. Temperature of die forgings during plastic 
deformation was measured by laser thermometer. Temperature of 
the furnace was controlled by the device OMRON with chromel-
alumel thermocouple. 
 
3. Results and discussion 
 
3.1. Evaluation of structure and mechanical properties of 
forgings after applicable thermo mechanical treatment 

Some samples were manufactured from the billets after thermo 
mechanical treatment as following: 

• Heating of an ingot at 500°C temperature for 1 hour in the 
chamber furnace; 

• Double-hit forging; 
• Heating for hardening at 540°C temperature for 1 hour in the 

chamber furnace; 
• Water quenching in 25°C temperature water; 
• Artificial ageing at 160°C temperature for 12 h in the shaft 

furnace. 

At the first, the ingots were heated at 500°C temperature and 
then hot forged by double-hit. After forming, the die forgings were 

water quenched immediately for the purpose to maintain press-
effect (the fibrous structure specific for the forged item) (Fig. 3). As 
the structure didn’t show any origins of recrystallization, after 
artificial ageing the hardness HB was obtained too low – just 91 
units. That showed that 500°C was not sufficient temperature of 
quenching.  

Some scientific articles [2, 15] propose that the optimal 
temperature of quenching for the alloy 6082 is in the range of 515-
540°C. The required hardness HB (~110-120) was obtained when 
the die forgings were water quenched from 535°C and artificially 
aged, but the microstructure of cross-cuts was fully recrystallized 
presenting the coarse grains (Fig. 4, 5). Although the 
recrystallization had not any significant influence on hardness of the 
alloy in our work while some scientific articles deal with converse 
data [13]. It is known that recrystallization reduces impact strength 
and especially fatigue lifetime under the multi-cycle loads [2, 13, 
16]. Thus, the structure of the alloy without any recrystallization 
(retained press-effect) has to be pursued in order to improve these 
mechanical and fatigue properties. 

 
Fig. 3. Fibrous structure of alloy 6082 after heating at 500°C, 
double-hit forging, immediate water quenching and artificial 

ageing for 12 h at 160°C 
 

 

 
Fig. 4. Coarse crystals as the result of the secondary 
recrystallization at the cross-section of die forging 
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Fig. 5. Recrystallized macrostructure after double-hit forging at 

500°C, repeated heating at 540°C for water quenching and 
artificial ageing at 160°C for 12h. Hardness HB 112, U-notched 

Charpy testing ISO-U=29.4 J/cm2 

 
On purpose to obtain stabile mechanical properties after 

quenching and artificial ageing (T6), it is necessary attain sufficient 
dissolution of intermetallic compounds in matrix (this can be varied 
by the temperature and duration of heating) and fast cooling that the 
alloying elements dissolved in aluminium wouldn’t be able to 
precipitate from solid solution. The curves at Fig. 6 show increase 
of hardness of aged samples the duration of heating was extended, 
especially when the die forgings were quenched from lower 
temperatures. Outside time, when sample was carried from furnace 
to die, if it has not exceeded 20s, didn’t show any influence on 
hardness of samples. Delayed a little longer, hardness of specimens 
was decreased significantly. 

 
a 

 
b 

Fig. 6. Influence of quenching temperature, heating duration and 
pre-cooling time on hardness of alloy 6082 after artificial ageing 

(after T6 treatment) 
 

3.2. Investigation of microstructure and properties of 
quenched die forgings after hot extrusion and artificial 
ageing 

The temperatures of quenching and hot forging of alloy 6082 
are similar, thus the high-temperature thermo-mechanical treatment 
could be practised. The ingots were heated at 515-540°C 
temperature, double-hit forged and quickly water quenched. Such 
treatment simplifies technology of manufacturing, saves labour and 
energy expenditure, furthermore, impact strength increases several 
times. 

Quenching from lower temperatures allowed avoiding 
recrystallization, i.e. press-effect remained, when die forgings were 
up to 0.25kg of weight (Fig. 7). Recrystallization may proceed at 
separate locations of the die forgings when their pre-cooling time at 
cold die during deformation process becomes insufficient because 
of larger weight (Fig. 8). However, these recrystallized grains were 
very small and had no significant influence on quality of product. 
Forming of massive forgings at high temperatures (530-540°C) 
produced considerable secondary recrystallization, especially at the 
external surfaces, where giant crystals had grown (Fig. 9). Before 
deformation, in order to avoid recrystallization, hot ingot was pre-
cooled intensively for 8-10s for temperature decrease to 500-480°C. 

 
Fig. 7. Fibrous macrostructure after forming and quenching from 

515°C temperature, and artificial ageing (T6). Hardness HB 98; U-
notched Charpy testing ISO-U=39.6 J/cm2 

 
Fig. 8. Fibrous macrostructure at cross-section of forging after 

quenching from 520°C and artificial ageing (T6). Small 
recrystallized grains are visible at the surface. Hardness HB 97, U-
notched Charpy testing ISO-U=40.5 J/cm2  

Quenching from high temperatures without pre-cooling before 
extrusion may result cracks coming at the surface of forging, 
especially during cooling in cold water (Fig. 10). 

Impact strength of unrecrystallized structure, in comparison 
with the recrystallized one, was obtained higher by 25% and more, 
in some cases even up to 50%. 
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Fig. 9. Fibrous microstructure at cross-section of forging after 

quenching from 535°C and artificial ageing (T6). Coarse crystals 
are detected at the surface. Hardness HB 104, U-notched Charpy 

testing ISO-U=42.2 J/cm2 

 
Fig. 10. Cracks at the surface of forging after 540°C heating, 

double-hit deformation, quenching in water of 13°C and ageing at 
160°C for 12 hours 

 
4. Conclusions 

1. Double-hit forging and following water quenching ensures 
press-effect – fibrous macrostructure without recrystallization 
and with good mechanical properties of items made from alloy 
6082. 

2. Heating of die forgings at temperatures over 500°C between the 
first and the second die hits eliminates press-effect – 
recrystallization proceeds with following growing of giant 
crystals. This causes decrease of mechanical properties. 

3. High-temperature thermo-mechanical treatment is possible for 
alloy 6082 ingots and has to be following: 

a) Heating up to 515…540°C; 
b) Pre-cooling before hot deformation for 10-12s till 

480-500°C temperature decrease; 
c) Double-hit forging and immediate water quenching; 
d) Temperature of water has to be 20…60°C. Lower 

temperature of water may cause cracks and 
deformations of forgings; 

e) Artificial ageing is the last operation of high-
temperature thermo-mechanical treatment. 
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STUDYING OF PRELIMINARY ROAST AND SMELTING GOLD-CONTAINING 
ELECTRONIC SCRAP WITH COPPER COLLECTOR. 
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Abstract: Electronic scrap is valuable type of complex recyclable metallurgical raw. Efficient technology requires complex recovering 
electronic scrap with extraction ferrous, non-ferrous and precious metals. Requirement of preliminary roast to remove and recycle gases 
from organic combusting are shown. Optimal parameters of roast has been determined. 

Keywords: Gold, precious metals, copper, electronic scrap, collector smelting, recycle, roast 

 

1. Introduction. 

One of mass valuable type of complex recyclable metallurgical 

raw is electronic scrap. Total value of obtained electronic scrap in 

Russia is millions tons per year now. During conversion to market 

economy thousands of unprofitable plants has been stopped and 

liquidated in recent years, huge amounts equipment and hardware 

has been formed, that should be recycled. On the one hand this 

scrap is damage to environment, and on the other hand it’s very 

valuable recourse, that exceed raw mineral in precious components’ 

content. Usage of complex-composition hard-processing electronic 

scrap in metal recycling is increased now. 

 

2. Problem discussion 

Economical estimate of possible electronic scrap’s processing 

ways with only precious metals extraction shows low efficiency due 

to low content of precious components, in spite of it’s high price. 

Only complex recovering electronic scrap with extraction ferrous, 

non-ferrous and precious metals can make this technological 

process reasonable and efficient. Implementation of complex and 

full process of electronic scrap is topical, but very hard technical 

problem, because metals in electronic scrap have different 

physicochemical properties and occurs in different structural state in 

connections with different nonmetallic components. 

 

3. Objective and research methodologies. 

Organic materials (polystyrene, hardened paper, 

polyvinylchloride etc.) make 5-27 % of electronic scrap, according 

to scrap’s type. Organic materials have to be removed from 

electronic scrap preliminarily (before melt) due to high speed of 

organic materials’ combusting significant amount of obtained gases 

as well as problem with recovery and cleaning. 

In connection with the above electronic scrap with precious 

metals is preliminarily treated by roast. 

Degree of organic removal from electronic scrap in dependence 

of temperature, duration has been studied when research was 

performed, gases’ composition was determined. Degree of organic 

removal from electronic scrap grows with increasing of roast’s 

temperature and duration, according with experimental data. Full 

combustion (removal degree ~100%) of organic is obtained at 

700 °С roast during 2 hours. 

The main reactions of electronic scrap roast are polyethylene, 

polystyrene and polyvinyl chloride burning: 

 (C2H4)n + 3nO2 = 2nCO2 + 2nH2O 

 (C8H8)n + 10nO2 = 8nCO2 + 4nH2O  

 (C2H3Cl)n + 4,5nO2 = 2nCO2 + nH2O + nHCl 

After electronic scrap roast powder-gas phase contains tin, tin 

and carbon oxide, lead, lead oxides, zinc, probably gallium and 

indium, zinc oxide, gold, silver, benzene, aldehydes, ketones, 

dioane, isoprene, phenol, cyclohexanol, chloric, aliphatic, 

heterocyclic and aromatic hydrocarbons. List of the most toxic 

agents is represented in table. 

 

Table 1 – toxic agents 

Agent Content, % Maximum permissible 
concentration, mg/m3

Class of danger 

1,4 dioane 15,00 0,100 1 
acetonitrile 9,00 10,000 2 
ethylbenzene 8,70 1,000 − 
styrene 9,30 5,000 − 
chlorine 9,86 0,100 2 
phosgene 8,00 <0,010 1 
inorganic dust with SiO2  6,10 0,500 3 
carbon oxide 34,00 5,000 4 
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lead 0,05 0,003 1 
tin 0,01 0,050 5 

 

 

 

Gases after roast process are cleaned of noxious and toxic 

agents up to maximum permissible concentration by special 

technology. 

Smelting of electronic scrap after it’s roast with copper collector 

allows to consolidate precious and non-ferrous metals in metal 

phase. Manufacturability and efficiency of copper collector 

smelting essentially depends on slag’s composition and 

physicochemical properties, particularly on viscosity. Slag’s 

viscosity in dependence of temperature and composition has been 

studied (based on system SiO2-FeO-Na2O-CaO-В2О3). 

Based on this study it was concluded, that sodium silicate slags 

are preferable for electronic scrap smelting, due to lower viscosity 

and aggressivity. 

According with obtained data about slag’s composition and 

properties, influence of collector’s amount on gold extraction 

during smelting has been studied. It was found, that increasing of 

gold extraction degree from 55 % to 98,5 % occurs with collector’s 

amount growth from 1 % up to 25 %. Gold distribution coefficient 

in copper is constant, but more copper can dissolve in significant 

amount of collector. In this case it should not increase the amount 

of copper, because of increased losses of copper with slag. Optimal 

ratio between scrap and collector is in range 100:(14-20). 

Gold content in electronic scrap is quite low and is about 100 g 

per ton, after single melt gold concentration in copper can make 

~0,08%. It’s unreasonable to process alloy with such gold 

concentration. As already noted, it is efficiently to use copper 

collector iteratively. As a result, gold content in copper increases up 

to several percent. After fourfold turn of copper collector gold 

content grows to 1,3 %, silver – 7,1 %, platinum – 0,9 %, palladium 

– 0,3 %. Gold extraction degree in four stages was 96 %, silver – 

92 %, platinum and palladium – 93 %. 

When melting conditions of different types of electronic scrap 

with copper collector was being studied, it had been found that 

presence of carbon in charge has significant influence on character 

of melt process. It was shown, that in the one hand carbon 

concentration shouldn’t be high, because oxidizing ambient is 

necessary for contained iron oxidation. In the other hand carbon 

concentration shouldn’t be too low, to prevent copper oxidation. 

According to this, in the beginning of melt oxidizing ambient is 

kept, and in the end of process atmosphere is turned to slightly 

reducing state. 

Impact of air blowing has been studied for more complete 

removal of impurities from obtained allow. Smelting was carried 

out at 1320-1350 °C. Duration of air blow was 15, 30, 45 and 60 

minutes. It was found, that increasing of blow duration from 15 to 

60 minutes with constant rate brings to increasing gold content in 

copper up to 2 %. Further growth of duration over 60 minutes don’t 

have influence on copper content in alloy, but brings to growth of 

total copper losses with slags. 

 

4. Conclusion. 

Requirement of preliminary roast to remove and recycle gases 

from organic combusting are shown. Roast provides reduce of 

melting material’s volume up to 30 % and allows significant 

increasing of smelt equipment’s productivity. Due to preliminary 

roast some technical difficulties with material’s effervescence and 

ejection has been obviated. 

Physicochemical theory and technology of smelting has been 

developed. Optimal slag composition allows raising precious 

metals’ degree of extraction up to 89-99 %, decreasing losses of 

copper with slags up to 0,4 % and preventing losses of platinum 

metals by concentrating it in copper collector. 

It was found, that optimal duration of smelting is 2 hours and 

temperature is 1250 °С. Raw and flux ratio should be in range from 

1:1 to 1:4. 

The proposed technology has been passed pilot testing at 

Shchelkovo Factory of Secondary Precious Metals 
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Abstract: Secondary AlZn10Si8Mg (UNIFONT® - 90) cast alloy are used for engine and vehicle constructions, hydraulic unit and 
mould making without the need of heat treatment because this alloy is self-hardening. Mechanical properties depend upon the 
morphologies, type and distribution of the intermetallic phases. It is therefore important to study the intermetallic phases occurring in 
the secondary Al-alloys, where they found more than in the primary-Al alloys. Study of intermetallic phases in the alloy was performed 
on an optical microscope using classical etching techniques to invocation black - white contrast as well as unconventional methods for 
invocation colour contrast to the observed surface of the material. Another unconventional method of etching is called deep etching with 
concentrated HCl. Deep-etching consist of dissolving the alpha-matrix in the reagent and than we are able to see the 3D morphology of 
eutectic Si particles and intermetallic phases. 

Keywords: SECONDARY ALUMINIUM CAST ALLOY, MICROSTRUCTURE, INTERMETALLIC PHASES, ETCHING 

 

1. Introduction 
Aluminium is a young metal, having only been produced 

commercially for 153 years. Despite the fact that copper, lead and 
tin have been in use for thousands of years, today more aluminium 
is produced than all other non-ferrous metals combined. Its unique 
combination of properties makes it suitable for myriad applications. 
It has become the world's second most used metal after steel. 
Production of primary and secondary aluminium globally constantly 
increasing and the global aluminium industry has therefore 
developed a four-pronged voluntary strategy to meet the challenges 
of climate change, which encompasses the full lifecycle of 
aluminium from production, to primary use, to recycling and reuse: 
1. Reduce greenhouse gas emissions from aluminium production;  
2. Increase energy efficiency in aluminium production; 3. Maximize 
used-product collection, recycling and reuse; 4. Promote the light 
weighting of vehicles [1].  

The remelting of recycled metal saves almost 95 % of the 
energy needed to produce prime aluminium from ore, and, thus, 
triggers associated reductions in pollution and greenhouse 
emissions from mining, ore refining, and melting. Increasing the use 
of recycled metal is also quite important from an ecological 
standpoint, since producing aluminium by recycling creates only 
about 5 % as much CO2 as by primary production [2-4]. Recycled 
Al-Zn-Si casting alloys can often be used directly in new cast 
products for automotive industry, mechanical engineering, in 
hydraulic castings, textile machinery parts, cable car components, 
mould construction or big parts without heat treatment [5]. 

Generally, the mechanical and microstructural properties of 
aluminium cast alloys are dependent on the composition; melt 
treatment conditions, solidification rate, casting process. The 
mechanical properties of Al-Zn-Si alloys depend, besides the Zn, Si, 
Mg and Fe-content, more on the distribution and the shape of the 
silicon particles [6]. The presence of additional elements in the  
Al-Zn-Si alloys allows many complex intermetallic phases of which 
may have different morphology and configuration.  

The various of etching techniques such as development of 
black-white contrast, the colour or deep etching susceptible to know 
the morphology, size distribution and intermetallic phases in these 
alloys. The Manual of etching and foreign literature contributory to 
find a suitable etchant, which is action on the surface of 
metallographic sample, evoked a chemical reaction of material and 
etchant. This process visualizes the microstructure of material with 
different intermetallic phases. Experimental work also using the 
available techniques for observing on the optical microscope (for 
example polarized light) and SEM (for example detection of 
backscattered electrons (BSE), which also provides new 
information in observation on the structure of the material. This 
work is focused on study of microstructure and its intermetallic 

phases of AlZn10Si8Mg cast alloy with various techniques of 
etching. 

2. Experimental material 
As an experimental material was used secondary (scrap-based - 

recycled) unmodified AlZn10Si8Mg cast alloy (UNIFONT® - 90) 
with very good casting properties, good wear resistance, low 
thermal expansion and very good machining [5, 7].  

Test bars (ø 20 mm with length 300 mm) were produced by 
process sand casting in foundry UNEKO, s.r.o., Zátor, Ltd. Czech 
Republic. The melt was not modified or refined. Chemical 
composition of the alloy is present in Table 1. The mechanical 
properties of the sand casting alloy AlZn10Si8Mg are: tensile 
strength 220-250 MPa, yield strength 190-230 MPa, elongation  
1-2 %, Brinell hardness 90-100 HB. 

Table 1: Chemical composition of AlZn10Si8Mg alloy (wt. %) 

Zn Si Mg Mn 
9.6 8.64 0.452 0.181 
Cu Fe Ca Ni 

0.005 0.1143 0.0002 0.0022 
Cr Hg Ti Cd 

0.0014 0.0006 0.0622 0.0001 
Bi P Sb Al 

0.0003 0.0001 0.0007 rest. 

AlZn10Si8Mg cast alloy is a self-hardening alloy that is 
particularly used when good strength values are required without 
the need for heat treatment. Self-hardening starts when the castings 
are removed from the mould and the final mechanical properties are 
achieved after storage of approximately 7 to 10 days at room 
temperature. In the process of thin-walled castings self-hardening 
completed after 7 days and the thick-walled castings after 10 days 
[7].  

3. Experimental work 
Controlling the microstructure during solidification is, 

therefore, very important. The Al-Zn-Si eutectic and intermetallic 
phases form during the final stage of the solidification. How the 
eutectic nucleates and grows have been shown to have an effect on 
the formation of defects such as porosity and microporosity too. 
The defects, the morphology of eutectic and the morphology of 
intermetallic phases have an important effect on the ultimate 
mechanical properties of the casting. 

Metallographic samples were prepared from selected specimens 
for bending impact toughness test (after testing) and the 
microstructures were examined by optical microscopy (Neophot 32) 
and scanning electron microscopy - SEM (VEGA LMU II). As-cast 
and laser treated specimens were sectioned and prepared by 
standards metallographic procedures (mounting in bakelite, wet 
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ground, DP polished with diamond pastes, finally polished with 
commercial fine silica slurry (STRUERS OP-U) and etched by 
different etchants [8]. 

The microstructure of scrap-based - recycled AlZn10Si8Mg cast 
alloy, consist of primary phase (α-solid solution), eutectic (mixture 
of α-matrix and fine spherical silicon particles) and variously type’s 
intermetallic phases, Fig. 1a, as a Chinese script, respectively 
skeleton-like phase - Mg2Si, oval round like particles Al2CuMg, 
long thin needles - Fe-rich phase - AlFeMnSi, sharp-edged or 
rounded particles - AlFeMnSiNi and ternary eutectic Al-MgZn2-
Cu), Fig. 1b. Typical microstructures, in non etched state, of the  
as-cast alloy are shown in Fig. 1b. The α-matrix precipitates from 
the liquid as the primary phase in the form of dendrites and is 
nominally comprised of Al and Zn. SDAS factor (secondary 
dendrite arm spacing) was 64.65 mm [8]. 

 
a) as-cast state 

 
b) intermetallic phases 

Fig. 1 Microstructure of the AlZn10Si8Mg cast alloy, no etching 

Series of practical guides for etchants and etching methods of 
classical aluminium alloys of castings, which are used of distinguish 
the structural components of black-white contrast, describes in more 
detail techniques of etching. 

3.1 Observation by black-white contrast 

Representative samples of the as-cast state (1.5 cm x 1.5 cm) 
were etched by standard black-white reagents (0.5 % HF, Fuss,  
Dix-Keller, and H2SO4), Table 2. 

Table 2: Etchant to evocation the black-white contrast 

Black-white contrast 
Etchant 0.5 % HF Fuss Dix-Keller H2SO4 

Time of etching 10 s 10 s 15 s 30 s by 70 °C 

After classic black-white etching was in the structure observed 
the α-phase - light areas, dark grey particles of different 
morphology (round like particles, Chinese script, long thing 

needles), Fig. 1a. α-phase and dark gray particles were shown about 
equally by used etchant. The H2SO4 pointed the most intensive 
phases of needles to black colour. Other etchants colours these 
needles to light gray. Other etchants coloured these needles to light 
gray colour. Etchant Fuss and Dix-Keller partially etch the matrix. 
HF etchant enabled distinguish two phases in the shape of Chinese 
script (phase stained blue or black). As the practical experience with 
different etchant and photographic documentation of Fig. 2, as best 
suited for documenting the cast state, making the best resolution of 
types occurring phases appear etchant Fuss and 0.5 % HF. 

  
Fuss H2SO4 

  
0.5 % HF Dix-Keller 

Fig. 2 Microstructure of AlZn10Si8Mg alloy, application of black-white 
etchant 

3.2 Observation by colour contrast  

The etchant for produce black-white contrast always cannot 
achieve adequate contrast between the phases be present. Necessary 
to resolution is achieved by applying unconventional etching 
techniques such as: colour etching and deep etching. Etchant to 
produce colour contrast are shown in table 3. 

Table 3 Etchant to evocation the colour contrast 

Colour contrast 
Etchant Weck-Al Ammonium molybdate Murakami 

Time of etching 15 s. 4 min. 20 s. 

By etchant Weck-Al (Fig. 3) is quite difficult to choose a 
suitable etching time (in literature, it is recommended 5 to 45 
seconds, which is quite a long time interval). Degree of etching 
samples are checked visually, if the surface is buff coloured to 
consider the etched sample. By this etching should be pale 
intermetallic phases, Fig. 3a. In Fig. 3b is shown much etched 
microstructure. Effect of Murakami etchant (Fig. 3) was very 
similar to the applied etchant Dix-Keller, which is strongly etched 
the matrix and the contrast has been achieved, ensuring the quality 
of identification of phases. The assessment shows that the etchant is 
not in colour etching alloy AlZn10Si8Mg appropriate. 

To correct the etched sample surface etchant ammonium 
molybdate, (Fig. 3), consider that on which creates a bluish veil. 
Intermetallic phases should be brown or light gray. Even 
experimenting with different etching time could not be achieved 
bluish discoloration of rounded particles in eutectic. Intermetallic 
phases will always be brown or light gray. 

α - phase 

eutectic 

α - phase 
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Weck-Al Weck-Al (very etched) 

  
Murakami Ammonium molybdate 

Fig. 3 Microstructure of AlZn10Si8Mg alloy, colour contrast 

As is results from practical experience of the individual colour 
etchant and photo-documentation of Fig. 3, as best suited for 
documenting the cast state, making the best resolution of types 
occurring phases, it seems etchant Weck-Al. 

3.3 SEM observation 

Form and distribution of intermetallic phases are determined 
from 100 to 1000 magnification (size evaluated by staff). Secondary 
phases are characterized by the chemical formula, for example 
AlFeMnSi, unless the formula is known, describe the abstract 
elements contained [9, 10]. The various phases reported in this work 
were identified using scanning electron microscope VEGA LMU II 
linked to the energy dispersive X-ray spectroscopy (EDX analyzer 
Brucker Quantax). All phases were analyzed by EDX technique 
[11].  

Use of the detectors, which are part of SEM, enables us to 
accurately identify the different structural components (Fig. 4) of 
the sample surface metallographic sections. EDX analysis (surface 
analysis or in foreign literature - mapping) was applied of samples 
etched 0.5 % HF etchant. Phases mapping are documented in Fig. 5 
and Fig. 6. Analysis shows that the basic structure of the alloy is 
formed from: α-phase (solid solution of Zn in Al) and eutectic - 
dark gray crystals Si in α- phase (Fig. 5). Silicon particles are like 
small grains of poorly rounded, thickened grains were observed on 
the periphery of dendrites α-phase.  

Intermetallic phases observed by SEM were on the basis of 
(Fig. 4) [11]: 

• Copper - phase Al2CuMg; 

• Iron - phases AlFeMnSi, AlFeMnMgSi or AlFeMnNi; 

• Magnesium - Mg2Si; 

• Zinc - MgZn2 (in ternary eutectic Al-MgZn2-Cu). 

Using electron microscopy observation was also identified 
compact oval-shaped areas, ternary eutectic Al-MgZn2-Cu phase 
(Fig. 6), which of an optical microscope was not observed. 

Small rounded particles were identified as light phase, oval 
Al2CuMg and services are likely Al-MgZn2-Cu ternary eutectics 
[8]. 

 
Fig. 4 Microstructure of AlZn10Si8Mg alloy, 0.5 % HF, SEM 

  

Fig. 5 Mapping of AlZn10Si8Mg alloy, as-cast state 

 
Fig. 6 Mapping of phase Al-MgZn2-Cu 

3.4 Deep etching 

The specimen preparation procedure for deep-etching consists 
of dissolving the aluminium matrix in a reagent [9] that will not 
attack the eutectic components or intermetallic phases. The 
residuals of the etching products should be removed by intensive 
rinsing in alcohol. The preliminary preparation of the specimen is 
not necessary, but removing the superficial deformed or 
contaminated layer can shorten the process. Some samples were 
also deep-etched for 10 s in HCl solution in order to reveal the 
three-dimensional morphology of the silicon phase (Fig. 7a, b) [12, 
13]. 

Silicon crystals observed in the metallographic plane cut as 
poorly rounded grains of smaller and larger sizes. After deep 
etching (Fig. 7c) we can see that the silicon is crystallized in the 
form of bars, which grow clusters from a single nucleating site. 3-D 
form bars corresponds metallographic sections, i.e. bunchy in the 
middle of the arrangement prevailing fine round bars and outwards, 
we see increased incidence of so called plate type with typical 
hexagonal shape, characteristic for the modified alloys (Fig. 7d). 
These plates of crystals having cranked arrangement of silicon 
wafers, we observe Si-plate plates under large angle [9]. 

 

Mg Al Zn 

Fe 

Mn 

Si Cu 
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a) b) 

  
c) d) 

Fig. 7 Microstructure of silicon particles after deep etching, HCl, SEM 
 
Morphology of the iron intermetallic phases occurring in the 

alloy after deep etching is documented in Fig. 8. AlFeMnSi phase, 
observed on metallographic sections oriented to different needles, to 
form very thin plates and was observed primarily in the immediate 
vicinity of casting defects such as cavities and bubbles. 

 

  

 

Fig. 8 Microstructure of AlFeMnSi 
phase, HCl, SEM 

 

4. Conclusion 
In this paper was evaluated the microstructure of the alloy 

AlZn10Si8Mg using different etching techniques. The structure of 
the alloy in the as-cast state is composed of α-solid solution, 
eutectic and various intermetallic phases.  

Black-white contrast defines the distinction between matrix (α-
solid solution) and eutectic (mixture of α-matrix and fine spherical 
silicon particles). To identify the intermetallic phases was achieved 
by highlighting the biggest differences between the phases using the 
etchant Fuss and 0.5 % HF. 

Colour contrast was to highlight the different phases of multiple 
colour tones. The most significant changes were achieved of Weck-
Al etchant (the Chinese script phase - the Mg2Si colours to black, 
copper phase in the form of oval round like grains were pale gray, 
etc.).  

SEM observations on the structure identified ternary eutectics 
type Al-MgZn2-Cu and iron phase AlFeMnNi that the observation 
of optical microscopes was not identified. In identifying the type of 
phase was used EDX analysis techniques. The results of the facial 
mapping and chemical composition were determined types of 
phases.  

3D morphology of Si particles as well as some intermetallic 
phases was observed after deep etching.  

It is important to have a properly prepared surface of sample for 
all types of etchant and it is very important to follow the proper 
etching time to achieve the desired highlight the structure of the 
material.  
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EFFECT OF CHEMICAL COMPOSITION OF SECONDARY Al-Si CAST ALLOY 
ON INTERMETALLIC PHASES. 
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Abstract: Using Al-Si cast alloys in automotive industry also for manufacturing purposes is profitable in many aspects. These alloys are 
important, because reduce vehicle weight also because their good fluidity and corrosion resistance. The contribution describes effect of 
chemical composition of Al-Si cast alloy on intermetallic phases. Controlling the microstructure is very important, because intermetallic 
phases affecting mechanical and fatigue properties. Rate of affecting depends on size, volume and morphology these phases. Formation 
of intermetallic phases depending on chemical composition we studied with combination different analytical techniques (light 
microscopy upon black-white and colours etching, scanning electron microscopy (SEM) upon deep etching and energy dispersive X-ray 
analysis (EDX). For the study were used secondary AlSi9Cu3, AlSi8Zn10Mg and AlSi12Cu1Fe cast alloys. Changes of chemical 
composition of Al-Si cast alloys led to formation different intermetallic phases in these cast alloys.  

Keywords: RECYCLED Al-Si CAST ALLOY, INTERMETALLIC PHASES, EDX ANALYSIS 

 

1. Introduction 
The automotive and aircraft industrial needs led to increasing 

application of Al-Si cast alloys thanks to the great potential of these 
materials as replacements for heavier materials (steel, cast iron or 
copper) [1, 2]. Aluminium alloys are ideal materials to replace in 
the car thanks good formability, good corrosion resistance, high 
strength stiffness to weight ratio and recycling possibilities [3].  

In recent years, however, the plenty of waste of aluminium 
alloys increase, therefore as replacing primary alloys are secondary 
(recycled) aluminium alloys used. Application of secondary 
aluminium alloys is important, because the production of primary 
aluminium alloys consume about 45 kWh/kg of metal and the 
production of secondary only about 2.8 kWh/kg of metal. It is to the 
aluminium industry’s advantage to maximize the amount of 
recycled metal, for both the energy-savings and the reduction of 
dependence upon overseas sources. The remelting of recycled metal 
saves almost 95 % of the energy needed to produce prime 
aluminium from ore, and, thus, triggers associated reductions in 
pollution and greenhouse emissions from mining, ore refining, and 
melting. Increasing the use of recycled metal is quite important 
from an ecological standpoint, since producing aluminium by 
recycling creates only about 5 % as much CO2 as by primary 
production [4-6]. Utilization of secondary aluminium alloys 
increase in recent years also due to their comparable properties with 
primary aluminium alloys [7].  

Due to the increasing utilization of recycled aluminium cast 
alloys the necessity for strict microstructural control arises to 
remove the deleterious impact of impurity elements; which is 
considered to impair the overall properties of Al-Si based casting 
alloys. By implementing adaptable alloying- and process 
technology, the mechanical properties will therefore be radically 
enhanced, leading to larger application fields of complex cast 
aluminium components such as safety details. Generally, the 
mechanical and microstructural properties of aluminium cast alloys 
are dependent on the composition; melt treatment conditions, 
solidification rate, casting process and the applied thermal 
treatment. The mechanical properties of Al-Si alloys depend, 
besides the Si, Cu, Mg and Fe-content, more on the distribution and 
the shape of the silicon particles [8]. The presence of additional 
elements in the Al-Si alloys allows many complex intermetallic 
phases to form. Iron is one of the most undesirable impurities, 
which is very common in recycled aluminium alloys [8-11]. It is 
well known that an excess amount of iron in Al-Si casting alloys 
can lead to the formation of the Al5FeSi intermetallic with 
monoclinic crystal structure (the β phase). Al5FeSi phases 
precipitates in the interdendritic and intergranular regions as 
platelets. Al5FeSi needles are more unwanted, because adversely 
affect mechanical properties, especially ductility. The deleterious 
effect of Al5FeSi can be reduced by increasing the cooling rate, 
superheating the molten metal, or by the addition of a suitable 

“neutralizer” like Mn, Co, Cr, Ni, V, Mo and Be. The most 
common addition has been Mn. Excess Mn may reduce Al5FeSi 
phase and promote formation Fe-rich phases Al15(FeMn)3Si2 (know 
as alpha- or α-phase) in form „skeleton like“ or in form „Chinese 
script“ [2,9,11,12]. If Mg is also present with Si, an alternative 
called pi-or π-phase can form, Al5Si6Mg8Fe2. Al5Si6Mg8Fe2 has 
script-like morphology.  

Addition of Mg and Cu led to formation binary intermetallic 
phases (e.g. Mg2Si, Al2Cu), ternary phases (e.g. Al2CuMg) and 
quaternary phases (e.g. Al5Cu2Mg8Si6) [13,14], all of which may 
have some solubility for additional elements.  

The present study is a part of larger research project, which was 
conducted to investigate and to provide a better understanding 
microstructure quality control of secondary (recycled) Al-Si cast 
alloy. A combination different analytical techniques (light 
microscopy upon black-white and colour etching, scanning electron 
microscopy (SEM) upon deep etching and energy dispersive X-ray 
analysis (EDX)) were therefore been used for the identification of 
the various phases. 

2. Secondary Al-Si cast alloys 
Secondary alloys (prepared by recycling of aluminium scrap) 

AlSi9Cu3 and AlSi12Cu1Fe were received in the form of 12.5 kg 
ingots. Experimental material was molten into the chill (chill 
casting). The melting temperature was maintained at 760 °C ± 5 °C. 
Molten metal was before casting purified with salt AlCu4B6 and 
was not modified or grain refined.  

Table 1: Chemical composition of alloys (wt %). 
Materials 
Elements AlSi9Cu3 AlSi12Cu1Fe AlSi8Zn10Mg 

Si 9.4 12.5 8.64 
Cu 2.4 0.85 0.005 
Mn 0.24 0.245 0.181 
Mg 0.28 0.347 0.452 
Zn 1 0.42 9.6 
Ni 0.05 0.039 0.0022 
Fe 0.9 0.692 0.1143 
Pb 0.09 0.055 - 
Ti 0.04 0.026 0.0622 
Cr 0.04 0.023 0.0014 
Sn 0.03 0.01 - 
Hg - - 0.0006 
Ca - 0.001 0.0002 
Cd - - 0.0001 
Bi - - 0.0003 
P - - 0.0001 
Sb - - 0.0007 
Al rest rest rest 

Experimental material AlSi8Zn10Mg were received in the form 
test bars (ø 20 mm with length 300 mm); produced by process sand 

23



casting. The melt was not modified or grain refined. The chemical 
composition of experimental materials shows table 1. 

Secondary hypoeutectic aluminium cast alloys - AlSi9Cu3 
belongs to materials, which are used in automotive industry for 
dynamic exposed cast, engine parts, cylinder heads, pistons and so 
on [15]. AlSi12Cu1Fe alloys are secondary eutectic materials, that 
are used for complex shape casting, thin-walled casting, pistons for 
rotors, compressor etc. [16, 17]. Recycled AlSi8Zn10Mg casting 
alloys can often be used directly in new cast products for 
mechanical engineering, in hydraulic castings, textile machinery 
parts, cable car components, mould construction or big parts 
without heat treatment [12]. 

3. Experimental work, results and discussions 
The microstructures of experimental material was studied using 

light microscope Neophot 32 and SEM observation with EDX 
analysis using scanning electron microscope VEGA LMU II linked 
to the energy dispersive X-ray spectroscopy (EDX analyzer Brucker 
Quantax).  

Samples for metallographic observations (1.5 cm x 1.5 cm) 
were prepared (wet ground, polished with diamond pastes, finally 
polished with commercial fine silica slurry - STRUERS OP-U) by 
standards metallographic procedures. For study on light microscope 
Neophot 32 were samples non-etched, than etched by standard 
reagent (Dix-Keller, H2SO4, HNO3, HF) and next by colours 
reagent (Weck-Al, Fuss) [17,18]. Samples for metallographic 
observations by using scanning electron microscope were etched 
with reagent HF.  

Some samples were also in order to reveal the three-
dimensional morphology of the silicon phase and intermetallic 
phases deep-etched for 30 s in HCl solution [17]. The specimen 
preparation procedure for deep-etching consists of dissolving the 
aluminium matrix in a reagent that will not attack the eutectic 
components or intermetallic phases. The residuals of the etching 
products should be removed by intensive rinsing in alcohol. The 
preliminary preparation of the specimen is not necessary, but 
removing the superficial deformed or contaminated layer can 
shorten the process. In that prepared samples were phase’s analyzed 
by EDX technique on scanning electron microscope VEGA LMU 
II.  

Alloying elements such as Cu, Fe, Mn, Mg and Zn are added 
either undeliberately, or they are added deliberately to provide 
special material properties. These elements partly go into solid 
solution in the matrix and partly form intermetallic particles during 
solidification. Controlling the microstructure during solidification 
is, therefore, very important. Of primary importance are dendrite 
cell size or dendrite arm spacing, the form and distribution of 
microstructural phases (eutectic structure, the size, volume and 
distribution of intermetallics) and grain size. The defects, the 
morphology of eutectic and the morphology of intermetallic phases, 
as was already mentioned, have an important effect on the ultimate 
mechanical properties of the casting [17, 19-20]. 

3.1. Microstructural control of AlSi9Cu3 cast alloy 

Typical microstructure of the as-cast AlSi9Cu3 alloys, which 
was observed on light microscope, shows Fig. 1. The microstructure 
of recycled AlSi9Cu3 cast alloy consists of dendrites α-phase (light 
grey - a), eutectic (mixture of α-matrix and spherical dark grey Si-
phases - b) and variously type’s intermetallic phases (c- Cu-rich, d - 
Fe-rich).  

In experimental recycled AlSi9Cu3 cast alloy that contains less 
than 0.9 % of Fe and 0.24 % Mn (is executed the ratio Fe:Mn = 2:1) 
were mostly Fe-rich intermetallic phases - Al15(FeMn)3Si2  present. 
This phase has a compact skeleton-like morphology (Fig. 2a). From 
intermetallic phases on base Cu was in AlSi9Cu3 cast alloy 
observed Al2Cu phase. Al2Cu with tetragonal crystal structure 
precipitates in two distinct morphologies: in the form of blocky 
phase (Fig. 2b) with high copper concentration ∼38 - 40 % Cu and 
first of all as fine spheroidal Al-Al2Cu-Si ternary eutectic - Fig. 2c. 

 

Fig. 1 Microstructure of secondary AlSi9Cu3 alloy,  
etch. Dix-Keller 

 

   

a) Al15(FeMn)3Si2 b) Al2Cu c) Al-Al2Cu-Si 

Fig. 2 Intermetallic phases in recycled AlSi9Cu3 cast alloy, etch. HF 

For better identification the structure of secondary AlSi9Cu3 
cast alloy was scanning electron microscope used. SEM 
observations with EDX analysis (combination of identification 
chemical data of each phase with mapping) have been combined to 
produce a simple method for phase identification. X-ray 
microanalysis of the chemical composition with modern SEM 
systems is a very useful technique in microstructural analysis of 
selected microregions of the specimen. Most SEMs in modern 
metallographic laboratories is equipped with x-ray analyzers of 
either the energy-dispersion spectrum (EDX). Due to the strictly 
localized interference of the electron beam and specimen material, 
the identification of the chosen particular phase precipitates may be 
carried out. This facility is of great importance in the case of Al-Si 
alloys, when the intermetallic phases have similar morphology and 
colour during observation under the metallographic light 
microscope. In this situation, X-ray microanalysis is an easy and 
repeatable method to unequivocally verify the phase composition of 
the alloy. The EDX mode of x-ray microanalysis gives fast 
measurements of the local chemical composition results.  

 
 

a) SEM image of phases b) mapping 

Fig. 3 EDX phase analysis in AlSi9Cu3 cast alloy, etch HF 

Fig. 3 shows typical example: a SEM image and X-ray mapping 
of the microstructure of phases in secondary AlSi9Cu3 cast alloy. 

c 

c 

d 

a 
b 
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The EDX analysis revealed that the identified Cu-rich and Fe-rich 
intermetallic phases by using light microscopy are really 
intermetallic phases: Al15(FeMn)3Si2, Al5FeSi, Al2Cu, Al-Al2Cu-Si.  

3.2. Microstructural control of AlSi12Cu1Fe cast alloy 

In the experimental cast alloy AlSi12Cu1Fe (Fig. 4), which has 
12.5 % Si, structure consists of eutectics (eutectic Si in α-phase - a), 
primary Si particles (b) and intermetallic phases (c). It is necessary 
to achieve maximum performance casting mainly affect the 
morphology of eutectic silicon, which is excreted in the form of 
large needles [9]. 

 

Fig. 4 Microstructure of secondary AlSi12Cu1Fe alloy, etch. Dix-Keller 

In experimental cast samples of AlSi12Cu1Fe cast alloy were 
Fe-rich intermetallic phases - Al(FeMn)Si, Al(FeMnMg)Si with 
skeleton-like morphology (Fig. 5a), Al5FeSi in form needles (Fig. 
5a) and Al(FeMg)Si in form massive particles (Fig. 5b) present. 
From intermetallic phases on base Cu was in AlSi12Cu1Fe cast 
alloy observed Al2Cu phase. Al2Cu with tetragonal crystal structure 
precipitates in two distinct morphologies: in the form of blocky 
phase and first of all as fine spheroidal Al-Al2Cu-Si ternary eutectic 
- Fig. 5b. From Mg intermetallic phases were observed intermetallic 
phases in form small spherical particles - Mg2Si (Fig. 5c). 

 

 

 

a) 1-Al(FeMn)Si,  
2-Al5FeSi 

b) 1-Al-Al2Cu-Si, 
 2- Al(FeMg)Si 

c) Mg2Si 

Fig. 5 Intermetallic phases in recycled AlSi12Cu1Fe cast alloy, etch. H2SO4 
 

 

Fig. 6 Line X-ray analysis of intermetallic phases in AlSi12Cu1Fe cast alloy 

To confirm of individual types of intermetallic phases were 
besides X-ray mapping the line X-ray and the point X-ray analysis 
used.  

Fig. 6 shows the line X-ray analysis of intermetallic phases 
Al5FeSi (white) and Al(FeMnMg)Si (black) in AlSi12Cu1Fe cast 
alloy. It can be seen, that logway of line is in structure Al, Si, Fe, 
Mn and Mg. This Figure shows for example, that in the place where 
is Al5FeSi phase increasing the content of Al, Si and Fe and 
decrease the content of Mg, because Mg is in another phase 
(Al(FeMnMg)Si). 

3.3. Microstructural control of AlSi8Zn10Mg cast alloy 

The microstructure of recycled AlZn10Si8Mg cast alloy 
consists of a primary phase, α-solid solution, a eutectic mixture of 
α-matrix and spherical phases (probably silicon) and variously 
type’s intermetallic phases (Fig. 7). The α-matrix precipitates from 
the liquid as the primary phase in the form of dendrites and is 
nominally comprised of Al and Zn. 

 

Fig. 7 Microstructure of secondary AlSi8Zn10Mg alloy, etch. Fuss 

In this aluminium alloy besides the intentional additions, metals 
such as Mg, Fe, Mn and Cu are always present. Even not large 
amount of these impurities causes the formation of a new phase 
component. The exact composition of the alloy and the casting 
condition will directly influence the selection and volume fraction 
of intermetallic phases. Fig. 8 shows tree types of intermetallic 
compounds. These intermetallic particles had different 
morphologies, such as oval (Fig. 8a), skeleton- or script-like or 
“Chinese script” (Fig. 8b) and platelet or needles too (Fig. 8c).  

 

  

a) Al2CuMg b) Mg2Si c) AlFeMn 

Fig. 8 Intermetallic phases in recycled AlSi8Zn10Mg cast alloy,  
etch. Weck-Al 

Than we use point X-ray analysis for better identification of 
intermetallic phases. Fig. 9 shows the point X-ray analysis of 
intermetallic phases in AlSi8Zn10Mg cast alloy. This Figure shows, 
that in the place where is point increasing the peak of Mn, Fe, Ni, 
Cu and Zn content so we can say, that this phase is AlFeMnMgNi.  

In that morphology of Si particles and intermetallic phases has a 
great influence on properties of Al-Si cast alloys is necessary 3D 
morphology of these structural parameters study. Fig. 10 shows the 
3D morphology of eutectic silicon observed by SEM on the deep-
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etched samples. Experimental cast samples were not modified or 
grain refined so eutectic silicon is in AlSi9Cu3 and AlSi12Cu1Fe 
cast alloys in form platelets (Fig. 10a, b).  

 

Fig. 9 Point  X-ray analysis of intermetallic phases in AlSi8Zn10Mg  cast alloy 

By cast alloy AlSi8Zn10Mg silicon phase exhibits a typical fine 
and rosette-like, rather than plate-like form (Fig. 10c). The centre of 
a rosette could be the centre of a eutectic cell/grain, indicating the 
nucleation of the eutectic phases could be independent to the 
surrounding primary α-aluminium dendrites.  

   

a )  AlSi9Cu3 alloy  b)  AlSi12Cu1Fe alloy c) AlSi8Zn10Mg alloy 

Fig. 7 3D morphology of eutectic Si, deep etched, SEM 

4. Conclusion 
The studies of microstructure of secondary cast aluminium 

alloys are very important, because metal quality is for control and 
prediction of casting characteristics necessities. The results of 
optical and scanning electron microscope studies of recycled 
(secondary) Al-Si cast alloys are summarized as follows:  

The secondary cast alloys used in this study possessed a 
complex as-cast microstructure. By using various instruments (light 
microscopy, SEM) and techniques (black-white, colour etching, 
Differential interference contrast and deep etching, EDX analysis) a 
wide range of intermetallic phases were identified.  

The microstructural analyses show that all of the alloying 
element form intermetallic phases. Fe enters the intermetallic 
phases regardless of its concentration in the alloy. Mn usually is 
present in the Fe-containing phases and often substitutes part of Fe. 
Cu makes the intermetallic phases form more compact. Mg forms 
intermetallic phases with Si or Cu. Cu makes the intermetallic 
phases form more compact, Mg skeleton -like and Fe needle-like. 

Si is present a typical platelet-like (in AlSi9Cu3 and 
AlSi12Cu1Fe) or fine rosette-, rather than plate-like form (in 
AlSi8Zn10Mg). 

This study shows, that only small changes of addition elements 
causes the secretion of different intermetallic phases in structure 
and therefore is very necessary the microstructure control of Al-Si 
cast alloys.  
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THE DEFORMATION CYCLING OF THE PSEUDOELASTIC TI-NI ALLOY  
APPLIED IN CARDIOLOGY 
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Abstract :The construction of cardiac implants imposes specific requirements to the complex of mechanical and physical properties 
of involved materials. This is especially important for devices made of alloys with the shape memory effect and super-elasticity which recover 
the shape after an implant has been delivered in a compact form to the destination.  

Basing on the theoretical simulation of the implant delivery process, a schema of squeezing as well as modes of the deformation cycling 
has been designed with the aim to calculate acceptable operating conditions and predict how the mechanical properties of the material can 
change in service. It has been shown that the preliminary deformation cycling in the range of 3-4 percent provides stabilization of the whole 
complex of mechanical properties, and that guarantees the recovery of shape after implant installation. 

KEYWORDS: TI–NI; SHAPE MEMORY ALLOYS; CARDIAC IMPLANTS. 
 
1. Introduction 
The construction of cardiac implants imposes specific 

requirements to the complex of mechanical and physical properties 
of involved materials. This is especially important for medical 
devices made of alloys with the shape memory effect and 
superelasticity which are used for correcting pathologically 
expanded anatomic structures. In this case it is especially 
important to supervise the shape recovery process and mechanical 
properties both before and after a device is inserted. 

In this study it has been researched how the schema and 
value of the squeezing affect properties of an implant while it is 
being endoscopically delivered to a destination, particularly, in the 
coronary sinus of the large vena cava of the heart. An implant is 
delivered to the destination endoscopically [1] so preliminary it 
should be heavily deformed to fit into the delivery catheter.   The 
latest is possible only by using the super-elasticity effect [2]. 

 
2. Experimental Procedure 
For research, the wire from Ti 49,4-Ni 50,6 alloy with the 

shape memory effect and super-elasticity which is applied in 
surgery [3] was used. Martensitic transformation temperatures 
before and after thermo-mechanical cyclic processing have been 
studied by using the differential scanning calorimetry (DSC) 
measurement. DSC showed that the В2→R→В19’ transformation 
occurs in this alloy during cooling. During heating, the inverse 
martensitic transformation (B19’→B2) was expected according to 
the existing data [3]. However the В2→ В19’ transformation does 
not complete up to -110оС, and as the result on heating the R→В2 
transformation is also noticed. From literature, it is also known [4] 
that deformation stimulates the В2→ В19’ transformation and 
suppress the R-phase in such alloys. 

Table 1. Transformation Temperatures 
 for Ti 49,4-Ni 50,6 Alloy (by DSC) 

Temperature Мs (start 
B2R),2оС  

Temperature Мs (start 
RB19'),2оС 

Temperature Мf 

(finish RB19'),2оС
+4 -56 <-110 

Temperature As (start 
B19'B2), 2оС 

Temperature Af 
(finish B19'B2), 

2оС 

Temperature Af' 
(finish RB2), 2оС 

-33 -9 +1 
 
For the implants developed by us, the loading schema with 

total value of relative deformation equal to 4 percent was 
necessary. To simulate stress conditions of the implant in the 
delivery catheter, wire specimens of necessary diameter were 
cyclically tested for drawing using the loading-unloading schema.  
Modes of the deformation cycling (Tab. 2.) were chosen in order 
to identify the maximal values of periodic stress that the implant 
can be exposed to in the process of the delivery, to evaluate change 
of mechanical properties after the delivery, and to study possibility 
of their stabilization. 

Deformation cyclic processing was carried out in 18-70оС  
temperature range which covers temperatures of the implant usage 
as well as its sterilization. Using the received results, the  

 
 

complex of mechanical properties in process of loading that initiates 
martensitic transformation as well as in process of unloading that 
initiates the inverse transformation was determined [3]. Figure 1 
shows the procedure to determine mechanical properties in process of 
thermoelastic transformation. The effective module of elasticity of 
austenite was determined using the tangent method of a rectilinear 
site of a loading curve (ОА), an unloading curve including stress-
induced martensite (ВС), and on the site of a curve corresponding to 
completion of the inverse martensitic transformation (D’D). The 
same sites were used to measure tensile yield strength which was 
treated as the beginning of the corresponding phase transformation as 
well as to estimate the area of curves of the hysteresis characterizing 
specific dispersion of energy of transformation (for a cycle). 

Table 2. Mode of Deformation Cyclic Processing 
Deformation by 

stretching 
Temperature of the 

cycling 
Number of 

cycles 
up to 4,3% 18,23,32,50,60,70 up to 50 

 

 
Fig.1. Schema of Mechanical Properties Measurement 
DС’ – deformation after stress induced transformation 
ОD  - unrecoverable strain 
tg - The effective module of elasticity (loading) 
tg' - The effective module of elasticity (loading, start of 
transformation) 
tg  - The effective module of elasticity (unloading, finish of 
transformation) 

 
3. Results 
The deformation cycling doesn't render essential influence on 

the start and finish temperatures of transformation during either 
heating or cooling (Table 3), which corresponds the results received 
by authors [5, 6]. It can be only noticed that the temperature of the 
beginning of direct RB19' transformation slightly increased and the 
temperature of the inverse martensitic  B19'B2 transformation 
slightly decreased. Also, temperature of the peak of thermal emission 
increases at the beginning of the cycling and moves to normal as 
number of cycles grows. In view of the fact that the temperature of 
finish of the RB19' transformation was very low, the martensitic 
transformation did not complete so it was impossible to measure 
warmth of transformation, however the form of the DSC curve does 
not allow expecting essential change of this parameter during 
termocyclicing which corresponds results [5, 6]. 
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Table 3. Phase Transformations Temperatures After 
Deformation Cycling 

Temperature of the cycling, 
1оС 

18 32 70 

Number of cycles after DSC 0 6/30/50 6/30/50 
Temperature Мs (start 
B2R) , 2оС 

+4 +1/+1/+1 -1/+1/-3 

Rp –temperature of peak on 
DSC (start B2R), 2оС 

-33 -33/-30/-31 -33/-34/-31 

Temperature Мs (start 
RB19' ), 2оС 

-56 -54/-47/-58 -58/-58/-57 

Mp – temperature of peak on 
DSC (start RB19'), 2оС 

-76 -79/-80/-76 -76/-75/-76 

Temperature As (start 
B19'B2), 2оС 

-33 -38/-37/-33 -33/-33/-33 

Temperature Af (finish 
B19'B2), 2оС 

-9 -10/-7/-9 -9/-9/-9 

 
Fig.2. Change of the Specific Energy Disseminated per Stress-
Induced Transformation Cycle at Various Temperatures 

 
Fig.3. Dependence of the Phase Yield Strength on the Number of 
Cycles 

 
Fig.4. Dependence of the Tensile Yield Strength on the Start (a) and 
End (b) of Unloading on the Number of Cycles 

 
However, the deformation cycling in the specified temperature 

interval affected all parameters determined by deformation curves. 

 
Fig. 5. Change of Residual Deformation on the Number of Cycles 
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Fig.6. Dependence of the Tensile Yield Strength on the 
Temperature 
а) at loading; b)at the start of unloading; c ) at the end of 
unloading  

 
Fig. 2 shows change of the specific energy disseminated per 

a cycle during transformation induced by the deformation cycling 
process.  Apparently, the decrease in the specific disseminated 
energy speaks about the structural relaxation related to the 
mobility of inter-phase borders [7,8] which occurs in each 
subsequent cycle of transformations.  

The relaxation is greater in initial cycles, then the value of 
specific disseminated energy per a cycle becomes stable as the 
number of cycles increases. 

Results of researching characteristics of mechanical 
properties during cycling are shown on charts (Fig. 3-5). Cyclic 
tests lead to stabilization of whole complex of mechanical 
characteristics after 10-15 cycles, while the further cycling does 
not cause considerable changes.  

 

 

 
 
Fig. 7. Change of Temperature at which the Tensile Yield Strength 
Equals Zero 
а) at loading; b) at the start of unloading; c ) at the end of unloading 
 

While testing, the increase of temperature is accompanied by 
some increase of the tension which causes not elastic deformation (a 
phase yield strength 0,2 (В2 В19’)). This can be evidently 
explained by increase of the level of tension necessary for initiating 
the phase transformation. Additionally, it should be noted that at 
temperatures from +23 to +70оС the residual deformation per a cycle 
becomes equal to zero (to within 0,01 %) after 7-10 cycles, while at 
lower temperatures it is positive even after 50 cycles (Fig. 7).   

The temperature dependence of the tensile yield strength 
corresponding to the beginning and end of the phase transformation 
is of special interest and is shown on Fig.6. It can be seen that by the 
10-th cycle the tension corresponding to the start of the direct  В2 
В19’ transformation decreases, while the tensions corresponding to 
the start and finish of the inverse В19’ В2 transformation increase. 
These characteristics stabilize when the number of cycles is big. 

 
4. Discussion 
The dependence of the studied parameters on the number of 

cycles described above indicates that the structure and ways of 
movement of growing phase borders become stable to the 10th cycle 
of deformation.  It should be noted that the temperature 
corresponding to the zero value of tension on the start of В2 В19’ 
transformation (it was received by an ekstapolyatsiya of 
corresponding straight lines (Fig. 7)) grows from - 23оС to - 15оС as 
the number of cycles increases up to 10 cycles, and then becomes 
stable. It testifies that low-cyclic deformation facilitates 
transformation of the B2 phase into the В19’ phase. However, this 
property is limited by 10 cycles then the situation stabilizes. At the 
same time, DSC results show that the preliminary cyclic deformation 
tests do not affect  В19’ R transformation. 

The inverse В19’ В2 transformation during deformation also 
is facilitated by a preliminary cyclic deformation, but stabilization of 
the corresponding temperatures occurs only to the 15th cycle. The 
preliminary cycling (according to DSC) does not affect the inverse 
В19’ В2 transformation preceded by В2  R  B19’ 
transformation (refer to Tab. 3). Thus, the emergence of the R-phase, 
that is, the temperature cycling, during transformation eliminates the 
influence of the preliminary deformation cycling. Regarding the 
thermo-mechanical behavior of an implant alloy, it is the most 
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important to guarantee stability of its properties after the product 
extraction from the delivery device. The deformation cycling (not 
less than 15 cycles) allows reducing value of residual deformation 
as well as stabilizing mechanical properties of the wire made from 
the studied alloy. It is especially important when manufacturing 
implants as it guarantees full shape recovery and stability of 
mechanical properties after the device extraction from the delivery 
catheter. 

 
5. Conclusions 

1. The cyclic deformation with the number of cycles up to 10-15 
facilitates the process of the direct В2  B19’ and inverse В19’ 
В2 transformations, without affecting the transformations going 
with the emergence of the R-phase. 
2. The cyclic deformation reduces disseminated energy of 
transformation. 
3. The cyclic deformation is required for reduction of the residual 
deformation when manufacturing implants. 
 

The authers are deeply grateful to Dr. N.Resnina (Saint 
Petersburg State University) for the help with DSC experiments 
and valuable comments. 
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Abstract: A research of the influence of gamma radiation on the electrical, physical, optical, etc. features of semiconductor materials has 
been made with concrete measurements conducted in the Mono-crystal of the p-type of Cadmium antimony. The influence of external factors 
has been examined: like the temperature and Gamma radiation in the movement of the carriers of electric charges in semiconductor. After the 
experimental measurements evidence has been concluded and presented, proving the change of these parameters. These facts are a good 
basic to calculate the Hall-mobility of holes and to identify possible defects that may occur during such treatments in the semiconductor.    
Key words: Chrystal, radiation, temperature, defects.  
 

1. Introduction 
  
 The measurement of electrical parameters such as: 

specific electrical resistance, Hall's Constanta, electric mobility 
of electrical charges, magnetic susceptibility, coefficient of electro-
locomotive force, etc. allow to get acquainted with the new physical 
features of materials dealing with the presence of defects in 
semiconductor materials. The defects in the crystal grid 
significantly affect many features of the semiconductors, especially 
on the electrical and optical features. 

 Crystals with beam radiation such as gamma rays, fast 
neutrons, laser rays, then the method of heating and cooling 
after radiation are of particular interest in the study of defects in 
semiconductor, because the appearance and disappearance of 
defects has a major influence on the physical features of 
semiconductors.  

A semiconductor material that shows some special 
features during radiation, during heating and cooling is the 
antimony cadmium system, for which we can find many 
publications recently, due to its application as a temperature sensor. 
The cadmium antimony system creates three compounds: 

. Some features of this composition during 
radiation are examined in the  semiconductor  

The  crystal has an orthorhombic crystal grid with the 
dimensions:   

and has  atoms in the elementary cells [1]. In the paper [2] it is 
shown that the Mono-crystal cadmium antimony has electrical 
anisotropic features. The mobility of electric charges in different 
crystallographic directions has various orientations and the 
activation energy for different crystallographic axes is in the 
interval  

 
2. The dependence of electrical charges from 
temperature 
 

The concentration of the electrons or free holes in the 
semiconductor is in the function of temperature or of the Fermi 
level. Their concentration in the zone of conductivity is given with 
the expression: 

 

 

 
 
where  
 

 represents the Fermi distribution function for electrons 
which is given with: 
 

 

 
represents the density of state which in this case for the 

electrons is: 
 

 

 
The concentration of holes is given with:  
 
 

 

where 
 

- is the distribution function of holes as carriers of electric 
charges, while the density of holes is: 
 

 

 
If we substitute the equation for the Fermi distribution 

function and the density of state in equation (1), then we obtain the 
expressions for the concentration of electrons and holes in 
semiconductor:  

 

 

  
The concentration of the bearers of the electrical charges 

in the semiconductor material can also be found with a simpler 
connection between the macroscopic sizes: Hall’s coefficient, the 
specific electrical resistance. Hall’s coefficient is given with the 
expression: 
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For , when in the semiconductor dominate the holes in the 
electric conductivity, so we have:  
 

 

where: 
 

is the coefficient, whose value is determined by the mechanism 
of distribution of the holes in the the 

crystal grid,  C, while p- is the concentration 
of the holes.  
 
The reciprocal value of the specific electric resistance is the specific 
electrical conductivity given with: 
  

 

 
where: 
 

 - is the mobility of the holes in the semiconductor.  
 

Knowing the specific values of the electrical conductivity 
and Hall’s Constanta we can find the mobility of the electric 
charges, e.g. of the holes:  
 

 

 
3. Experimental measurements 

 
Experimental measurements are made in the semi-

conductor material of cadmium antimony, a suitable material for 
changing the properties of the electrical parameters by changing the 
temperature and the action of external radiation. The preparation of 
the samples is made for measuring electrical parameters: the 
specific electric resistance, Hall coefficient. About the 
nomenclature of the parameters of this material is shown in the 
paper [5]. Before the radiation of the crystal samples with gamma 
rays, measurements of electrical parameters were made depending 
on temperature.  

 
The radiation of mono-crystal is done from the source of 

gamma rays of cobalt. 

The source intensity was   

which gives  gamma photons per hour for , 

respectively from 
. After the radiation of the samples the measurement of the specific 
electric resistance and Hall's Constanta, depending on temperature, 
has been made again.   

 
The measurement results are shown in fig. 1 and fig. 2. 
 
 
 
 
 
 
 
 
 
 
 
 

 
 
 

 
 
 
 
 
 
 
 
 

 
 
 
 
 

Fig.1.Dependence of specific electrical  
resistance on temperature 

 

  
                      

Fig.2 Changes of Hall’s Constanta 
 
 

The curve (1) in fig.1 shows the logarithmic dependence 
of the specific electric resistance on temperature before the 
radiation of the crystal, whereas curve (2) after radiation of the 
crystal with gamma rays. Measurements were repeated for several 
samples and for various dosages of radiation.  
 
4. Discussion about the results 

 
The curves show that gamma rays affect on the electrical 

features of the semiconductor crystal because Hall’s Constanta 
decreases while the concentration of the holes increases. 

 
As a result of the interaction of gamma rays or fast 

nuclear particles in the crystal grid, various types of defects occur. 
With the penetration of gamma rays in the structure of the crystal 
grid they provide all or part of the crystal energy. This energy that is 
given to the crystal occurs as a kinetic energy in the electron. In this 
case, the atoms release their own places in the crystal grid and place 
themselves between the spaces of the grid.  

 
In the literature [4] it is known that with the action of 

gamma rays in the crystal of cadmium antimony defects appear 
as with Franklin (vacancies and inter-space atoms) as a result of 
elastic collisions of electrons with atoms of the grid. 
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Different types of radiation in cadmium antimony: 
neutrons, protons, electrons, gamma quanta, laser rays, etc., 
show various defects where they form energetic levels in the 
zone of detention. It is known that the defects of the crystal grid in 
the semiconductor material, appearing by gamma radiation 
[6] create recombination centers in the detention area and thus 
change the electro-physical features of materials.  

 
In the irradiated samples after heating, experimental 

measurements of Hall’s Constanta were made from the temperature 
of 450 K up to room temperature, while in some samples we made 
measurements at the temperature of 373 K. For all measurements 
the duration was 20 minutes. During this we recorded the changes 
of Hall’s Constanta, which is shown in the diagram of fig.2.   
  

Experimental measurements show that after the action 
with gamma rays and upon heating to higher temperatures appears 
an instability of the defects set by radiation. Tests, done in this 
case, show that when the CdSb crystal is heated to temperatures 
higher than 540 K in the samples irradiated with gamma rays, 
except for defects arising from radiation, thermal defects are placed 
as well. In this case the super-ponation of two different defects is 
done. At a large number of such semiconductors, like GE, SI, 
etc., these defects are considered well and there is sufficient 
information. However, for the CdSb semiconductor there is 
little information until now that is published on the effects 
of radiation on this material.  

 
Experimental results, obtained with the case of the 

gamma radiation, show that a translation of the curves of the 
specific electric resistance has been done. From the 
measurements that have been performed in the temperature 
interval of 80 K-293K, it is clearly indicated that the gamma 
radiation show a shallow acceptor level. In order to identify and to 
provide details, measurements should be done at temperatures lower 
than 80K.   
 
5. CONCLUSION 
 

Cadmium, antimony, a material with semiconductor 
features, reacts during its radiation with gamma rays. It is concluded 
that the gamma radiation show defects in the structure of this 
crystal. Also, experimental measurements indicate that the gamma 
radiation puts a shallow acceptor level in the detention area. To 
do deeper analysis and to detect this level there should be done 
measurements at temperatures lower than 80 K.            
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Abstract: In this study, the effect of austempering temperatures on microstructure and mechanical properties of AISI 52100 steel, which 
is commonly used in producing bearings, was investigated. AISI 52100 steel specimens were austenitized at 950 °C for 30 min and then were 
quenched into a salt bath held at three different austempering temperatures (250°C, 275°C and 300°C) and austempered for various times 
(15 min, 30 min, 60 min and 120 min). Microstructural constituents were characterized by using optical microscope. Impact toughness and 
hardness tests were conducted to determine the mechanical properties of AISI 52100 steel. Experimental results showed that, enhancement 
of the impact toughness of AISI 52100 steel depends on the bainitic structure. The selection of austempering temperature constitutes a key 
parameter to obtain superior impact toughness − hardness combination in AISI 52100 bearing steel. 

Keywords: AUSTEMPERING TEMPERATURE, AISI 52100 STEEL, BAINITE, IMPACT TOUGHNESS. 

 

1. Introduction 
AISI 52100 steel is the high carbon and low chromium 

containing steel which most widely exploited material for ball-
bearing applications and automotive and bearing industry [1-4]. The 
universal popularity of this steel in the mentioned applications 
arises from the attractive combination of low cost, high 
hardenability, high hardness (61–63 HRc), high yield/tensile 
strength (2000/2200 MPa), and good machinability and formability 
[5]. 

 
The conventional heat treatment processes used in the 

manufacture of rolling bearings are normally specified to produce a 
martensitic structure in high carbon bearing steel [2-4]. AISI 52100 
steel is routinely used in hardened and tempered condition with a 
predominantly tempered-martensitic microstructure that provides 
adequate abrasion resistance and mechanical properties at room 
temperature [3-6]. 

 
Recent studies showed that the mechanical properties of the 

AISI 52100 steel can be improved by isothermal heat treatments 
such as austempering [3-5, 7-10]. The austempering temperature 
and austempering time have great significant influence to control of 
the mechanical properties of AISI 52100 steel [7-10]. 

 
Akbasoglu and Edmonds [4] have demonstrated that bearing 

steel with bainitic microstructure provides improved resistance to 
wear and hydrogen embrittlement as compared to that in martensitic 
condition. It is known that tensile strength, impact toughness and 
hardness can be simultaneously increased by austempering of the 
AISI 52100 steels [7-9]. 

 
The present study attempts to determine the austempering 

parameters (austempering temperature and austempering time) for 
AISI 52100 steel to achieve optimum impact toughness and 
hardness. 

2. Experimental Details 
Cylindrical rod specimens of 15 mm diameter and 55 mm 

length of AISI 52100 steel having a nominal composition of 
0.979%C, 0.238%Si, 0.356%Mn, 1.487Cr, 0.026%P, 0.031%S and 
rest Fe (in wt%). The initial microstructure of specimens have fully 
pearlitic matrix in hot rolled condition. Specimen were austenitized 
at 950°C for 30 min followed by instantaneous transfer to a salt bath 
for austempering at 250°C, 275°C and 300°C, for different time 
periods ranging from 15 to 120 min. Following austempering, 
specimens were water quenched to room temperature. Summary of 
heat treatments schematically represented in Fig.1. 
 

The heat treated specimens were cut and hot mounted for 
mechanical grinding and polishing with up to 1 µm diamond 
suspension and etching with 2 % Nital. Microstructural features 
were studied using Leica DM4000M optical microscope. Phase 
volume fractions were calculated by image analyzer software of 
Leica Q550MW. 
 

Charpy impact tests were conducted at room temperature with a 
Instron-Wolpert PW30 impact testing machine on unnotched 
specimens with dimension of 10 mm × 10 mm × 55 mm. Hardness 
measurements were made using a Emco N3A Rockwell C hardness 
tester. At least five indents were made at each location and average 
values were taken. 

 

Water Quenched
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Fig. 1 Schematic representation of the heat treatments. 

3. Experimental Results and Discussion 
3.1. Microstructural examination 

AISI 52100 steel microstructures has fully pearlitic matrix in as 
received condition (see Fig 2.a).  

 
Fig.2.b to Fig.2.d illustrate the optical micrographs of the 

specimens austempered for constant austempering time (30 min) 
conditions for all three austempering temperatures (250°C, 275°C 
and 300°C). The microstructures after heat treatments contain 
martensite + bainite and retained austenite. Dark laths are bainite, 
dark brown regions are martensite and white/gray regions are 
retained austenite in microstructures. 
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Fig. 2 a) Microstructure of AISI52100 steel under as received condition, b) Microstructure of AISI52100 steel austempered at 250°C for 30 min, c) 
Microstructure of AISI52100 steel austempered at 275°C for 30 min, d) Microstructure of AISI52100 steel austempered at 300°C for 30 min. (B: Bainite,     
α’: Martensite and γ: Retained austenite). 
 

It is apparent that the bainite volume fraction increases, while 
both the retained austenite and martensite volume fraction decreases 
with increasing austempering temperature (see Fig. 2.b-d). Bainite 
volume fraction is 10%, 30% and 45% for 250°C, 275°C and 300°C 
austempering temperatures, respectively. 

 
3.2. Effects of austempering temperatures 

Fig. 3 shows the impact energy variations and Fig. 4 shows the 
changes in the hardness values with austempering temperature in 
AISI 52100 steels austempered for different times, respectively. 

 
According to Fig. 3, increasing the austempering temperature 

improves the impact toughness for all austempering times. It is clear 
that the impact toughness values of the specimens which were 
austempered at 250°C and 275°C were lower than those of 
austempered at 300°C. It can be explained the volume fractions of 
bainite and martensite. At constant austempering time the higher 
austempering temperatures produces more bainite volume fraction 
in austempered AISI52100 steel (see Fig. 2.b-d). 

 
Moreover, impact toughness properties are expected to be 

further improved due to the upper bainitic microstructure in 
austempered AISI52100 steels. 

 
Experimental results indicate that the volume fraction and of 

bainite and martensite is important parameters affecting the impact 
toughness and the hardness. In addition, higher amount of bainite is 
essential in order to improve impact toughness. Moreover, it has 
been shown that controlling the bainite, martensite and the retained 
austenite volume fractions can further influence impact toughness 
of austempered AISI 52100 steels. The austempering temperatures 
more effective than austempering time to control of the bainite 
volume fraction in AISI 52100 steels. 

 
The hardness decreased with increasing austempering 

temperatures (see Fig. 4). It can be attributed to higher bainite 
volume fraction at high austempering temperatures. 
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Fig. 3 Variation of the impact toughness with austempering temperatures.  
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Fig. 4 Variation of the hardness with austempering temperatures. 

3.3. Effects of austempering times 

Fig. 5 represents the impact energy variations with 
austempering time in AISI 52100 steels austempered at each three 
austempering temperature. After 30 min., the impact toughness 
remained almost unchanged at 300°C due to nearly completion of 
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bainitic reaction. But however, the impact toughness values 
increased with increasing austempering time for specimens 
austempered at 250°C and 275°C. It is apparent that the bainite 
volume per cent increases, while both the austenite and martensite 
volume fraction decreases with increasing austempering time. 
 

Experimental results showed that the austempering time has 
great influence on the impact toughness of AISI 52100 steel. There 
is a good agreement in existing literature [7-9]. 

 

0 30 60 90 120 150
0

10

20

30

40

50

60

 

 

Un
no

tc
he

d 
Im

pa
ct

 T
ou

gh
ne

ss
 (J

ou
le

)

Austempering Time (min)

 250 °C
 275 °C
 300 °C

 
Fig. 5 Variation of the impact toughness with austempering times.  

 

Fig. 6 shows the changes in the hardness values with 
austempering time in AISI 52100 steels austempered at each three 
austempering temperature. The hardness of austempered AISI 
52100 steel decreased with increasing austempering time. It can be 
attributed to higher bainite volume fraction at higher austempering 
times. 
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Fig. 6 Variation of the hardness with austempering times. 

Fig. 7 shows the impact toughness versus hardness values of 
austempered AISI 52100 steels. The best combination of hardness 
and impact toughness obtained is at 300°C austempering 
temperatures for 30 min, 60 min and 120 min austempering times.  
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Fig. 7 Relationship between hardness and impact toughness in austempered 
AISI 52100 steel.  

4. Conclusion 
The following conclusions could be drawn from this study; 
 

• Bainite + martensite duplex microstructures can be produced in 
AISI 52100 steel via combination of austempering and 
quenching processes. 

• Bainite + martensite duplex microstructure yields in high levels 
of hardness (55-64 HRc) and enhanced impact toughness (24-54 
Joule). 

• Austempering temperatures are more effective than 
austempering time to control the bainite volume fraction in AISI 
52100 steels. 
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MICROSTRUCTURAL INVESTIGATION OF CASTING DEFECTS IN AA7075 
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Abstract: The microstructural features of casting defects in a thixocast AA7075 alloy were investigated in the present work. 
Microstructural examinations were conducted by using scanning electron microscope. It was observed that the presence of micro shrinkage 
at dendritic solidified region and microsegregation at grain boundaries. Hot tears were determined in the liquid rich region. Liquid 
segregation was also observed in the sharp corner region in the specimens. The casting defects are responsible of the unexpected lower 
mechanical properties in thixocast AA7075 alloy. 
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1. Introduction 
Semi-solid metal (SSM) forming is an attractive materials 

processing method as an alternative to traditional forging or casting. 
The advantages of SSM forming are: (a) materials are of better 
ability to fill a mold, (b) dies are of longer life and (c) products can 
have better mechanical properties. A complex part can be made in 
one working procedure by semi-solid forming. Semi-solid metal 
forming, which has been widely used in the field of automobile, 
spaceflight and aviation, is a promising method of materials 
processing [1]. 

 
Most of parts in wrought aluminum alloys are machined for 

minor production or forged and then machined for mass production. 
Machining operation is expensive and not adapted for mass 
production. Another disadvantage is the waste material during 
forging and machining operation. To lower the part cost for mass 
production, machining has to be reduced to a minimum by forming 
near-net-shaped parts. Thixocasting process is a semi-solid metal 
processing route (SSM), which involves forming of alloys in the 
semi-solid state to near-net-shaped products [1-4]. 

 
AA7075 aluminum alloy is the wrought Al-Zn-Cu-Mg alloy 

which most widely used material for aircraft and aviation 
applications. The 7075 alloy provide highest strengths of all 
aluminum alloys. Although this alloy is heat treatable, very high 
strength and high fracture toughness, it has poor castability 
properties [5]. Recent studies showed that the AA 7075 alloy was 
successfully formed by semi solid processing [6-12]. The liquid 
fraction, injection speed and the die temperature have great 
influence to control of the microstructure and mechanical properties 
of AA 7075 alloy [7-12]. 

 
In this research, we focused on microstructural features of 

casting defects in AA7075 aluminum alloy produced by 
thixocasting. 

2. Experimental Procedures 
A commercial AA7075 aluminum alloy used in thixocasting 

experiments with the chemical composition given in Table 1. 
 

Table 1. The chemical composition of AA7075 wrought aluminum alloy used 
in this experiments (wt.-%). 
 

Zn Mg Cu Mn 
5,599 2,033 1,329 0,183 

Si Cr Ti Fe 
0,383 0,157 0,007 0,741 

Ni Pb Sn Zr 
0,008 0,043 0,012 0,001 

V Ga Se Al 
0,006 0,014 0,001 Kalan 

Cylindrical specimens of 40 mm diameter and 55 mm length of 
AA7075 alloys were prepared by strain induced melt activation 
process (SIMA) as a feedstock for thixocasting. 

 
 Thixocasting process was conducted at a cold chamber high 

pressure die casting machine using with medium frequency 
induction heating generator. Specimens were formed at 611°C 
which correspond to the 50% liquid fraction and different injection 
speeds at constant die temperature (150°C). The liquid fraction was 
calculated from DTA data. The experimental set-up of thixocasting 
process schematically represented at Fig. 1. 
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Fig. 1 Schematic representation of experimental set-up for thixocasting 
process  
 

AA7075 alloy part produced by thixocasting illustrates in Fig. 
2. The specimens were cut from thixocast AA7075 part and 
metallographic examination regions shows in Fig. 3. Specimens 
were prepared by standard metallographic procedures and polishing 
with up to 0.1 µm colloidal silica and etching with Keller’s reagent. 
Microstructural features were studied using Leica DM400M optical 
microscope and Jeol JSM 6060LV scanning electron microscope 
(SEM). 

 

 
 
Fig. 2 AA7075 alloy part produced by thixocasting. 

20 mm 
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Fig. 3 Metallographic examination regions of thixocast AA7075 aluminum 
specimens. 

3. Experimental Results and Discussion 
Fig. 4 illustrates the SEM micrographs of micro porosity in 

thixocast AA7075 specimens. The micro porosities were observed 
at the triple junctions or solid/solid interfaces of grains. The micro 
porosities were formed at triple junctions due to lack of enough 
liquid phase. The liquid phase wetted the solid/solid interfaces with 
capillary action and the triple junctions did not feed properly due to 
exhausted liquid phase.  Burke et. al. [6] reported that the presence 
of micro porosities in microstructures of AA7075 aluminum alloy 
produced by thixoforming. 

 
Türkeli and Akbaş [7] were reported that the presence of the 

microporosities at grain boundaries in microstructures of 
thixoformed AA7075 aluminum alloy. Kırtay [8] emphasized that 
the hydrogen dissolution in liquid phase were caused the formation 
of microporosities.  

 
There is no extra liquid phase in order to feed liquid phase 

remained at grain boundaries in thixocasting. The presence of 
microshrinkages was observed in solid/liquid interfaces due to 
shrinkage of liquid phase during solidification (Fig. 5). Chayong et. 
al.[9] reported that the presence of microshrinkages can be 
attributed the liquid feeding does not supply properly in semi-solid 
region during thixoforming of AA 7075 alloy. 
 

Dendritic solidification was also observed at liquid pool in 
microstructures of thixocast AA7075 alloy (Fig. 6). The regions 
between the dendrites are rich in the lower melting point element, 
since these regions represent the last liquid to freeze [13]. In 
addition, the presence of microshrinkages at dendritic solidified 
regions was determined.  

 
It was observed that the presence of hot tearing at liquid rich 

regions in microstructures of AA7075 alloy produced by 
thixocasting (Fig. 7). It is known that the microsegregations at grain 
boundaries caused to hot tearing [13]. Moreover, the temperature 
gradient between the solid phase and liquid phase and shrinkage 
formation during cooling of solid phase were lead to the hot tearing. 
Vaneetveld et. al. [11] reported that the thixoforged parts of 
AA7075 alloys which are hot-crack-sensitive aluminum alloys. 
 

Fig. 8.a shows SEM micrograph of the microsegregation at 
grain boundary and Fig. 8.b shows an EDS line analysis of the grain 
boundary. It can be clearly seen the Cu segregation at grain 
boundary from the EDS line analysis. Similarly, Türkeli et al. [7] 
and Sang-Yong et. al. [13] was observed that the Cu segregation at 
grain boundaries in thixoformed 7075 alloy. 

 
The presence of liquid segregation was observed in the sharp 

corner region in the specimens (Fig. 9). The sharp corners of die 
were caused the liquid segregation of the thixoformed parts. 
Similarly, Chayong et. al. [10] reported that the sharp corner of die 
was caused the liquid segregation and turbulence filling of the die 
during thixoforming of AA7075 alloy. 

 

 

 
Fig. 4. SEM micrographs of micro porosity in AA7075 aluminum alloy 
produced by thixocasting, a) X1000 magnification and b) X2000 
magnification 

 

 

 
Fig. 5 SEM micrographs of microshrinkage of liquid phase in AA7075 
aluminum alloy produced by thixocasting, a) X2000 magnification and b) 
X5000 magnification 
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Fig. 6. SEM micrographs of dendritic solidification in liquid pool in AA7075 
aluminum alloy produced by thixocasting, a) X1000 magnification and b) 
X2000 magnification. 
 

 
Fig. 7 SEM micrograph of hot tearing in liquid phase in AA7075 aluminum 
alloy produced by thixocasting 
 

Experimental results indicate that the many casting defects were 
observed in microstructure of the AA7075 aluminum alloy 
produced by thixocasting. The lower mechanical properties of 
thixocast AA7075 alloy can be attributed casting defects. To avoid 
these casting defects the thixocasting process parameters (liquid 
fraction/semi solid temperature, injection speed, injection pressure 
and die temperature) must be controlled tightly. Vaneetveld et. al. 
[11] reported that prevention of microsegregation and hot cracking, 
warm tool, higher injection speed and lower solid fraction should be 
a solution. 

 
 

 
(a) 

 

 
(b) 

Fig.8 The microsegregation at grain boundary in AA7075 aluminum alloy 
produced by thixocasting, a) SEM micrograph and b) EDS line analysis. 

 

 
Fig. 9 Optical micrograph of the presence of liquid segregation at sharp 
corner of die in AA7075 aluminum alloy produced by thixocasting. 

4. Conclusion 
The following casting defects have been observed in 

microstructures of the AA7075 aluminum alloy produced by 
thixocasting; 

 
• Microporosity. 
• Mikroshrinkage. 
• Dendritic solidification in liquid pool. 
• Hot tearing in liquid phase. 
• Microsegregation at grain boundaries. 
• Liquid segregation in the sharp corner of die. 

a 

b 

Die corner 

Liquid segregation 
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AN INFLUENCE OF WELDING THERMAL CYCLES ON PROPERTIES AND HAZ 
STRUCTURE OF S 700MC STEEL TREATED USING THERMOMECHANICAL 

METHOD 
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Abstract: In this paper an influence of simulated thermal cycle on properties and HAZ structure of 10 mm thick S 700MC steel plates. 
Simulation and recording of thermal cycles were tested on laboratory stand equipped in thermovision camera and resistant heat source. 
Simulation was prepared for simple and complex thermal cycle. Specimens were tested on impact, strength test and also hardness and 
metallographical tests. Results of researches gave the possibilities to show an influence of welding thermal cycle on properties and HAZ 
structure of S 700MC steel. It was possible also to indicate an optimal linear energy range for welding with high quality. 

Keywords: WELDING, WELDING THERMAL CYCLE, HAZ, TMCP, S 700MC STEEL 

 

1. Introduction 
In recent years there has been a continuous increase in the 

global share of welded structures made of steel with increased and 
overall high yield of plasticity. Quality requirements in many 
industries such as shipbuilding, construction of roads and bridges, 
hydropower and nuclear power, construction of drilling platforms, 
pipelines and construction meant that the new technologies in steel 
metallurgy and metal forming and heat were developed and 
implemented allowing to achieve final products in the form of 
plates and tubes with high strength without reducing their plastic 
properties. Development of new grades of steel to weld and increase 
the requirements for welded constructions forced to undertake 
detailed studies on factors affecting the behavior of these materials 
during welding and structures made of them in operation. An 
example here may be welded thermomechanically rolled steels, 
particularly those that reach the yield strength of 700 MPa. The 
introduction of thermomechanically processed steels with high yield 
and relatively low carbon equivalent, will significantly reduce the 
time of welding works by reducing the preheating temperature, or 
even complete removal of this processing step, furthermore 
reduction of cross-sectional areas of structural elements, making 
welded structures with the same capacity will be more slender and 
lighter [1-12].  

2. Research 
The aim of this study was to investigate the effect of simulated 

welding thermal cycle on the properties of heat affected zone, 
thermomechanically treated steels with high plasticity yield 
S700MC, Figure 1, Table. 1, 2 
 
Table1:. The chemical composition according to the regulation PN EN 
10149-2 and mechanical properties of the S 700MC steel subjected to 
thermomechanical treatment used for cold moulding. 

Chemical composition [%] 
C Si Mn P S Al Nb* V Ti Ce** 

0,12 0,5 2,1 0,008 0,015 0,015 0,2 0,2 0,22 0,61 
Mechanical properties 

Tensile strength 
Rm, MPa 

Yield limit 
Re, MPa 

Elongation 
A5, % 

Impact 
strength, 

J/cm2 (-20°C) 
822 768 19 135 

* - total amount of Nb, V and Ti should be max. 0,22%. 
** Ce – carbon equivalent (1). 

 
Table 2: The real chemical composition of the original S 700MC steel 
material. 

Chemical composition, % 
C Mn Si S Al Nb Ti V N* Ce 

0,056 1,6 0,16 0,005 0,02 0,04 0,12 0,006 72 0,33 
* - N: the amount given in ppm, the nitrogen was measured using the high 
temperature extraction method. 

1556
CuNiVMoCrMnCCe +

+
++

++=   [%]  (1) 

 
Fig.1. Bainite-ferrite microstructure of the S 700MC steel subjected to 
thermomechanical treatment. 
 

Simulation and recording of welding thermal 
cycles 

The simulation of thermal cycles was carried out on a specially 
built test stand equipped with resistive heating source infrared 
camera VarioCam Head HR with  50mm lens and a computer with 
software IRBIS 3 plus, Figure 2.  Sample distance from the camera 
lens was 460 mm, and the video ran track at a height of 1550mm. 
The simulation was carried out in air at the temperature of 23.7 ºC 
and humidity of 23.7 %. 

 

 
Fig.2. The testing setup for the simulation and recording of welding thermal 
cycles,  1-resistive welder, 2 - thermal imager, 3 - a computer. 

       Simulation studies of thermal cycles consisted of resistive 
heating of samples prepared for the impact test. Single thermal 
cycles were simulated at temperatures ranging from 400 to 1300 ºC, 
100 ºC and the cycle complex. For each temperature three repeats 
were carried out. The course of the thermal cycle was recorded 
using a thermal imaging camera VarioCam Head HR, but the results 
were processed based on a software IRBIS 3 plus. During the 

Visual track 
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course of the study, the temperature was recorded as a function of 
time and the following parameters were established: 

Tmax – specimen max. temperature, 
tn         - specimen heating time from 50 Celsius grades up to Tmax, 
t8      - time for temperature decreasing below 800 ºC, 
t5      - time for temperature decreasing below 500 ºC, 
t8/5     - specimen cooling time (temperatures range 800-500 ºC), 
table 3. 
Examples of thermal cycles recorded with thermograms are shown 
at Figure 3-7. 
 
Table  3: Results in characteristic points of thermal cycle. 
Cycle 

designation 
Set temperature, 

ºC 
Tmax, 

ºC 
tn, s t8, s t5, s t8/5, s 

1 400 382 2,9 - - - 
2 500 518 2,7 - - - 
3 600 619 2,6 - - - 
4 700 720 2,8 - - - 
5 800 807 2,7 3,3 16,4 13,1 
6 900 904 3,4 6,6 19,3 12,7 
7 1000 1017 4,3 12,7 23,9 11,2 
8 1100 1136 4,4 13,6 25,6 12,0 
9 1200 1203 5,7 15,9 29,2 13,3 

10 1300 1282 5,2 18,8 33,0 14,2 

11 1300(800)/ 
1100(500)/900 1299 6,6 36,0 68,2 32,2 

12 1100(500)/900 
(400)/700 1080 3,6 12,1 59,4 47,3 

13 1000(500)/ 
700(300)/500 1068 4,2 11,8 58,6 46,8 

 

  

Fig.3. Welding thermal cycle Tmax = 518 ºC with thermogram. 

  

Fig.4. Welding thermal cycle Tmax = 904 ºC with thermogram. 

  
Fig.5. Welding thermal cycle Tmax = 1136 ºC with thermogram. 

  

Fig.6. Welding complex thermal cycle Tmax = 1299 ºC with thermogram. 

  

Fig.7. Welding complex thermal cycle Tmax = 1068 ºC with thermogram. 

 

Impact testing and hardness measurement 
Samples were obtained after measuring the thermal cycles were 

tested using Charpy V toughness at - 30 °C. After the fracture test,  
the visual assessment was carried out on the fractured surface, 
whereas on the polished front surface the Vickers hardness was 
measured using a load of 1 kg. Table 4 shows the test results. 

Table 4: Impact tests, visual investigations and hardness measurement 
results. 

Cycle 
designation 

Impact 
strength 
KCV* 

(- 30ºC) 
[J/cm2] 

Fracture 
assessment 

Fracture view Hardness 
HV 1** 

1 27 Mixed 

 

262 

2 33 Mixed 

 

260 

3 35 Mixed 

 

258 

4 37 Mixed 

 
260 

5 185 Plastic 

 

255 

6 308 Plastic 

 
240 

7 10 Fragile 

 

230 

8 6 Fragile 

 
227 

9 7 Fragile 

 
225 

10 6 Fragile 

 
230 
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11 5 Fragile 

 
218 

12 3 Fragile 

 
233 

13 225 Plastic 

 
270 

*- arithmetic mean from three measurements. 
**- arithmetic mean from five measurements. 
 

Microscopic examination 
In order to determine the effect of thermal cycle on the 

structural changes during intensive heating and cooling in a range of 
temperatures studied, the light microscope examination was carried 
out using  Nikon Eclipse 100 at a magnification of 1000x, the 
reagent used for digestion was nital. The results of microscopic 
examinations for selected thermal cycles are shown in Figure 8-13. 

  
Fig.8. Microstructure of S700MC 
steel without thermal cycle 
simulation. 

Fig.9. Microstructure of S700MC 
steel after welding thermal cycle 
Tmax = 518 ºC. 

  
Fig.10. Microstructure of S700MC 
steel after welding thermal cycle 
Tmax = 904 ºC. 

Fig.11. Microstructure of S700MC 
steel after welding thermal cycle 
Tmax = 1136 ºC. 

  
Fig.12. Microstructure of S700MC 
steel after welding complex thermal 
cycle Tmax = 1299 ºC. 

Fig.13. Microstructure of S700MC 
steel after welding complex thermal 
cycle Tmax = 1068 ºC. 

 

3. Analysis of test results  
In the processes of controlled thermo - plastic treatment of steel, 

microstructure parameters are shaped by setting appropriate for the 
chemical composition of steel and plastic deformation conditions of 
controlled cooling, and by the selection of the chemical composition 
of steel. Micro-additives of titanium, niobium and vanadium in 
microalloyed steels, strongly influence the grain growth, 
recrystallization of austenite and phase transformation as well as 
morphology of transformed products.  

Thermal cycles occurring during the welding process  deviate 
significantly from equilibrium processes. The size and intensity of 
heating and cooling of heat-affected zone is dependent on welding 

heat input. A built testing system  allowed the simulation of welding 
thermal cycles of cooling time t8/5 at the level of 11 to 14 sec for 
simple cycles and from 32 to 50 sec for complex cycles. The 
analysis of thermal cycles confirmed the high reproducibility of the 
results and the possibility to use this approach to the research of this 
type. 
       The analysis results of toughness, microscopic examination and 
measurement of hardness showed that in the case of 
thermomechanically treated steel intensity of welding thermal cycle 
strongly influences the properties and structure of the heat affected 
zone. In the case of HAZ in the temperature range  
400-700 ºC there is a slight grain growth and partial 
recrystallization which results in lower toughness compared to the 
base material and a reduction in hardness of about 260 HV, where 
the hardness of the parent material is at 280 HV. Toughness of HAZ 
during heating in the temperature range 400-700 °C is reduced to 
about 37 J/mm2, with the toughness  of parent material of about 80 
J/mm2. Thermal cycle in this temperature range does not cause 
structural changes and phase changes in the HAZ. During heating of  
samples in the temperature range 800-900 ºC, there is a phase 
transition α - γ, establishing the structure of austenite with a small 
grain, and  a rapid cooling (the times of the order of 12s) gives a 
fine-grained ferritic-bainitic structure with a very high impact 
strength up to 200 J/mm2 . The hardness of the HAZ area is about 
265 HV. High heat cycles in the temperature range 1000-1300 ºC  
and a series of complex cycles 1300(800)/1100(500)/900 and 
1100(500)/900(400)/700 result in the HAZ zone formation of large 
austenite grains, which, after cooling, form a bainite structure with a 
very low impact strength of several J/mm2. This rapid decrease in 
toughness is associated with intense dissolution of MX phases in 
austenite grains during heating and during cooling using 
uncontrolled processes of separation in various fields of grain and 
on its borders. The hardness of these areas is reduced relative to the 
base material and is about 230 HV. In the case of a complex series 
of 1000(500)/700(300)/500 as in the case of individual cycles in the 
temperature range 800-900 ºC there is a beneficial process of 
fragmentation and uniform grain structure in terms of phase 
resulting in an increase in toughness to 220 J/mm2 and increase in 
the hardness to 270 HV, Figure 14-17. 
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Fig.14. Specimens impact strength after simple thermal cycles simulation. 
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Fig.15. Specimens impact strength after complex thermal cycles simulation. 
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Fig.16. Hardness distribution in the fracture area after impact strength tests 
of simple thermal cycles simulation specimens. 
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Fig.17. Hardness distribution in the fracture area after impact strength tests 
of complex thermal cycles simulation specimens. 
 

The microscopy analysis revealed in the heated HAZ zone 
a presence of nitrogen phases, indicating that in the investigated 
steel there is sufficient amount of titanium needed to bind to free 
nitrogen, which is related to reduced  aging processes, Fig. 18, 19. 

 
Fig.18. View of nitrides in the HAZ area, thermal cycle T = 700 ºC. 

 

 
Fig.19. View of nitrides in the HAZ area, complex  thermal cycle  
T = 1300 ºC. 

4. SUMMARY 
The study showed that there is a possibility to use a purpose 

built system to simulate simple and complex thermal cycles of S 
700 MC steel in specific ranges of the cooling time t 8/5. Analysis of 
the results of the study showed that the welding thermal cycle 
strongly influences the structural changes and phase in the HAZ 
zone of  S 700MC steel. Areas of HAZ heated to high temperatures 
above 1000 °C, show a sudden drop of toughness to unacceptable 
levels of impact strength (27 J/cm2). This sharp decrease in 
toughness is associated with uncontrolled separation processes of 
MX phases and dissolution of carbides, niobium and vanadium 
carbonitrides in austenite during heating. The study also showed 
that the chemical composition of steel and especially titanium and 
aluminum content is sufficient to bind in the HAZ free nitrogen and 
reduce the aging process. The control of the amount of heat 
introduced into the joint area during welding will reduce the adverse 
separation processes in the weld and HAZ which will ensure 
adequate toughness of the connection. Precise knowledge of the 
phenomena occurring in the HAZ during the thermal cycle can 
impact the ability to control properties and structure of the welded 
joint. 
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Abstract. The paper focuses on the study of shape memory effect (SME) and two-way SME (TWSME) in nano-structured Ti-50.7 at.%Ni alloy. 
Two different types of structure were studied: nano-subgrain structure with nano-size precipitates of Ti3Ni4 and nano-crystalline structure. The 
initial phase state of the alloy and external action parameters were varied. SME training procedure was carried out using a bending mode; the 
constrained strain εt varied from 11 to 20%. Alloy structure, the initial phase state and constrained strain strongly affect all studied SME and 
TWSME parameters. The combined effect of 10 h −aging, loading in R-phase state with the following cooling in the loaded condition through 
R→B19’ transformation and loading strain εt = 15,3 % brings the highest recovery strain εr = 14,2 %.  Two-way shape memory effect εTW reaches 
3,3% after heat treatment at 700°C, 20 min + 430°C, 10 h. Variation of structure, the initial phase state and training parameters enables additional 
precise regulation of final functional properties.  
 
Keywords: shape memory alloys, nitinol, thermomechanical treatment, microstructure, recovery strain, two-way shape memory effect.  

 
 
1. Introduction  

Functional properties of the shape memory alloys (SMA) strongly 
depend on the structure. The main factors of this influence in Ti-Ni 
alloys with nickel concentration more than 50.0at.% are as follows: 
element concentration changes in matrix; dislocation substructure 
evolution; formation of oriented internal stress fields caused by nano-
size coherent precipitates. 

It is worth to acknowledge that the possibilities of the SMA 
structure regulation by thernonechanical treatment and its influence on 
the SMA functional properties are studied properly [1−4]. 

The regulation of the termomechanical parameters when loading, 
namely, the initial phase state and external action parameters (loading 
and unloading temperature, load value) open the additional 
possibilities in properties regulation. This is an object of the  
present work. 
 
2. Materials and methods  

The shape memory alloy Ti−50.7 аt.%Ni has been studied. The 
martensitic transformation temperatures of the studied alloys after 
quenching, determined by DSC, are as follows: Ms = −8 °C, Mf = 
−24°C, As = 0°C, Af = 9°C. A low-temperature thermomechanical 
treatment (LTMT) of the initial work piece (a bar of 2 mm in 
diameter) was performed by the warm wire-drawing in several passes 
with intermediate annealing at 700°С (15 minutes). The 0.3 mm 
diameter wire used for the further study was obtained with the 
accumulated strain of e = 0.6 (reduction of the cross-section area) in 
the last passes without intermediate annealing. The samples of this 
wire were subjected to post-deformation annealing (PDA) at 430C.  

The wire 0.9 mm in diameter was subjected to a severe plastic 
deformation (SPD) by rolling in several passes with the summary true 
strain e = 1.55. As a result, a band with 0,25 mm in thickness was 
obtained. PDA at 430C, 1 hr brings the formation of nano-crystalline 
structure [1].  

The homogenizing annealing at 700°C, 20 minutes, followed by 
water quenching was chosen as a reference heat treatment (RHT). The 

oxidized surface layer was removed by chemical etching in 1HF + 
3HNO3 + 6H2O2 solution. 

The SME/TWSME inducing was performed using the training 
method by bending the wire samples around cylindrical mandrels of 
various diameters under various modes as follows (Figure 1):  

Mode 1: loading in B2-austenite at the temperature Af + 5°C, 
exposure and unloading at the same temperature, then heating. 

Mode 2: loading in R-martensite at the temperature TR, exposure 
and unloading at the same temperature, then heating. 

Mode 3: loading in B19′-martensite at the temperature −196°C, 
exposure and unloading at the same temperature, then heating. 

Mode 4: loading in B2-austenite at the temperature Af + 5°C, 
exposure, then cooling in the constrained state to the temperature TR, 
exposure and unloading at the same temperature, then heating. 

Mode 5: loading in B2-austenite at the temperature Af + 5°C, 
exposure, then cooling in the constrained state to the temperature − 
196°C, exposure and unloading at the same temperature, then heating. 

Mode 6: loading in R-martensite at the temperature TR, exposure, 
then cooling in the constrained state to the temperature − 196°C, 
exposure and unloading at the same temperature, then heating. 

The constraining temperatures for each structural state were 
chosen based on DSC results [2]. The total of external layer strain 
under load varied from 12 to 19%. The exposure time under loading 
was 30 seconds. The first heating after unloading was performed up to 
shape recovery completion in all cases. The induced strain εi was 
determined at a constraining temperature after unloading. The residual 
strain εf was determined after heating above Af temperature. The 
recovery strain εr was determined as the difference between εi and 
residual strain εf. The elastic recovery strain εel was determined as the 
difference between εt (total strain) and εi. In this case a possible 
contribution of superelastic recovery cannot be separated. For the 
corresponding scheme of determining bending parameters see in  
[3, p. 217]. 
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Fig 1. Loading modes: isothermal modes (1 − 3); non-isothermal modes (4 − 6). 

Dented line − loading process; double line − exposure under loading; single line − heating cooling without load. 
 
3. Results and Discussion 

The level of SME and TWSME parameters and the character of 
their evolution vs total (loading) strain strongly depend on the alloy 
structure and the initial phase state when loading. The evolution of 
SME/TWSME as a function of total strain is different: Fig. 2 illustrates 
their regularities in Ti−50.7 аt.%Ni alloy*

After LTMT and PDA at 430°C, 10 hr (nanosubgrain structure 
[2]) the recovery strain εr and TWSME level do not exceed 2% in the 
case of using isothermal modes 1 and 2 (loading in B2-austenite and 
R-martensite correspondingly). In the case of loading in B19′-
martensite (mode 3) the recovery strain εr grows up to 7% under total 
strain 12 − 14,5%; the TWSME value manifests its maximum ( εTW = 
2.6%) at εt = 19%. 

.  

In the case of using non-isothermal modes (4, 5, 6) the lowest 
results manifests mode 2: εr = 5.5 − 6% under total strain 11 − 16% ; 
TWSME value does not exceed 1.5%. 

In the case of using non-isothermal modes 5 and 6 the recovery 
strain εr evolution has an extremum vs total strain: under εt = 15 − 
16%). Using the mode 6 brings abnormally high recovery strain 14.2% 
under total strain 15,3% (Fig. 2). 

 

 
Fig.2. Evolution of SME/TWSME parameters in nano-subgrain 

structured alloy (LTMT + PDA 430°C, 10 h) under loading mode 6 
(loading through R → B19’ transformation) 

* The parameters εi , εel and εf are intermediate characteristics, 
therefore they are not discussed in the present paper. On the other 
hand their graphical interpretation with main functional properties εr 
and εTW helps understanding the nature of functional properties. 

After RHT at 700°C + 430°C, 10 hr (recrystallised structure [2]) 
the recovery strain εr somewhat grows as compared to PDA and 
reaches 4,2% (mode 1). The TWSME level εtw keeps almost the same 
value as after LTMT under the same mode. 

In the case of using mode 2 the recovery strain grows significantly 
as compared to PDA and reaches 6% under total strain 12%, then 
drops to 4% under total strain 15 − 16% and then grows to 5% under 
total strain 19%. The TWSME level manifests its maximum εtw = 
3.3% under total strain 19% (Fig.3). 

 

 
 

Fig.3. Evolution of SME/TWSME parameters in recrystallized alloy 
(RHT 700°C, 20 min + PDA 430°C, 10 h) under loading mode 2 

(loading in R −martensite) 
 

Conversion to mode 3 brings further recovery strain growth to 8 % 
under 11.5 − 16% of total strain The TWSME level εtw keeps the same 
value as after LTMT.  

In the case of using non-isothermal modes (4, 5, 6) the lowest 
results are found under using mode 2, that nearly corresponds to 
results found after LTMT: εr = 5.5 − 6% with 12 − 19% of total strain 
(all studied range). TWSME value does not exceed 2%. 

The recovery strain and TWSME value manifest their maximums 
after RHT under using mode 5 with 14.2% of total strain: εr = 11% 
and εtw = 3.2% (Figure 3).  

The same level of recovery strain is found in the case of using 
mode 6: εr = 11% with 14% of total strain. At the same case TWSME 
value does not exceed 2%. 

It is important to note here that the abnormally high value εr = 
14.2% in Ti−50.7 аt.%Ni alloy exceeds the theoretical resource of the 
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martensitic transformation lattice strain, which amounts to about 
10.5% for the studied alloy composition [4]. The hypothesis of the 
mechanism of additional recovery strain is additional martensitic 
transformation, which develops after the resource of 
B2→R→B19’−transformation is exhausted.  

The structural mechanisms of the above described effects need 
special study, however, we would like to note that the analogous 
results were obtained in [5] for single crystals in the same alloy. 

The obtained results permitted to choose the mode 5 and 6 for 
further experiments on nano-crystalline alloy after SPD. When using 
the mode 5 there revealed a problem: loading with εt = 8.5− 14% at 
45°C (5°C above the Af temperature) was accompanied with a band 
breaking. Gradual decrease of the loading temperature permitted to 
chose the temperature 25°C, which is lower than TR = 32°C; that 
means that using mode 6 is possible. 

Figure 4 illustrates the regularities of SME and TWSME evolution 
under εt growth. The behavior of nano-crystalline alloy differs from 
that of nano-substructured one. Increasing εt from 3.9 to 15.0% brings 
gradual growth of recovery strain εr and TWSME value εTW . The 
elastic recovery strain εel is practically absent up to εt = 8.5%, i.e. all 
amount of the induced strain is recovered. In the εt = 8.5 − 15.0% 
range the elastic recovery strain increases and reaches 2.5% at  
εt = 15.0%.  

 

 
Fig. 4. Evolution of SME/TWSME parameters in nano-crystalline 

alloy after SPD + PDA 430°C, 10 h) under loading modes 6 (loading 
through R → B19’ transformation) 

 
Further increasing of the total strain brings material breaking after 

SPD (Fig. 3). 
If compare the studied parameters at εt = 15.0%, one can see that 

the recovery strain εf = 15.0% after SPD amounts 11% while after 
LTMT − 14.2% (the length of double-peak arrows between εi − and εr 
– curves). The TWSME gradually grows manifests and reaches its 
maximum εtw = 2.5% under total strain 15%, that somewhat exceeds 
TWSME value after LTMT (εtw = 2.5%). 

The obtained results lead to a conclusion that the character of 
evolution and realised SME and TWSME values are determined by the 
alloy structure and initial phase state under loading.  

The conducted experiments permitted realising the abnormally 
high recovery strain of SME in Ti−50.7 аt.%Ni alloy: εr = 14.2% 
provides the nano-subgrain structure with nano-phase precipitates of 
Ti3Ni4 after LTMT and PDA 430°C, 10 hr under loading and cooling 
through R→B19’−transformation in the constrained state with 15.2% 
of total strain. The maximum TWSME value (εTW ≅ 3.3%) is provided 
by recrystallised structure with the grain size 3 − 7 µm obtained as a 
result of RHT 700°С, 20 min and further annealing at 430°C, 10 hr 
using two various modes: 1) loading in R − martensite with 19.2% of 
total strain and 2) loading in B2-austenite and cooling through 

B2→R→B19’−transformation in the constrained state with ~ 15% of 
total strain. 

Note that elastic recovery cannot be separated from the superelastic 
recovery in the used experimental method. Therefore, the measured εr 
which describes only SME recovery strain may not be a full measure 
of the recoverable strain after certain treatment, because a possible 
contribution of the superelastic recovery is not taken into 
consideration. 

 

Conclusions   
 

1.  Alloy structure, the initial phase state under loading and 
constrained strain strongly affect all studied SME and TWSME 
parameters in Ti−50.7% Ni alloy. 
2. Abnormally high recovery strain (14.2%) is provided by nano-
subgrain structure obtained as a result of 430°C, 10 hr annealing after 
LTMT. The hypothesis of the mechanism of additional recovery strain 
is additional martensitic transformation, which develops after the 
resource of B2→R→B19’−transformation is exhausted.  
3.  The maximum TWSME value (εTW ≅ 3.3%) is provided by 
recrystallised structure with the grain size 3 − 7 µm obtained as a result 
of RHT 700°С, 20 min and further annealing at 430°C, 10 hr.  
4. Nano-crystalline structured, obtained as a result of SPD and further 
annealing at 450°C, 1 hr permits realising the theoretical resource of 
the martensitic transformation lattice strain for the studied alloy 
composition; TWSME value compounds 2.5% . 
5. The thermomechanical training modes, creating abnormally high 
recovery strain and high TWSME value using bending scheme in are 
determined: 
− recovery strain εr = 14.2% is realised under loading and cooling 
through R→B19’−transformation in the constrained state with 15.2% 
of total strain; 
− TWSME value εTW ≅ 3.3% is realised under using two various 
modes: a) loading in R − martensite with 19.2% of total strain and b) 
loading in B2-austenite and cooling through 
B2→R→B19’−transformation in the constrained state with ~ 15% of 
total strain. 
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Abstract: Diamond exists in essentially 4 forms, natural diamond, synthetic diamond (grown by the High Temperature High Pressure 
route), chemically vapour deposited diamond (CVDD) and polycrystalline diamond (PCD). It is probably true to say that PCDs are the least 
well-understood. All the various forms of diamond have experimental challenges in measuring the mechanical properties. For this study, a 
laboratory scale four point bend test rig and a split-Hopkinson pressure bar apparatus have been used. The Young’s modulus of two 
different grades of commercially available PCD is measured at a variety of loading rates and temperatures corresponding to the actual in-
service conditions. Young’s modulus was found to be relatively constant with the rate, while a consistent decrease was observed with 
increase of temperature. Undertaken study leads to improvement of understanding the PCD behaviour in conditions that occur in actual 
drilling, which is a significant improvement over investigations to date. 

 
Keywords: PCD, YOUNG’S MODULUS, FOUR POINT BENDING, SHPB, CUTTING TOOLS 

 

1. Introduction 

Diamond exists in essentially 4 forms, natural diamond, 
synthetic diamond (grown by the High Temperature High Pressure 
route), chemically vapour deposited diamond (CVDD) and 
polycrystalline diamond (PCD). It is probably true to say that PCDs 
are the least well-understood. 

Polycrystalline diamond, as used for cutting tools, is a mass of 
diamond particles which has been sintered together into a coherent 
structure using a chemo-mechanical binder and high pressure, high 
temperature conditions. Sintered PCD superhard materials are 
critical components in high performance cutting, drilling, grinding 
and polishing tools for a range of industries, from aerospace and 
automotive manufacturing to furniture production and oil well 
drilling. There is an increasing demand for these tools, with the 
mining sector being another industry where the use of PCD tools is 
yet to reach its full potential. 

 

 

Fig. 1 PCD cutters drill bits. 

Applications of PCD include machining and drilling where the 
temperatures at the workface are very high and where the tools are 
subjected to a range of cyclic thermal and impact loads and abrasive 
wear, which may lead to their sudden failure. This means that it is 
important for PCD manufacturers and end users to know the 
mechanical properties of these materials at high temperatures in 
order to evaluate the performance of the tool under these highly 
demanding conditions. In this work, the effects of loading rate and 
temperature are considered. 

2. Materials and Methods 

All the various forms of diamond have experimental challenges 
in measuring the mechanical properties. For this study, high 
temperature testing chambers, laboratory scale four point bend test 
rigs and split-Hopkinson pressure bar apparatus have been designed 
and used [1,2]. 

For a bottom part of the high temperature testing chamber, a 
steel block with dimensions of 450mm x 450mm x 25mm was cut 
and a hole of 12 mm in depth was drilled in the centre to serve as a 
support for the three-point bend rig. The rig and the supporting 
rollers are made of Inconel alloy 600 (Ni72/Cr16/Fe8). This 
material has high strength, good weldability and excellent corrosion 

resistance over a wide range of temperatures and conditions, thus 
making the rig and rollers resistant to plastic deformation at the 
high temperatures and high loading rates required for testing. The 
striker, attached to the machine, passes through the hole in a lid and 
hits the specimen. 

 

Fig. 2 Detailed view of furnace with consisting elements. 

The insulation consists of ceramic fibre boards, completely free 
of asbestos and harmless to the operator, exhibiting high 
temperature stability for continuous use at temperatures up to 
1430°C. This material is characterized by low thermal conductivity, 
low heat storage, excellent thermal shock resistance, light weight 
and superior corrosion resistance. Boards are attached together in 
several layers to form a thickness of 75 mm. This thickness is 
sufficient to maintain a maximum furnace temperature of 900°C. 
The advantage of using a soft insulation as opposed to harder forms 
like fibre bricks is that it is relatively easy to drill holes in the 
insulation, thus making it considerably easier to introduce 
thermocouples and instrumentation wires into the furnace. The wall 
insulation is kept in place by a thin sheet metal cover, while the top 
layer of insulation is stuck to the lid using high temperature silicone 
adhesive. As a further addition to the design, a handle is attached to 
the lid to assist in quick removal of specimens from the furnace. 
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Fig. 3 CAD representation of the finished furnace: exterior view (left) and 
furnace interior with TPB sample in place (right). 

A thermocouple (type K) is employed to regulate the furnace 
temperature and is introduced into the chamber through a small hole 
bored through the wall insulation on the back side of the furnace. 
Temperature control is relatively simple. The thermocouple will 
feed back into the temperature controller, which will then control 
the power to the system by switching on and off a variac connected 
to the heating coils. Six heating coils with diameter of 18mm each 
and a total power of 1000 W are used, connected in series, and laid 
down on the bottom insulation. The heaters are made of 1.02 mm 
diameter Kanthal A-1 wire, which is a ferritic iron-chromium-
aluminium alloy. For increased safety in order to avoid contact with 
the heaters (operator's hand, strain gauge delicate wires, broken 
specimens, etc.), they are isolated with high strength Superwool 607 
max paper and Superwool 612 fibre mastic, made from highly 
soluble calcium-magnesium silicate. The inner volume of the 
furnace is minimized in order to achieve faster heating. A metal 
housing is attached at the front of furnace containing delicate wires 
for connection with the strain gauges as well as the connection of 
the heaters to the mains, allowing the furnace to be operated in a 
safe manner. The furnace is also properly grounded, connecting the 
steel base to the earth. The complete furnace setup together with 
accompanying elements is presented in Fig. 4. 
 

 

Fig. 4 View of furnace placed on Hounsfield testing machine. 

The Young’s modulus of two different grades of commercially 
available PCD is measured at a variety of loading rates and 
temperatures corresponding to the actual in-service conditions. 
Rates were varied from 1 mm/min to 38 m/s and temperatures from 
25o C to 680o C. The first grade of PCD investigated, denoted PCD 
G6, has a diamond grain size of 6 microns whereas the second 
grade, denoted PCD G30, has a diamond grain size of 30 microns. 
Standard material analysis was then carried out on each sample to 
determine its Young’s modulus E.  

Quasi-static mechanical property tests were performed on PCD 
specimens of rectangular cross section on a standard screw-driven 
tensile testing machine in air at room temperature, 300°C, 600°C 
and 680°C, according to standard BS EN 843-2:2006. Steadily 
increasing force is applied to the test specimen at constant cross-
head displacement rates of 1 mm/min and 100 mm/min until 
specified load. The load and time are recorded automatically by the 
machine and the strain on the tensile surface was recorded by use of 
strain gauges continuously over the whole load range, connected to 
a Vishay 2310B Signal Conditioning Amplifier and the 100 MHz 
Handyscope HS3. Young's modulus for four-point bending can be 
calculated according to the following equation: 

1
2

3d F
E

bh 



     (1) 

where b is breadth of specimen, h is height of specimen, d1 is 
spacing between the inner and outer roller, Δε is strain change over 
the defined load range. 

Dynamic Young’s modulus tests were performed on miniature 
size disk shaped PCD specimens of 9mm diameter and 3mm 
thickness at three different strain rates and at 300°C in air. Small, 
custom built, cylindrical heating unit was made of stainless steel 
and attached to the SHPB setup. Heating unit has a hole on top for 
easy inserting and removal of the test pieces. Two cartridge heaters 
with power rating of 200 W each are connected in series and 
inserted into holes drilled and reamed on one side of the heating 
unit. 

Normal procedure when testing the Young’s modulus at SHPB 
is to use Kolsky analysis, where the reflected and transmitted strain 
signals are recorded by strain gauges placed onto the incident and 
transmitter bars, respectively. However, the problems encountered 
during testing necessitated modifications of conventional Kolsky 
analysis. The reason for this is the very high impedance of PCD 
material which effectively means that the reflected wave from the 
steel bar is very small and lost in the noise, as shown in Fig. 5 
below. 

 

Fig. 5 Incident and transmitted signal measured on bars. 

This required instrumenting the specimen with a minute strain 
gauge and measuring the strain directly rather than the conventional 
method of integrating the reflected strain in the incident bar. 
Therefore, the strain was recorded by use of strain gauges 
connected to a Vishay 2310B Signal Conditioning Amplifier and 
the 100 MHz Handyscope HS3. 

 

Fig. 6 Specimen instrumented with minute strain gauge. 

Elevated temperature tests with the SHPB method pose a 
problem if temperature gradients exist along the bar length because 
the propagation of elastic waves is affected through the effect of 
temperature on Young’s modulus and wave velocity of the bar 
material. These gradients have two effects on the strain signal: a 
continuous change of amplitude and a continuous change of wave 
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velocity. Correction factor is derived [3] and employed in the 
following form: 

 3/ 40 1 a
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where T0 is ambient temperature, T is temperature of the specimen, 
a1 and a2 are constants that satisfy relation for linearly temperature 
dependent Young’s modulus  1 2 0E a a T T   . 

Testing at temperatures above 300ºC is not feasible at present, due 
to absence of the appropriate miniature strain gauge pattern on the 
market. 

3. Results and Discussion 

Overall Young's modulus results, at both quasi-static and 
dynamic rates, are presented in Figs. 7 and 8 for the G6 and G30 
material, respectively. 

 

Fig. 7 Young's modulus as a function of strain rate for PCD G6 grade. 

 

 

Fig. 8 Young's modulus as a function of strain rate for PCD G30 grade. 

Fig. 9 shows the change in Young's modulus at 1 mm/min of 
both PCD grades as a function of temperature up to 680°C. 

 

Fig. 9 Quasi-static Young's modulus of PCD as a function of temperature. 

As can be seen from Figs. 7 and 8, both material grades exhibit 
relatively constant Young’s modulus behaviour across five decades 
of strain rate. A consistent decrease of Young's modulus is observed 
with an increase of temperature up to 600°C, as can be expected due 
to softening of the binder material, after which a rather sharp drop 
in Young's modulus occurs. This strong reduction in E values above 
600°C is clearly visible in Fig. 9, which is in line with what has 
been observed before [4]. 

4. Conclusions 

There has been very little research conducted in the area of 
mechanical properties of superhard materials. The sparse data 
which is currently available in the literature is not sufficient to 
accurately predict the behaviour of a PCD cutting tool under typical 
operating conditions encountered during drilling operations. The 
boundaries have now been pushed to dynamic rates and high 
temperatures very close to the temperature of diamond 
graphitization. 

A series of mechanical property tests performed on rectangular 
and disk shaped polycrystalline diamond specimens were outlined 
in this paper. The relevant theory and the test procedures were 
discussed. The results of Young's modulus obtained using both 
four-point bending for quasi-static tests and split-Hopkinson 
pressure bar apparatus for dynamic tests were presented. 

The Young’s modulus results obtained from the instrumented 
sample tests were very satisfactory with a noticeably small standard 
deviation returned of up to 2.3% maximum. A slight and almost 
negligible increase in Young's modulus of only few GPa was 
observed, which indicates that PCD does not manifest any 
considerable increase in stiffness when subjected to increased strain 
rates. Discrepancies within calculated Young's modulus values can 
be most likely ascribed to experimental error considering the 
complexity of the testing system. 
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ТЕРМОМЕХАНИЧЕСКОЕ УПРОЧНЕНИЕ МИКРОЛЕГИРОВАННЫХ АЗОТОМ 
КОНСТРУКЦИОННЫХ СТАЛЕЙ  

 
THERMOMECHANICAL STRENGTHENING OF STRUCTURAL STEELS MICROALLOYED BY 

NITROGEN 
 

Капуткина Л., Прокошкина В., Хадеев Г., Коновалов А. 
НИТУ «МИСиС», Москва, Россия 

 
 

Abstract: The structure and strengthening of nitrogen-microalloyed structural steels from high-temperature thermomechanical treatment 
(HTMT) by various hot deformation routes have been investigated using calorimetry, X-ray diffraction analysis, optical microscopy, 
hardness measurements, impact bending and tensile testing. The hot deformation diagrams of studied steels, obtained using the Gleeble 
3800, and also the processes of martensite tempering and ausaging under stress after quenching and thermomechanical treatment were 
analyzed. Hot strain resistance of the austenite is determined essentially by the steel composition. The final structure and mechanical 
properties of hot-deformed austenite were determined mainly by hot deformation conditions. High temperature thermomechanical treatment 
(HTMT) by various hot deformation routes of studied martensitic steels was effective for realization of high strength state after low 
temperature tempering.  
KEYWORDS:  NITROGEN-CONTAINING STEELS, THERMOMECHANICAL STRENGTHENING, HOT DEFORMATION DIAGRAMS, 
MARTENSITE TEMPERING UNDER STRESS 
 
1. Введение.  
 
Азот превосходит другие легирующие элементы по  
упрочняющей способности, а часто и по увеличению 
коррозионной стойкости сталей. Термомеханическая обработка 
широко применяется для различных сталей и сплавов, а при 
правильно выбранных режимах позволяет существенно 
снизить затраты на производство металлопродукции с 
заданными свойствами, включая затраты на легирование, в том 
числе и азотом. Благодаря введению в сталь азота 
увеличивается срок эксплуатации изделий, а также снижается 
необходимость в дорогостоящих легирующих элементах. 
Целью настоящей работы было исследование влияния 
высокотемпературной термомеханической обработки (ВТМО) 
с различными схемами горячей деформации, а также процессов 
отпуска и старения под нагрузкой на механическое поведение 
конструкционных азотсодержащих сталей разных структурных 
классов для повышения эффективности их  
термомеханического упрочнения. 
 
2. Методика проведения исследований. 

 Химический состав исследуемых сплавов приведен в табл. 1. 
Все аустенитные стали получены промышленной выплавкой.  
Выплавку и легирование азотом остальных сталей проводили в 
лабораторной печи. Масса слитков составляла 5÷6 кг.  
Предварительная обработка сталей – ковка, горячая прокатка; 
окончательная обработка – закалка, ВТМО с горячей 
продольной прокаткой пластин (ВТМО ПП) или с горячей 
радиально-сдвиговой прокаткой прутков (ВТМО РСП) [1].  
Горячую и теплую деформацию сжатием проводили на 
установке «Gleeble System 3800» со скоростями 1 с-1 и 0,01 с-1 
соответственно. 
Заключительной обработкой после контрольной закалки и 
ВТМО был отпуск в интервале 100-700оС.  
Используемые методы исследования: световая микроскопия 
для изучения зеренной структуры, рентгеноструктурный 
анализ для определения фазового состава и периодов решетки 
твердых растворов, калориметрический анализ процессов 
отпуска изменение твердости HV, механические испытания на 
растяжение и ударную вязкость, испытание на стойкость к 
ударно-волновому нагружению. 

 
Таблица 1 – Химический состав исследуемых сталей 

№ п/п Сталь 
Содержание легирующего элемента, масс. % 

С/N 
C Cr Ni Mn Mo Si Cu Ti N С+N 

Аустенитные стали 
1 12Х18Н10Т 0,1 17,5-17,8 8,94-10,00 1,12-1,26 0,1 0,35-0,62 0,10-0,14 0,48-0,66 ≤0,02 0,12 5 
2 04Х18Н10АТ 0,04 18,2 10,3 1,04 - 0,43 0,12 0,07 0,127 0,167 0,31 

3 08Х18АН10 0,05 17,6-18,4 10,30-10,38 1,01-1,06 - 0,43-0,44 0,12 0,07 0,135 0,14 0,37 

4 08Х18Н10АТ 0,05 17,9-18,2 9,55-9,60 0,80-0,83 <0,1 0.60-0.62 0,14 0,06 0,13 0,18 0,38 
5 10Х23Н18 0,08 22,66 18,32 1,01 0,08 0,48 0,07 0,06 - 0,08 - 
6 10Х23АН18 0,12 22,31 16,55 1,23 0,08 0,49 0,1 <0,08 0,28 0,4 0,43 

Стали, закаливаемые на мартенсит 
7 20ХНМАФ 0.17 1.22 0.97 0.35 0.36 0.26 0.03 - 0.037 0,207 4,59 
8 30ХГНАС 0.275 1 1.45 1.16 0.28 1.24 0.005 - 0.025 0,3 11 
9 30ХНМАФ 0.3 1.29 0.99 0.34 0.31 0.18 0.02 - 0.001 0,301 230 
10 35ХНМАФ 0.342 1.50 1.30 0.50 0.66 0.23 - - 0.020 0,362 17 
11 40ХНМАФ(1) 0.38 1.33 1.15 0.36 0.27 0.40 <0.02 - 0.03 0,41 12 
12 40ХНМАФ(2) 0.36 1.55 1.29 0.45 0.45 0.39 - - 0.062 0,422 5,81 
13 40ХНМАФ(3) 0.32 1.47 1.15 0.36 0.45 0.16 - - 0.093 0,413 3,44 
14 40ХНМАФ(4) 0.368 1.38 1.25 0.35 0.50 0.29 - - 0.024 0,392 15 
15 50ХНМАФ 0.510 1.78 1.43 0.55 0.30 0.39 - - 0.023 0,533 22 

Примечание: содержание S и O равно 0.005%(масс.) 
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3. Результаты исследований и их обсуждение. 
Диаграммы горячей деформации (рис. 1) сталей, 

легированных азотом чаще  имеют максимум. 
 
а)                                                                                                               
 

  б)  
Рисунок 1. Диаграммы горячей деформации сжатием со 

скоростью 1с-1 
а – аустенитные хромоникелевые стали, б – 

среднеуглеродистые, закаливаемые на мартенсит стали 
 
На сопротивление горячей деформации (рис. 1, табл. 2,3) 

влияет главным образом состав стали. Чем выше содержание 
С+N в аустените, тем выше сопротивление деформации. 
Например, максимально достигаемое сопротивление 
деформации стали 10Х23Н18 (кривая 5 рис 1 а) почти в 2 раза 
ниже, чем у её аналога с азотом – стали 10Х23АН18 (кривая 6 
рис. 1 а) при той же величине деформации.  

Чем выше отношение C/N, тем раньше начинается процесс 
разупрочнения. Так на кривой стали 4 рис 1 а (С/N=0,38) 
достижение σmax наступает в 2 раза раньше, чем для стали 2 рис 
1 а (где С/N=0,31) , очевидно, за счет более сильного 
деформационного упрочнения. 

Исходная структура, как было показано и в более ранних 
работах [2],  влияет  на  процессы  разупрочнения  
опосредовано, в основном через  влияние  исходного размера 
зерна на процесс рекристаллизации. Конечная структура и 
свойства горячедеформированного аустенита определяются 
только условиями горячей деформации.  

При горячей и теплой деформации аустенита могут 
наблюдаться эффекты деформационного старения. Старение 
аустенита традиционных нержавеющих сталей типа Х18Н10 
часто используют для повышения их прочности, особенно при 
использовании этих сталей в качестве теплостойких 
(жаропрочных) и проводят при температурах 650-750°С. 
Увеличение содержания азота и суммарного азота и углерода 
может сместить температурный интервал выделения 

карбонитридов к более низким температурам.  
Калориметрические измерения показали, что при нагреве 
сталей с азотом после закалки от 1050° и 1100° в интервале 
температур 360÷450 °C наблюдаются небольшие тепловые 
эффекты. При этом в стали с большим содержанием хрома и 
азота 10Х23АН18 тепловой эффект наблюдается при более 
низких температурах -  в интервале 365÷420°C. При нагреве 
стали 12Х18Н10 без азота в  интервале температур нагрева 
(200-550°C), как и положено, не наблюдается участков 
выделения или поглощения тепла. 

Для всех аустенитных сталей диаграммы теплой 
деформации имеют обычный вид – рост напряжения с ростом 
деформации и постепенное уменьшение деформационного 
упрочнения. Кроме того, на диаграмме деформации стали 
04Х18Н10АТ, для которой и калориметрически явно 
наблюдали эффект старения, имеет место четко выраженная 
площадка текучести. Для остальных сталей на диаграммах 
деформации, возможно, есть перегибы, но явной зубчатости не 
выявлено.  

На сопротивление горячей деформации (рис. 1, табл. 2,3) 
влияет главным образом состав стали. Чем выше содержание 
С+N в аустените, тем выше сопротивление деформации. 
Например, максимально достигаемое сопротивление 
деформации стали 10Х23Н18 (кривая 5 рис 1 а) почти в 2 раза 
ниже, чем у её аналога с азотом – стали 10Х23АН18 (кривая 6 
рис. 1 а) при той же величине деформации. Чем выше 
отношение C/N, тем раньше начинается процесс 
разупрочнения. Так на кривой стали 4 рис 1 а (С/N=0,38) 
достижение σmax наступает в 2 раза раньше, чем для стали 2 рис 
1 а (где С/N=0,31) , очевидно, за счет более сильного 
деформационного упрочнения. Исходная структура, как было 
показано и в более ранних работах [2],  влияет  на  процессы  
разупрочнения  опосредовано, в основном через  влияние  
исходного размера зерна на процесс рекристаллизации. 
Конечная структура и свойства горячедеформированного 
аустенита определяются только условиями горячей 
деформации. 

При горячей и теплой деформации аустенита могут 
наблюдаться эффекты деформационного старения. Старение 
аустенита традиционных нержавеющих сталей типа Х18Н10 
часто используют для повышения их прочности, особенно при 
использовании этих сталей в качестве теплостойких 
(жаропрочных) и проводят при температурах 650-750°С. 
Увеличение содержания азота и суммарного азота и углерода 
может сместить температурный интервал выделения 
карбонитридов к более низким температурам.  
Калориметрические измерения показали, что при нагреве 
сталей с азотом после закалки от 1050° и 1100° в интервале 
температур 360÷450 °C наблюдаются не большие тепловые 
эффекты. При этом в стали с большим содержанием хрома и 
азота 10Х23АН18 тепловой эффект наблюдается при более 
низких температурах -  в интервале 365÷420°C. При нагреве 
стали 12Х18Н10 без азота в  интервале температур нагрева 
(200-550°C), как и положено, не наблюдается участков 
выделения или поглощения тепла. 
Для всех аустенитных сталей диаграммы теплой деформации 
имеют обычный вид – рост напряжения с ростом деформации и 
постепенное уменьшение деформационного упрочнения. 
Кроме того, на диаграмме деформации стали 04Х18Н10АТ, для 
которой и калориметрически явно наблюдали эффект старения, 
имеет место четко выраженная площадка текучести. Для 
остальных сталей на диаграммах деформации, возможно, есть 
перегибы, но явной зубчатости не выявлено. Анализ диаграмм 
теплой деформации (таблица 4) показал, что сопротивление 
теплой   деформации, наряду с составом стали, определяется 
структурой горячедеформированного аустенита. Кроме того, 
чем выше содержание N, тем выше сопротивление малым σ 0,2 и 
большим теплым деформациям σ ε. При высоком отношении 
C/N и мелком зерне порядка (≈5 мкм) эффект повышения 
сопротивления большим деформациям выше.  
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Таблица 2 - Параметры диаграмм горячего сжатия (ε =1с-1) и зеренной структуры хромоникелевых аустенитных сталей 

№ 
п/
п 

Образец 
С+
N, 
% 

С/N Исходное 
состояние 

Тдеф, 
 °С 

σ0,2,  
МПа 

σmax, 
МПа εmax 

Dср, мкм Форма зерна 

В 
исходном 
состоянии 

После деформации 
e=0,51 (ε=40%) 

1 12Х18Н10Т 0,12 5 закалка от 1070 
°С 1050 60 152 0,29 31±7,2 15±3,2 Р 

2 04Х18Н10АТ 0,16
7 0,31 закалка от 1050 

°С 1050 88 183 0,29 13±2,8 4,2±0,5 Р 

3 08Х18АН10 0,14 0,37 ВТМО РСП, 65 
%, Tд=1070 ºC 1050 71  

σуст= 
177 

МПа 

εуст= 
0,37 8±1,3 4±0,8 Р 

4 08Х18Н10АТ 0,18 0,38 закалка от 1050 
°С 1050 66 145 0,15 17±3 9±1,7 Р 

5 10Х23Н18 0,08 - закалка от 1150 
°С 1150 57 121 0,28 32±7 20±3 Р+В 

6 10Х23АН18 0,4 0,43 литая 1150 89 170** 0,28 - - - 

*Р – равноосное зерно, В – вытянутое зерно, Р+В – частично вытянутое 
** – значение σ приведено для ε=0,28 

Таблица 3- Параметры диаграмм горячей деформации сжатием при температуре 970˚С (ε =1 с-1) и твердость после 
охлаждения со скоростью Vo=100˚С/сек среднеуглеродистых конструкционных сталей 

Сталь С+N, 
% C/N σ30*, 

МПа 
σ0,2, 
МПа 

HV, 
МПа 

30ХГНАС 0,3 11 166 79 5970 
30ХНМАФ 0,301 230 167 69 6060 

40ХНМАФ(4) 0,392 15 178 91 6300 
40ХНМАФ (1) 0,413 3,4 172 82 6590 

50ХНМАФ 0,533 22 188 83 7570 
* σ30 - напряжение, соответствующее ε=30% 

 
Таблица 4 – Сопротивление теплой (при 410°C азотсодержащих сталей и 650° стали 12Х18Н10) деформации хромоникелевых 

аустенитных сталей. 
№ 
п/п 

Сталь, обработка D, мкм σ0,2, МПа σε, МПа ε 

1 12Х18Н10Т*, закалка от Тн=1070 °С + ГД, 970˚С, 20%, ε =1 с-1 15±3,2 155 271 0,08 

2 04Х18Н10АТ, закалка от Тн=1050 °С + ГД, 970˚С, 20%, ε =1 с-1 4,2±0,5 245 394 0,04 

3 08Х18АН10, ВТМО РСП, 65%, 

Тд=1070 °С + ГД, 970˚С, 20%, ε =1 с-1 
4±0,8 

178 436 0,08 

4 08Х18Н10АТ, закалка от Тн=1050 °С + ГД, 970˚С, 20%, ε =1 с-1 9±1,7 239 364 0,07 

5 10Х23Н18, закалка от Тн=1150 °С + ГД, 970˚С, 20%, ε =1 с-1 20±3 167 333 0,07 

  * ГД – горячая деформация сжатием 
 

 

 
Рисунок 2. Калориметрические кривые нагрева (5°С/мин.) закалённой стали 40ХНМАФ 
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В результате предварительных исследований процессов 
формирования и растворения избыточных фаз при нагреве 
были выбраны температуры закалки и температуры проведения 
горячей деформации при ВТМО конструкционных 
микролегированных азотом сталей 920 °С - 970 °С [1,3]. По 
рентгеновским данным этот температурный интервал отвечает 
практически полному растворению карбидов и карбонитридов 
и способствует получению высокой твердости и сохранению 
мелкозернистой структуры [3]. При отпуске сталей в интервале 
температур 100-700˚С после термической и термомеханической 
обработок твердость падает примерно одинаково, оставаясь 
более высокой в стали с большим содержанием С+N, в том 
числе и в случае резкого охлаждения после горячего сжатия 
(табл. 3).  

На калориметрической кривой нагрева образцов стали 
40ХНМАФ (рис. 2) после закалки (нижняя кривая) 
наблюдаются несколько областей выделения тепла: (I) В 
интервале температур 100-220°С мартенсит закалки переходит 
в мартенсит отпуска и ε -карбид, точнее, карбонитрид, что 
примерно на 20°С выше, чем у стали того же состава. но без 
азота. (II) В интервале температур 190-360°С мартенсит 
отпуска и ε - карбиды, а также остаточный аустенит, переходят 
в феррит и цементит. (III) В интервале температур 400-460°С 
часть углерода из цементита уходит в карбиды хрома. Исходя 
из результатов калориметрии и измерения твердости после 
отпуска, температурный интервал отпуска 160-190°С является 
наиболее благоприятны для реализации высокой прочности, 
пластичности и достаточной вязкости, особенно после 
термомеханической обработки. 

Таблица 5 - Механические свойства сталей после ВТМО с деформацией  продольной прокаткой (ПП) и радиально-сдвиговой 
прокаткой (РСП)  

Марка стали 
 

Режим прокатки 
при ВТМО σв, МПа σ0,2, МПа  δравн, % δ,  % ψ, %  HRC 

20ХНМАФ  РСП 1607 1566 3 10 50 58 
30ХГНАС  РСП 1898 1698 4 14 56 56 
30ХНМАФ  РСП 2011 1796 3 11 56 56 
35ХНМАФ ПП 2052 1850 4 7 39 58 

РСП 2379 1956 5 8 30 57 
40ХНМАФ ПП 2296 1911 3 7 33 58 

РСП 2156 1900 4 15 52 58 
50ХНМАФ ПП 2475 2044 3 4 13 62 

РСП 2284 1979 7 11 14 60 
 δравн – равномерное удлинение  
 
 

Действительно, исходя из полученных диаграмм 
растяжения и рассчитанных по ним механических 
характеристик (табл. 5) видно, что уровень этих свойств после 
ВТМО и низкотемпературного отпуска  высокий. При этом, 
чем больше в стали суммарное содержание C + N,  тем выше 
прочность (σв и σ0,2) и ниже пластичность (δ и ψ), особенно для 
стали 50ХНМАФ. Однако следует отметить, что при 
использовании ВТМО удалось добиться весьма высокой 
прочности и заметной пластичности  даже для этой стали, 
особенно в случае ВТМО при горячей деформации по схеме 
радиально - сдвиговой прокатки (РСП).  

Испытания на стойкость к ударно-волновому нагружению 
стали 40ХНМАФ двух плавок с суммарным содержанием 
углерода и азота 0,422 и 0,413 и с разным соотношением С/N 
подтвердили получение на исследуемых сталях 
высокопрочного состояния после ВТМО и 
низкотемпературного отпуска, характерного для броневых 
сталей; отношение С/N, не должно быть менее 5. Анализ 
параметров диаграмм теплой деформации закаленных на 
мартенсит сталей и их твердости показал после деформации, 
что  комбинирование термомеханического упрочнения с 
отпуском под нагрузкой позволяет повысить прочность таких 
сталей после отпуска в широком интервале температур (185 
÷600 °С) отпуска . Повышение содержания азота усиливает 
эффекты деформационного старения при теплой деформации 
мартенсита, а также упрочнение при теплой деформации 
закаленных и отпущенных сталей, причем эффект тем выше, 
чем больше содержание С+N и меньше отношение C/N.  

3. Заключение 
1. При одинаковом базовом составе стали, сопротивление 
теплой деформации аустенитных и закаленных на мартенсит 
сталей определяется и исходной структурой, которая может 
быть создана в аустените при горячей деформации и 
унаследована образующимся при закалке мартенситом, и 
собственно составом стали. Чем выше содержание азота, тем 
выше сопротивление и малым, и большим пластическим 
деформациям. 
2. Повышение содержания азота усиливает эффекты 
деформационного старения при горячей и теплой деформации 
аустенита и мартенсита, а также упрочнение при теплой 
деформации закаленных и отпущенных сталей, причем эффект 
тем выше, чем больше суммарное содержание С+N и меньше 
отношение C/N.  
3. Микролегирование азотом низколегированных 
конструкционных сталей типа 40ХНМАФ приводит к 
изменению кинетики процессов отпуска мартенсита. Область 
двухфазного распада и существования ε -карбида растягивается 
в сторону более высоких температур.  
4. Применение высокотемпературной термомеханической 
обработки или комбинированного термомеханического 
упрочнения с отпуском под нагрузкой позволяет повысить 
конструкционную прочность таких сталей, использовать их в 
высокопрочном состоянии после низкотемпературного 
отпуска, при этом достигается также высокое сопротивление 
ударно-волновому нагружению. 
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Abstract: Metallographic methods, X-ray diffraction and magnetometric analysis, hardness measurement, analysis diagrams of phase-rule 
diagrams and hot compression tests were used for  the investigation of the Fe + (12,7 – 25,6)% Mn + (0 – 14,4)% Al + (0,02 – 2,18)% C + 
(0,001 – 0,135)% N alloys structure and properties and for the assessment of the as-cast alloys strength and deformability. 
KEYWORDS: AS-CAST HIGH-MANGANESE-ALUMINUM IRON ALLOYS, PHASE-RULE DIAGRAMS, HOT DEFORMATION, 
MICROALLOYING WITH NITROGEN, Ε-MARTENSITE. 
 
1.Introduction. High-strength alloys based on Fe-Mn-Al-C 
represent a new group of high-manganese alloys with high 
aluminum content (so-called TRIPLEX alloys). At the initial stage 
the creation of the investigated alloys, containing (12,7 – 25,6)% 
Mn,  Al (up to 14,4)%,  carbon and carbon or nitrogen, was mainly 
motivated by the opportunity to replace the more expensive 
austenitic chromium-nickel corrosion-resistant steel, which 
coincide with the investigated alloys in many aspects of using. 

However the choice of a new complex alloying of high-
manganese alloys containing aluminum, carbon and nitrogen, so a 
new set of realizable properties in the alloys, of course, gives new 
possibilities for their application. These alloys have high ductility 
combined with high specific strength and are very popular in terms 
of their use in the automotive industry [1]. 

Moreover the high-aluminum manganese alloys in heat-
treated condition are nonmagnetic (or low magnetic) and lighter 
than traditional high-strength structural steels by 10 – 20%, which 
makes possible their use in the high frequency electrical equipment 
as a material for high-strength lightweight rotating parts due to 
their low specific weight. 

In addition, these alloys are promising to use in cryogenic 
engineering for transportation and storage of liquefied gases [2]. 

It is known from the literature data [3,4] and the works of 
authors [2, 5-7] ε-martensite can be formed in the high-manganese 
alloys structure which maximum quantity is observed at density of 
manganese about 17 % mass. The characteristic feature of high-
aluminum manganese alloys with high content of carbon is the 
presence in the structure of k-carbide variable composition 
(Fe,Mn)3AlC1-x with FCC lattice in which atoms of iron or 
manganese are arranged on the faces, and a carbon atom is in the 
center.  
At the present time in the world there are more of projects, which 
examine the reactions and processes of structure formation 
 
Table 1 - Chemical composition of the alloys. 

 in the above-mentioned types of alloys for better regulation of the 
achieved properties, taking into account the complexity of 
production, especially the high-alloy steels [2, 5-8]. 

Thanks to introduction of nitrogen in steel the expected life of 
products increases, necessary level of constructional properties is 
provided. It surpasses many other alloying elements in hardening 
ability and on corrosion stability increase [9-11]. Nitrogen use in a 
role of alloying constituent and taking into account economic 
efficiency is expedient. Therefore, the aim of present study was to 
investigate the influence on the structure and properties of Fe-Mn-
Al-C microalloying with nitrogen alloys, considering that the 
nitrogen is almost always present in steel in small quantities. 

2. Materials and experimental procedure. The 
chemical composition of the alloys is shown in Table 1. 

Melting of № 1 – 13 alloys was carried out in a laboratory 
resistance furnace with a tungsten heater at a temperature of 1600 
°C by the method of net charge components fusion  (carbonyl iron 
+ ferromanganese + technical pure aluminum). Alloys samples № 1 
– 13 were cylinders with 5.0 – 7,0 mm diameter. Alloys № 14, 15 
and 16 are derived from net charge (metal carbonyl iron + 
manganese + technical pure aluminum) by flash smelting in an 
argon atmosphere at a РAr =0,9 MPa pressure. The ingots were in 
the form of a truncated cone with maximum 3 mm cross-section 
and 12 mm length.  

The phase-rule diagrams calculated by Thermo-Calc program 
were analyzing. The vertical lines on the polythermal sections of 
the calculated diagrams correspond to the investigated alloys 
specific chemical compositions. Experimentally the Fe-Mn-Al-C(-
N) structure, phase composition, their magnetization were studied 
by the methods of metallographic, magnetometric and x-ray 
diffraction analysis, hardness measurement. The Fe-Mn-Al-C(-N) 
alloys were dipped in phosphoric acid with chromic anhydride, and 
Fe-Mn-Al alloys – in 3% spirit a nitric acid solute.  

Alloy № Mass fraction of element, wt. % 
Mn Al Si Mo C N 

1 16,8 0,01 0,86 2,0 1,62 0,020 
2 21,2 6,2 0,50 0,20 1,10 0,006 
3 19,1 7,5 0,60 1,20 1,47 0,002 
4 19,1 9,0 0,50 0,03 2,18 0,001 
5 23,9 4,0 0,54 0,01 1,80 0,032 
6 25,3 0,01 0,20 <0,001 0,02 0,014 
7 23,7 7,5 0,20 <0,001 0,05 0,008 
8 22,6 14,4 0,20 <0,001 0,05 0,007 
9 23,8 4,6 0,20 <0,001 0,05 0,020 
10 25,6 0,01 0,20 <0,001 0,03 0,135 
11 23,7 8,1 0,20 <0,001 0,05 0,008 
12 24,3 11,5 0,20 <0,001 0,03 0,045 
13 24,1 5,3 0,32 <0,001 0,04 0,024 
14 13,4 7,5 – – – – 
15 12,7 7,5 – – – – 
16 14,0 12,0 – – – – 
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The strength and deformability of the as-cast alloys were 
assessed by hot compression tests of cylindrical samples of height h 
= 9,70 – 11,45 mm and diameter Ø = 5,50 – 6,20 mm, hot 
deformation diagrams obtained in compression along the axis of 
cylindrical samples at a temperature T = 1000 °C with a strain rate 
έ = 0,1 s-1 using the test facility «Gleeble System 3800». 

3. Results and discussion. The phase-rule diagrams 
analysis allows predicting the following. Binary alloys of Fe-Mn 
with a high content of manganese are prone to phase separation in 
the liquid phase during cooling of the melt until the composition 
corresponding to the β-Mn formation and regions with a relatively 
low concentration of manganese (Fig. 1,a). During their rapid 
cooling in Fe-Mn alloys γ→ε transformation takes place and the 
paramagnetic ε-martensite formation  with the HCP shear 
mechanism of the martensitic type lattice. As a result of as-cast 
alloy with a high content of manganese may have a three-phase 
structure of the γ + ε + β-Mn. 

 After rapid cooling nonaluminum alloy Fe + 13,5% Mn (Fig. 
1,b) is purely austenitic, as an effective γ-manganese stabilizer. In 
the process of doping with aluminum, which, in contrast, is a 
strong α-stabilizer, γ-region of the solid solution becomes 
narrower. The alloys (Fe+13,5% Mn) - Al become a pure ferrite 
with more than 5% Al. Then the investigated alloys № 14, 15 and 
16 correspond to a single-phase α-region at the fast cooling and 
crystallization of alloys. 

Phase-rule diagram polythermal sections (Fe+23,5% Mn) – Al 
alloys, № 6 – 13 of the Fe-Mn-Al-(N) system  and 
(Fe+19,1%Mn+9,0%Al+0,50%Si+0,03%Mo) – C, alloy №4 are 
shown in Figure 2. 

Alloying of aluminum reduces the bundle, extends the 
existence of α-phase, inhibits the γ→ε transformation, as a result 
the α-phase, or the α-phase with a small amount of austenite and ε-
martensite may be in the indicated range of Mn and Al 
concentration in the structure of ternary alloys.  

 

 

 
a  b 

Figure 1 – The phase-rule diagrams of Fe-Mn (a) 
alloys and polythermal sections for № 14 – 16 (b) 

 

 

 
а  b 

The polythermal sections 
(Fe +23,5% Mn) – Al 

 The polythermal sections 
(Fe+19,1%Mn+9,0%Al+0,50%Si+0,03%Mo)–C 

Figure 2 – The polythermal sections of the phase-rule diagrams (Fe +23,5% Mn) – Al alloys, 
 № 6 – 13 (a) and (Fe+19,1%Mn+9,0%Al+0,50%Si+0,03%Mo) – C, alloy №4 (b) 
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Microalloying with nitrogen also aids to reduce the separation 
of the melt austenite stabilization to lower the martensitic 
transformation temperature and reduce the number of ε-martensite 
formed during cooling. At higher nitrogen (up to 0,135%) content 
aluminum nitride appears in the diagram, and the gas phase, the 
passage through this phase of the alloy can lead to the appearance 
of pores during the crystallization and discontinuities in the cast 
material. 

Alloying of Fe-Mn-Al alloys with carbon or carbon and 
nitrogen complicates the form of the phase-rule diagrams and as a 
result the phase composition of these alloys at room temperature  
will contain γ or γ+carbides. 

Analyzing the calculated phase-rule diagrams, one should bear 
in mind that they are true only for equilibrium crystallization at 
infinitely slow cooling rates. 

Experimental researches have shown that high-carbon alloys in 
cast state have a dendritic structure (Fig. 3a). Alloy samples of 
ternary system Fe-Mn-Al 14 – 16 have a grain structure (Fig. 3b) 
with a grain size of 40 – 50 um. 

The experimental results of X-ray phase analysis well agree 
with forecast, proceeding from the calculated phase-rule diagrams 
and crystallization and cooling conditions. The phase compositions 
of the as-cast alloys calculated by Thermo-Calc and obtained by 
means of X-ray investigation are shown in Table 2. 

In addition as a result of X-ray analysis of the solid solutions 
lattice parameters is shown that the condition of each alloying 
components contributions additivity, which are proportional to their 
concentration, the change in the lattice period γ-and α-phases are  
 

 not  applicable  for   alloys  containing   more  than  3%  aluminum. 
The difference between the experimentally obtained lattice constants 
of the alloy 4, containing 9% Al and nonaluminum alloy 1 is Δaγ exp. 
= 0,0841 Å (for ΔMn = 2,3%, ΔAl = 8,9%, ΔC = 0,56% , ΔMo = 
1,97%, ΔN = 0,019%), it is considerably greater than the difference 
of the lattice parameters, calculated using the reference values of the 
aluminum lattice dilatation coefficient  (Δaγ.th. = 0,0285 Å), based on 
the difference in chemical composition alloys 1 and 4. For the alloy 5 
containing 4,0% Al, the difference (compared with the nonaluminum 
alloy 1) between the experimentally obtained and theoretically 
calculated lattice periods γ-phase is not so great as in the previous 
case, and consists Δaγ exp. = 0,0325 Å, and Δaγ.th. = 0,03518 Å, 
respectively. 

Crystallization of high Fe-Mn-Al-C-N alloys passes the 
formation of dendritic structures even at cooling rates of 103 – 104 
K/s, preservation nonequilibrium high-temperature phases after 
cooling and separation of carbides. The released carbides resistant 
to dissolution by heating to 1070 – 1090 ºC. The hardness of alloys 
in the cast state is shown in Figure 4. 

The high-carbon cast Fe-Mn-Al-C alloys are well hot 
deformed up to 40 - 50% reduction without hot cracks formation. 
The resistance to hot deformation σmax increases with increasing 
content of aluminum, carbon and nitrogen. In the hot deformation 
diagrams (fig. 5) of alloys doped with aluminum some 
characteristics are observed, possibly they associate with phase 
changes (aging and γ→α transformation).  

The resistance of hot deformation for the alloys № 1 – 5 at 
T=1000 ºС, έ=0,1 sec-1 are shown in Table 3.  

 

 

 
а b 

Figure 3 – The microstructure of alloys 3 (a) and 6 (b) in the cast state. The cross-sections of ingots 
Table 2 – The phase compositions the as-cast alloys calculated by Thermo-Calc and obtained by means of X-ray investigation 

Alloy, № The phase compositions calculated by Thermo-Calc at 
25ºC 

The phase compositions by means 
 of X-ray investigation at 25ºC 

1  γ + Fe3C + MexCy γ + ε(следы) 
2  α + γ + MexCy γ + kappa(следы) 
3  α + MexCy(+kappa) γ  
4 α + MexCy + kappa  γ + kappa 
5  α + AlN + MexCy (+kappa) γ  
6  γ + α (+ε) γ + ε + β-Mn 
7  α (+γ) α 
8  α α + ε 
9  α + γ γ + ε(следы) 

10 γ + α (+ε) γ + ε + β-Mn 
11  α (+γ) α + ε 
12  α α + γ(следы) 
13 α + γ γ 
14 α α 
15 α α 
16 α α 

6 3 
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Figure 4 – The hardness of high Fe-Mn-Al-C-N cast alloys  Figure 6 – The alloys hardness after hot deformation.Т=1000 °С, 
έ=0,1 s-1. After hot deformation and quenching the cross section 

hardness of all samples is aligned with the exception of alloy 4 
(Fig. 6). The reasons of inhomogeneity can be its severe cracking 
during rapid cooling and open barrel shape The hardness levels of 
samples 4 and 5, 1 in as-cast and deformed state are similar, the 
hardness of sample 2 after hot deformation and rapid cooling is 
much higher. For sample 3, conversely, it is lower than in the cast 
state, which is probably due to the different phase transformations 
occurring during crystallization cooling, strain, deformation and 
final cooling. 

 The addition of nitrogen reduces the melt separation, stabilizes 
the austenite, lowers the martensitic transformation temperature, 
and therefore reduces the ε-martensite amount formed during 
cooling.  

Hardness at room temperature in the cast state is higher, when 
the degree of alloy doping is higher. High-carbon alloys with 7.5 
and 9% Al have maximum hardness. An alloy with 9% Al has a 
greater tendency to dendritic segregation and graphitisation, alloys 
2 and 5 (4,0 – 6,2% Al) have the greatest inhomogeneity. After hot 
deformation rate and correlation hardness of different alloys vary 
as a result of additional occurring structural and phase 
transformations. 

5. References. 
1. Grassel O., Kruger L., Frommeyer G., Meyer L.W. High 
strenght Fe-Mn-(Al,Si) TRIP/TWIP steels development – 
properties – application // International Journal of Plasticity. 2000, 
№16, P. 1391-1409. 
2. Frommeyer G., Brux U. Microstructures and Mechanical 
Properties of High-Strenght Fe-Mn-Al-C Lighr-Weight TRIPLEX 
Steels // Steel Research International. 2006. 77. № 9-10. P. 627-
633. 
3. Bogachev I.N., Egolaev V.F. The structure and properties of 
iron-manganese alloys. Moscow: Metallurgy, 1973. – p. 295. 
4. Volynova T.F. High-manganese steels and alloys. Moscow: 
Metallurgy, 1988. – p. 343. 
5. Mazancova E., Jonsta Z., Mazanec K. Structural Metallurgy 
Properties of high manganese Fe-Mn-Al-C alloy // METALL 2008, 
Hradec nad Moravici, May 13 – 15. 
6. Krivonogov G.S., Alekseenko M.F., Solov’eva G.G. The 
kinetics of phase transformations in 9G28Yu9MVB steel // Phys. 
Met. and Metall.. 1975, № 39, p. 86 – 92. 
7. Storchak N.A., Drachinskaya A.G. Nature of the work-
hardening Fe-Mn-Al-C alloys during aging // Phys. Met. and 
Metall.. 1977, № 44, p. 123 – 130. 
8. Han K.H., Kang T.S. and Laughlin D.E. Thermomechanical 
Treatment of an Fe-Mn-Al-C Sideband Alloy // Proc. of 
International Conference with 1988 World Materials Congress, 
Chicago, IL.. 1988, Sept. 24-30, p. 69-75. 
9. Prokoshkina V.G., Kaputkina L.M., Svyazhin A.G. The 
investigation of cast and thermomechanically hardened nitrogen-
containing chromium-nickel steel // Metall Tech. and Treatment of 
Met.. 2000. № 9. p. 10-15. 
10. Kaputkina L.M., Prokoshkina V.G. The features of 
transformations, the structure and hardening of nitrogen-containing 
steels // Phase and structural transformations in steels: coll. scien. 
works. / Edit. by V.N. Urtsev. Magnitogorsk. 2008. №.5, p.138-
156.  
11. Kostina M.V., Bannych O.A., Blinov V.M. The features of 
steels alloyed with nitrogen // Metall Tech. and Treatment of Met.. 
2000. № 12. p. 3-6. 

 

 
Figure 5 – Hot deformation diagrams of alloys 1 – 5. Т=1000 °С, 

έ=0,1 s-1 
Table 3 – The resistance of hot deformation for the alloys № 1 – 5 
at T=1000 ºС, έ=0,1 sec-1. 

 Alloy № 
1 2 3 4 5 

C°1000
maxσ ,MPa 131 119 116 198 170 

ε, % 8 12 6 8 6 
Taking into account the phase-rule diagrams it is possible to 

argue that all the alloying elements which make up the sample, 
contribute to an increase in hardness with the mass fraction content 
increasing of each alloying elements by both solid solution 
hardening and excessive formation of nanoscale phases. 

After hot deformation rate and hardness correlation of 
different alloys vary in accordance with the proceeding structural 
and phase transformations. 

4. Conclusions. By adjusting the alloy composition and 
thermomechanical treatment modes it is possible to form triplex 
structure (γ – α – k-carbide; γ – ε – k-carbide; γ – ε – α) with 
different correlation, sizes and phase distribution, providing a given 
set of mechanical and physical properties. 
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Keywords: ultrafine-grained, nanocrystalline, grain, tensor, distortion, rotation, plastic strain compatibility. 
Ultra-fine grained (UFG) and especially nanocrystalline (NC) metallic materials can exhibit high strength at room temperature and 
superplastic properties at elevated temperatures. This enables to enhance their technological and structural properties, when producing 
various parts from them. The UFG and NC materials are obtained by severe plastic deformation. It is important to develop deformation 
methods that allow maximal grain refinement. It is shown that solution of this problem should take into account strain compatibility at the 
macro-, meso- and micro-levels and also the role of rotational deformation mode. Examples of obtaining UFG and NC materials and machine 

parts are given. 

1. Introduction 

Methods of severe plastic deformation (SPD) are widely used 
for the production of bulk metal and alloy materials with grain size 
1-10 microns and even down to a few nanometers [1,2]. Most of the 
works in the field of severe and large plastic deformations are 
mainly devoted to micromechanisms of deformation and structure 
evolution [1,3]. Development of the effective methods of 
production of the UFG and NC materials requires a deep 
understanding of between structure state and strain state [2,4].  

As it is known, in the theory of metal working the strain state at 

a point of a continuum is characterized by the strain tensor ê . If 

the displacement vector field u is known then the strain tensor ê  
can be calculated by its differentiating. When solving the inverse 
problem, i.e. finding vector u from the strain components one meets 
the non-uniqueness of the solution because three components of the 
displacement vector are defined by the six components of the strain 
tensor. This non-uniqueness can be overcome by differentiating the 
Cauchy relations and exclusion from them the displacement vector 
components. As a result, the six strain compatibility equations are 
obtained that a valid for small but not for finite strains. Moreover, it 
is not clear how such approach to the establishment of the strain 
compatibility conditions can be applied to crystalline materials 
where plastic strain is developed due to motion of one-dimensional 
defects leading to structure evolution and fragmentation of the 
material and to the formation of small grains. 

In connection to this, in this paper, the following problem is 
addressed: to reveal the physical and mechanical reasons for 
fragmentation, that results in UFG and NC state formation in 
metals, based on a wider notion of the plastic strain compatibility 
condition, than that used in the metal working theory. The plastic 
strain compatibility condition is a direct consequence of the matter 
conservation law, and thus, the addressed problem is based on the 
“first principles” of plastic deformation of amterials. 

 
2. Generalized strain compatibility condition 

Let a solid body under external forces and torques 
undergoes plastic deformation, i.e., its dimensions and shape 
change without breaking of continuity. Let us choose an 
imaginary net of straight lines in the bulk of the body 
parallel, e.g., to the Cartesian coordinate axis or, in the case 
of crystalline body, to the crystallographic axis. After plastic 
deformation the lines of the net will be inevitably distorted 
being bended and screwed. At each point of the body the 

distortion is given by the tensor ̂ , with respect to which 

the condition of compatibility of plastic deformation has the 
form: 

(1)             ˆ ˆˆ( ) 0rot rot e                                                  

.    

 Deformation in the vicinity of a point is defined by the 

symmetric part of ̂ , which can be written in the form ê  = 

(u + u)/2.  Anti-symmetric part of ̂ , which can be 

presented as ̂  = (u - u)/2, represents pure rigid 
rotation of the vicinity of the point. Substituting in (1) the 

tensor of distortion ̂  by ̂ = ê +̂  one gets: 

(2)                rot ê  =  rot ̂ .                                                          
     

For crystalline materials components in the strain 
compatibility equation (3) can be defined by the following 
set of equations [6]:  

Strain compatibility condition can also be written in the 
form 

(3)   
1 1

ˆ ˆ( ) 0
M M

k k k k k k
k k

rot T R   
 

                                    

   

Where ˆ 0,5( )k kT nb bn 
  

 and ˆ 0,5( )k kR nb bn 
  

 are, 

respectively, the symmetric and anti-symmetric parts of the 
tensor for k–th slip system; k – dislocation density, k – 

mean path length of dislocation, bn


,  are the normal to 

the slip plane and the Burgers vector for k-th slip system in 
a grain.  

The equation analogous to (2) can be written as 
 
(4)                           ˆ ˆ

T R   ,                                                       

where ˆT  and ˆ
R  are the tensors of Taylor and reactive 

rotations of grain, respectively. 
Thus, one can say that distortion results in a shape 

change of material, because in the symmetric rotation tensor 
the trace is not equal to zero, and to the pure rotation 
changing the misorientation angles of the regions, because 
in the anti-symmetric rotation tensor the trace is equal to 
zero. Note that the first rotation can be called active and it 
appears due to dislocation accumulation, while the second 
one is reactive and it is caused by disclination motion. 

 
3. Structural conditions on the strain 

compatibility 
In the ideal case, plastic strain compatibility is achieved 

by the equality of the distortion tensor in each of N points 
or grains, i.e., by the equalities of the distortion components  
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 (5)              1 2

1 2

ˆ ˆ ˆ ˆ...
ˆ ˆ ˆ ˆ...

N

N

e e e e
   
   
   

                                                   

Such conditions can be fulfilled for a polycrystal only if 
in each grain at least 5 slip systems are active or if there exist 
a large number of grain boundaries allowing for grain 
boundary sliding and grain rotations.  

 Usually polycrystals have large grains with a negligibly 
small grain boundary volume fraction and typically there are 
no more than 2-3 active slip systems. As a consequence, 
under such conditions, not the well-known Polyany-Taylor 
strain compatibility conditions [2] but the conditions 

(6)       1 1 2 2
ˆ ˆ ˆ ˆˆ ˆ ˆ ˆ... n ne e e e            

                                                                              
are more realistic.  

If the strain compatibility equation is expressed in the 
form 

 

(7)       
1 1

ˆ ˆˆˆ( ) ( ) 0
N N

k k k k k k
k k

rot e rot T R    
 

       ,   

                                       

then, taking into account the values of T̂  and R̂  and the 
fact that the dislocation density and their mean path length 
are not equal to zero, one obtains:  

 (8)     0nb 


                                                              .                                                                        

the regions close to grain boundaries. As a result, 
internal Condition (8) can be easily fulfilled in a single-
crystal. In polycrystals shear, i.e., dislocation sliding in 
active slip systems, is detained by grain misorientation and 
mismatch of the slip systems in different grains. Therefore, 
already at relatively small strain levels, dislocations are 
accumulated in grains, starting from stresses grow and then 
relax by reconstruction of dislocation pileups into small-
angle grain boundaries or dislocation walls. In this process 
the set of large-angle grain boundaries detaining the 
dislocation sliding is substituted by the large amount of 
small-angle sub-grain boundaries which can be easily 
overcome by dislocations. Because of such fragmentation, 
the equation (8) and the plastic strain compatibility condition 
(7) are fulfilled only approximately.  
The structural condition of strain compatibility can also be 
represented as:  

 

        (9)        ˆ ˆ 0div  α α ;                                                            

       (10)      
V A

dV dA  b b
 

                                                         

where α̂ – dislocation density tensor; V and А are, 
respectively, the volume and the surface area of the 
deformed metallic sample.  

 Physically, equation (9) means that within a deformable 
volume - the deformation zone – there is no dislocation 
sources that could change the density of charge dislocations 
(dislocations of the same charge) and thus could change the 
curvature - twisting of the crystal lattice. Equation (10) 
reflects the law of the Gauss-Ostrogradskii for the field of 
the Burgers vector, demonstrating that the divergence of this 
field in the deformation zone is equal to the flow of 
dislocations emerging on the surface of the deformation 
zone. Indeed, since the lattice dislocations appear as the 
loops, then the path-tracing along them, in general, gives the 

zero curvature-torsion of the crystal lattice. The curvature-
torsion accumulates when a dislocation segment comes out 
on the surface or on a grain boundary and/or when the 
surface and the grain boundaries become the sources of the 
dislocation segments (half-loops). 

 
4. Factors that influence grain refinement 
From the above equations it is possible to obtain the 

relation between change in the external surface of the 
deformed polycrystal and its linear defects, i.e., charged 
dislocations. Formal derivation of this relation, taking into 
account the equality between the increments of curvature - 
torsion of the crystal lattice and normalized to the volume 
area of the deformation zone, was introduced and developed 
in [2,4]. As a result, the developed model [2,5,6] allows 
one, with physical accuracy, to estimate the average grain 
size as the function of accumulated in course of 
deformation curvature-torsion of the crystal lattice, taking 
into account the size effect, i.e., the deformation zone size. 
It is also important to note that the presence of the rotation 
deformation mode is an important condition for structure 
formation at large plastic deformation. Taking into account 
the rotation deformation mode enables to correctly estimate 
the magnitude of strain necessary for grain refinement in 
various deformation processes. 

An important role in the UFG structure formation is also 
played by the non-homogeneous field of angular velocities, 
leading to formation of band structures [2,6]. The presence 
of large-angle grain boundaries between the bands results in 
the non-monotonous deformation and to the formation in 
the material a homogeneous UFG structure due to the 
intersection of bands. 

Experimental confirmation of the theoretical 
investigation of the UFG structure formation was obtained 
on the single-phase metals and multi-phase heat-resistant 
alloys. Presence of the large amount of strengthening 
intermetallic phase in such alloys strongly reduces the size 
of plastic zones in the matrix because of small distance 
between the phase precipitates. Moreover, this phase 
suppresses the grain growth during hot deformation. That is 
why, the UFG structure in such alloys is obtained by the 
dynamic recrystallization, and the important parts of 
machines are made of UFG semi-products in the condition 
of superplastic deformation [7,8]. 
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Abstract: Experimental studies on the application of electrical methods of processing materials and products in order to modify their 
physical and physico-mechanical properties have shown the efficiency of energy use of microwave of electromagnetic waves. The paper 
presents a model for determining the degree of variation of the microwave absorption ABS copolymer when modification of carbon 
nanomaterials. The obtained results allow us to determine the mode of microwave heating to achieve the plastic characteristics of the 
material required for the process of solid-phase formation. 
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Introduction 
Traditional methods of processing of polymeric materials in 

the product include, but are generally very long stage of heating and 
cooling or curing of the molten material in the form. 

Polymer processing methods of plastic deformation in the 
solid phase is the new progressive method to improve the 
performance of the processing equipment, reduce energy 
consumption of the production process of obtaining products and 
improve their quality. 

To implement the processes of plastic deformation of polymer 
materials in most cases apply conductive heating to the main 
drawback of which is its considerable inertia. 

It is now one of the most promising methods of heat treatment 
of various dielectric materials become the microwave heating. 
Dissemination of microwave heating due to a number of its 
features. First of all, when the microwave heating is possible to 
ensure a high rate of heat propagation in the material of the 
selective heating in the processing of heterogeneous materials, 
which reduces the energy consumption of the whole process. 

The effectiveness of microwave heating of dielectric materials 
can be greatly enhanced through the creation of composite materials 
with high conductivity materials: carbon, graphite, carbon-graphite 
fibers or metals [1-3]. Important issue is to modify the structure and 
properties of polymeric materials ultrafine particles. Now for the 
modification of polymers widely used fullerenes, ultrafine carbon 
particles and carbon nanotubes. 

Use as a modifying substance of carbon nanomaterials can be 
used in the microwave heating properties of nanocarbon to improve 
microwave processing nano-modified polymer-carbon materials  
[4-6]. 

The aim of mathematical modeling is to determine the degree 
of variation of the microwave absorption ABS copolymer with its 
modification of carbon nanomaterials "Taunit." 

 
Basic data 
The object of these studies used a copolymer of acrylonitrile, 

butadiene and styrene (ABS copolymer) (GOST 12851-87). As a 
modifier used nanostructured carbon materials (CNM) "Taunit" 
(nanofibers, multiwall nanotubes) - dimensional nanoscale 
filamentary formation of polycrystalline graphite in the form of 
loose powder with a particle size of 40-100 nm. The investigation of 
the cylindrical specimens of 5 mm diameter and 15 mm long. 
Microwave treatment of electromagnetic waves was carried out in 
the microwave chamber with the radiation frequency magnetron 
2450 MHz. Output power of 700W. Microwave heating time of 0-
100 sec. The sample temperature during microwave heating time 
was determined on the surface and in the center of the axis of the 
sample. 

The amount of applied carbon nanomaterial - 1 parts by 
weight per 100 parts by weight of ABS copolymer. 

Medium temperature - 23 0C. 

Density ABS copolymer - 1035 kg/m3. 
The heat capacity of the ABS copolymer - 1800 J / (kg * K). 
Thermal conductivity of ABS copolymer - 0.214 W / (m * K). 
Density CNM "Taunit" - 2200 kg/m3. 
The heat capacity of CNM "Taunit" - 840 J / (kg * K). 
Thermal conductivity CNM "Taunit" - 280 W / (m * K). 
 
Statement of problems 
Due to the significant complexity of the physical processes 

involved in the microwave heating of a cylindrical sample chamber 
of the experimental setup in the following assumptions: 

- Flux density of microwave radiation through the surface of 
the sample is constant and the surface; 

- The degree of reflection of microwave radiation from the 
surface of the sample is the same for the source and nano-modified 
materials; 

- The absorption coefficient is independent of temperature; 
- To change the power of the microwave radiation on the 

sample thickness obeys the Bouguer-Lambert-Beer.; 
- Heat flow along the axis of the sample available. 
 
Non-stationary temperature field in a cylindrical specimen 

heated microwave field can be modeled by a solution of transient 
heat conduction for a solid cylinder with an unlimited volume 
functional heat source. 

The solution of this problem are given in [7]. 
 
Statement of the problem of heat conduction: 
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Table 1. The experimental and calculated data on the microwave heating of the sample ABS copolymer modified with carbon 
nanomaterials "Taunit." 

Time, s Temperature, 0С 

Center of the sample The sample surface 
Experimental Calculated Experimental Calculated 

0 23 23,0 23 23,0 

10 28 24,3 30 27,5 

20 30 27,2 32 30,4 

30 30 30,1 33 33,2 

40 32 33,0 34 35,9 

50 33 35,7 36 38,5 

60 37 38,3 39 40,9 

70 40 40,8 41 43,3 

80 42 43,2 42 45,5 

90 45 45,5 46 47,7 

100 48 47,7 49 49,8 
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   zJzJ 10 , – Bessel functions of the first kind of zero and 

first order, respectively, 
μ – a sequence of positive roots 

(11) 0)()( 01  R
v

JR
v

J
v



 . 

The summation in (5) is over the numbers μ.  
In (1) - (11) the following notation: 
 ,rt  – The temperature field of the cylindrical sample, 0C, 

as a function of radial coordinate r, м, and the time τ, s, 
R – radius of the cylindrical sample, m; 
а – thermal diffusivity of the sample material, m2 / s; 
с – specific heat of the sample material, J / (kg * K); 
ρ – density of the sample material, kg/m3; 
λ – thermal conductivity of the sample, W / (m * K); 

av , m/s0,5; 

 rf  – The temperature distribution within the sample at the 

initial time as a function of radial coordinate, 0С; 
α – coefficient of heat transfer from the sample to the 

environment, W / (m2 * K); 

ct  - Ambient temperature, 0С. 

In accordance with the assumption, 

(12)      - rRkExpIrI  0 ; 

where  I(r) – the current intensity of the microwave radiation in 
the sample, W/m2; 

 I0 – intensity of the penetrating component of microwave 
radiation on the sample surface, W/m2; 

 k – the absorption coefficient, 1 / m. 
Capacity of the heat source in the sample, caused by the 

absorption of microwave radiation, is defined as: 

(13)       - rRkExpkI
dr

rdI
rq  0

. 

 
The calculation procedure 
Effective density and heat capacity of the modified model can 

be defined additively: 
(14)    mm cпeffect

  1 , 

(15)      mcmcc cпeffect
 1 . 

Since the inclusion of nano-carbon clusters in the polymer can 
be considered as isolated, to calculate the effective thermal 
conductivity of such a system can use Odelevsky formula [8]: 
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The indices п and с relate to the characteristics of the polymer 

and nanocarbon respectively, m – mass fraction of nanocarbon in 
the modified polymer sample. 

With a uniform initial temperature distribution in the sample, 
ie, at 
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Parameter Q from (10) and the number of μ as the solution of 
(11) are determined by numerical methods [9]. 

By achieving agreement between the calculated temperature 
field with the experimental data (Table 1) are given numerical 
values of I0 and k. 

The minimum value of I0, corresponding to total absorption of 
microwave radiation pattern for a given heating rate is determined 
based on the total heat balance for a given point in time: the total 
heat source of heat equal to the change of heat content of the 
sample, less heat loss from the sample surface to the environment. 

(18)         





dtRtαRddrtrtr
c

drrqR cc

rR

  ,2,
2

0000

 

 
The value of k is determined by iteration to match the 

calculated temperature difference in the sample with the 
experimental ones. 

Determination of the parameter k for the nano-modified ABS 
copolymer is in the same manner at a fixed flow of microwave 
radiation through the external surface of the sample from the 
experimental data presented in Table 2. 

 
The calculation results 
Calculation program written in algorithmic language C++. 
 
The calculations, the following indicators: 
1. The minimum value of the intensity I0 = 580 W/m2. 
2. The actual value of the intensity I0 = 830 W/m2. 
3. The absorption coefficient for the initial sample  

k = 2,0 * 103 1 / m 
4. The absorption coefficient for the nano-modified sample  

k = 4,5 * 103 1 / m 
5. Characteristics of nano-modified ABS copolymer: 
- Density 1046 kg/m3 (1.1% change); 
- Heat capacity of 1790 J / (kg * K) (change 0.5%); 
- Thermal conductivity of 0.220 W / (m * K) (3.0% change). 
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Table 2. The experimental and calculated data on the microwave heating of samples ABS copolymer, initial and modified carbon 
nanomaterials "Taunit." 

Time, s Temperature of the center of samples,0С 

ABS copolymer original ABS copolymer modified 
Experimental Calculated Experimental Calculated 

0 23 23,0 23 23,0 

10 29 24,4 29 24,3 

20 29 27,0 30 27,2 

30 29 29,6 30 30,1 

40 30 32,1 32 33,0 

50 31 34,5 33 35,7 

60 33 36,8 37 38,3 

70 35 39,0 40 40,8 

80 39 41,2 42 43,2 

90 41 43,2 45 45,5 

100 45 45,1 48 47,7 

 

 
Figure 1. High-pressure cell: 
1 - punch 2 - matrix; 3 - base 4 - thermocouple; 5 - storage 

material. 
D - diameter of the initial sample,  
d - diameter of the spinneret. 
 
From these data suggest that the efficiency of microwave 

heating increases when making CNM. The experimental study of 
the process by the example of solid formation ram extrusion using 
high-pressure cell (Fig. 1) showed a reduction of the required 
pressure formation nano-modified materials of pre-short microwave 
heating by 15-20% (Fig. 2).  

 

 
Figure 2. Diagrams of dependence of necessary pressure of 

formation from microwave processing time.  
extr = 2.07, Textr = 298 K. 

 
Findings 
1. Introduction 1 wt. of nanocarbon material "Taunit" little 

can increase the thermal characteristics of the ABS copolymer, but 
a more than 2-fold increases the value of the absorption of 
microwave radiation, which leads to a significant intensification of 
heat nano-modified ABS copolymer in a microwave field. 

2. The proposed methodology of mathematical modeling of 
microwave heating nano-modified polymer-carbon materials can 
solve a number of application of scientific and engineering 
problems, including determine the heating modes to achieve the 
desired characteristics of plastic material. 
 

* Work done under the generalized state assignment on 
"Investigation of new structural and functional materials and their 
processing technologies" (GK № 14.740.12.0865), Grant of the 
President of the Russian Federation for State Support of Leading 
Scientific Schools (NSh-3550.2012.3) and under the Federal 
Program "Scientific and scientific-pedagogical personnel of 
innovative Russia" for 2009-2013 (GC № P702 from 20.05.2010). 
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Abstract 
 

The paper outlines the course of corrosion processes in magnesium and Mg-Li alloys. The methodology of corrosion studies of alloys  
for plastic forming and their chemical composition as well as  micrographs of alloys intended for research are presented. 
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1. Introduction 
 

The solubility of lithium in magnesium characterised by a 
hexagonal structure is low and amounts to about 5 wt%, while 
magnesium forms a wide range of the solid solutions  by 
dissolving in lithium of a regular bcc structure in an amount of up to 
90 wt.%. Lithium is beneficial for the formability of magnesium 
alloys, replacing the hardly deformable hexagonal lattice of -Mg 
(hcp) with a regular -Li (bcc) lattice, resulting in a simultaneous 
drop of mechanical properties caused by the appearance of the  
phase. An optimum combination of the alloy mechanical properties 
occurs in the two-phase +  alloys containing 6-11 wt.% of 
lithium. Figure 1 shows the expected change in the density of Mg-
Li alloy, depending on the chemical composition (mainly lithium 
content). The chart shows that it is even possible to obtain an alloy 
with a density of less than 1 g/cm3. Alloys included in this family 
are capable of obtaining in as-cast state the elongation reaching 
even several dozen percent. An addition of aluminium to Mg-Li 
alloys [12] leads to the appearance in structure of a hexagonal δ 
phase representing the solid solution of Al in Mg with reduced 
deformability, a ductile λ phase, which is a solid solution of Al in Li 
of the bcc lattice, a hard - allowing the precipitation hardening – 
intermetallic Al-Li compound, and the  phase of B2 structure. The 
ductility of these alloys increases with the increasing content of δ+λ 
eutectic. Sometimes, a metastable Li2MgAl phase may occur in 
these alloys, too [11].  

 

Fig. 1. Phase equilibrium diagram of Mg-Li alloys and change 
in alloy density with the changing Li content in a binary Mg-Li 
system acc. to [1] 

 Basically, the strength of Mg-Li alloys in as-cast state does not 
exceed 200 MPa, but certain additives such as Zn and Y, forming 
complex phases, may increase the strength of Mg-Li alloys up to 
about 450 MPa [13]. Magnesium, like most of its alloys of a 
hexagonal structure, has the cold deformability lower than 
aluminium alloys. In production practice, Mg-Al, Mg-Al-Zn and 
Mg-Mn are mainly used. At elevated temperature, the deformability 
of these alloys is higher. Ingot homogenisation reduces the yield 
point of the material, but formability remains low, which makes 
these alloys practically unsuitable for plastic forming. Even in the 
extrusion process, in which there is a positive state of stress, cracks 
appear in products, making low-speed extrusion necessary. 

On the other hand, Mg-Li alloys subjected to plastic forming 
(mostly extrusion) show superplasticity. Some information on 
behaviour of these alloys is provided by ECAE process (Equal 
Channel Angular Extrusion) [9,14]. The ECAE process causes grain 
refinement in Mg-Li-Al alloys, an increase of mechanical properties 
and, for selected temperature and strain rate conditions, the 
elongation in tensile test can reach 300%. 

Another reason for the limited technical use of these alloys is 
often their low resistance to corrosion, which results from the high 
reactivity of lithium. Yet, a systematic arrangement of the corrosion 
behaviour of Mg-Li alloys requires, first of all, discussing the 
fundamentals of corrosion of pure magnesium in aqueous solutions. 
As regards the corrosion of magnesium, the main problems is 
oxidation (redox reactions) during which the metal is oxidised by 
donation of  electrons (partial anodic reaction), while in solution the 
reaction of reduction (partial cathodic reaction) takes place by 
uptake of electrons. During these reactions, depending on chemical 
composition of the solution, some specific types of corrosion occur, 
distinguishing in the corrosion mechanism between the hydrogen- 
and oxygen-induced corrosion [7, 8, 10].  

In magnesium, the prevailing type is hydrogen corrosion and 
cathodic reaction (half-cell reaction). In this case, hydrogen ions act 
as an oxidising agent. As single processes of reaction, the following 
ones can be distinguished: 

 
- partial anodic reaction (oxidising) 

 
Mg →Mg2+ + 2e- 

 
- partial cathodic reaction  

 
2H2O + 2e-→2OH- + H2↑                             

 
Hence, the equation for the overall reaction assumes the form of:  

 
Mg + 2H2O →Mg(OH)2 + H2↑ 
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This type of reaction usually takes place in aqueous media, 
neutral or slightly alkaline, where the film of hydrated magnesium 
oxide is formed. 

On this basis, the corrosion behaviour of magnesium-lithium 
alloys can be assessed in a more accurate way, conducting 
immersion tests under short-term loading and measuring the current 
density potential.  

Additions of alloying elements such as lithium, aluminium and 
calcium have an impact on  various corrosion mechanisms and 
phenomena taking place in magnesium alloys. Some ultralight 
alloys from the Mg-Li group are characterised by higher corrosion 
resistance than magnesium alloys used so far. For example, an Mg-
12at.% Li alloy has a resistance to atmospheric corrosion higher 
than magnesium alone. An addition of calcium improves the 
corrosion resistance in the medium of synthetic seawater. Lithium 
as an alloying addition does not react with OH groups irrespective 
of the pH value. Owing to this, an outer layer of Mg (OH)2 
stabilised by increased pH value of lithium, is formed [10]. 

Analysis of literature [2-6] and own research conducted at the 
Foundry Research Institute and at the AGH Department of Non-
Ferrous Metals indicate that the as-cast mechanical properties of 
Mg-Li alloys are relatively low, which limits their practical use. 
However, subjected to plastic forming, these alloys show a huge 
potential as regards the opportunities of obtaining a growth in both 
mechanical and plastic properties. Therefore, undertaking a research 
on Mg-Li alloys for plastic forming is expected to help in 
determining the possibility of their use in the manufacture of 
components, which are required to offer the smallest possible 
weight and high mechanical and plastic properties, e.g. in ground 
and air transport. There is also a need for basic research of the 
corrosion behaviour of these alloys in both as-cast state and after 
plastic forming. 

 
2. Alloys for plastic forming and corrosion tests  

 
Alloys were obtained using an experimental stand for melting 

and casting under controlled protective atmosphere [5,6] and pure 
ingredients such as magnesium and lithium, where lithium was in 
the form of pellets and ribbons. Three base alloys were selected for 
studies (according to the phase equilibrium system - see Fig. 1), i.e. 
alloy no.1 containing lithium at a level of 3-4 wt.% with the 
expected structure of  hcp, alloy no. 2 containing lithium at a level 
of 7-9 wt.% with the expected structure of + , and alloy no. 3 
containing lithium at a level above 11% with the expected structure 
of  bcc. 

 Tables 1, 2 and 3 show the results of chemical analysis 
(GDS 850A optical spectrometer made by Leco) obtained on 
ultralight Mg-Li alloy. The chemical composition of the obtained 
alloys is consistent with the assumptions, and alloys will be 
subjected to corrosion tests and further plastic working under 
laboratory conditions of the AGH Department of Non-Ferrous 
Metals. 

 

Table 1. Chemical analysis of alloy no. 1 
 (monophase  hcp alloy; spectral analysis) 

 

Designation  

 Li Mn Gd Ni Zn Mg 

Alloy 1 
Sample 1 

(1.1) 
3,54 0,008 0,027 0,0131 0,002 Rest 

Alloy 1 
Sample 2 

(1.2) 
3,79 - 0,02 0,0142 0,03 Rest 

Alloy 1 
Sample 3 

(1.3) 
3,52 - 0,02 0,0143 0,02 Rest 

Table 2. Chemical analysis of alloy no. 2 
 (two-phase +  alloy, spectral analysis) 

 

Designation 

Chemical composition [wt.%] 

Li Mn Gd Ni Zn Mg 

Alloy 2 
Sample 1 

(2.1) 
8,15 0,0213 0,024 0,021 0,026 Rest 

Alloy 2 
Sample 2 

(2.2) 
8,07 0,0260 0,098 0,059 0,072 Rest 

 
The determination by spectrographic method of lithium content 

in a monophase  alloy with relatively high lithium content (over 
11%)  was non-conclusive. The repeated measurements gave results 
differing by several percent. Therefore, for this alloy, a more 
precise method was a wet analysis. The results of the „wet” 
measurements are given in Table 3. 

 
Table 3. Chemical analysis of alloy no. 3 
 (monophase  bcc alloy, wet analysis) 

 

Designation 

Chemical composition  [wt.%] 

Li Mg 

Alloy 3 
Sample 1 

(3.1) 
13,9 Rest 

Alloy 3 
Sample 2 

(3.2) 
14,1 Rest 

 
 
Applying the atmosphere of protective gas, the obtained alloys 

were cast in metal moulds (dies) into 50x50 mm and   12x100 
mm  ingots for further plastic forming. From these ingots specimens 
were cut out for metallographic examinations. Because of strong 
reactivity of alloys of this type, preparation of metallographic 
specimens required the development of special methodology. 
Magnesium alloys are very plastic, which naturally must create 
serious technical problems with proper preparation of polished 
sections. Microscopic observations and photographs were taken 
using a Neophot 32 metallographic microscope and metallographic 
polished sections were prepared in accordance with the instruction 
no. TBM/001. Samples were etched in Mi1Al reagent (acc. to PN-
75/H-04512) and viewed in polarised light. The following figures 
show microstructures obtained in Mg-Li alloys cast in metal 
moulds. Specimens of these alloys were subjected to 
microstructural examinations in a laboratory of the Foundry 
Research Institute in Krakow. 

Figures 2-4 show examples of microstructures of ultralight Mg-
Li alloys, i.e. alloy 1 containing  3,54% Li  (monophase   hcp 
alloy), alloy 2 containing 8.15% Li (two-phase alloy with  phase 
and + eutectic),  and alloy 3, containing about 13.9% Li 
(monophase  bcc alloy). 
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Fig.2. Microstructure of alloy 1, etched in 
Mi1Fe, phase contrast,  100x; visible is α–Mg–Li phase 

 
 

 
 

Fig. 3. Microstructure of alloy 2,  
etched in Mi1Fe, phase contrast, 100x; visible is β phase  

and α+βeutectic 
 

 
 

Fig. 4. Microstructure of alloy 3, etched in Mi1Fe, 
polarised light, 12,5x; visible isβ-Mg-Li phase 

 
3. Method to test the corrosion behaviour of Mg-Li 
alloys 

 
Laboratory tests of corrosion behaviour of Mg-Li alloys were 

carried out by immersion at ambient temperature, based on 
standards: PN-76/H-04601, PN-78/H04610, BS EN ISO 16151. The 
principle of the method consisted in subjecting the samples of Mg-
Li alloys to the effect of solutions prepared in the laboratory. The 
duration of individual measurement cycles was 6 h, 24 h, 48 h, 72 h 
and 144 h. Two series of tests were made at ambient temperature. 

In series I, the immersion test was conducted in 5% aqueous 
solution of NaCl. To prepare the above solutions, analytically pure 
chemical reagents and redistilled water were used. 

The object of corrosion studies were samples of Mg-Li alloys 
in as-cast condition of 30 x 20 x 10 mm dimensions.  

The provided alloy samples were degreased by immersion in 
gasoline for 60 seconds, then they were washed with ethanol, dried 
and weighed. The prepared samples were tested for corrosion 
resistance by immersing them in a 5% aqueous solution of NaCl 

and 5% aqueous solution of HCl for 6, 24, 48, 72 and 144 hours. 
The distance between the upper specimen edge and the mirror of the 
liquid was 35 mm. The volume ratio of solutions (NaCl and HCl) to 
the surface of the examined samples  was 11:1. The samples were 
suspended in a solution using an insulating material neutral in 
respect of the examined alloy and the applied solution. Beakers with 
the immersed samples were placed in an empty desiccator. After the 
prescribed lapse of time, samples were each time washed with 
distilled water, immersed in ethanol for 30 seconds, dried and 
weighed. In studies, the density of the solutions used and their 
volume were monitored. 

 
The measured loss of the sample weight was basis for the 

determination of the specific corrosion-induced loss of weight Km 
[mg/cm2]  calculated from the following equation: 

 
Km = m/A                                                 (1) 

where: 
m = m0 – m1 
m0 – sample weight before the test [mg], 
 m1 – sample weight after the test conducted for time t [mg]. 
A – sample surface area in cm2. 
 
The rate of the corrosion-induced loss of weight Vm [mg/cm2 / 

24 hours] was calculated from the equation: 
 

Vm = Km/t                                                  (2) 
 
where: t – the time of corrosion test. 
 
 
 

4.  Corrosion tests of Mg-Li alloys 
 in alkaline medium  

 
Samples of the examined alloys (3 samples from each melt) 

were subjected to corrosion tests in accordance with the adopted 
programme of research. Figures 1 and 2 show in graphic form the 
results of corrosion-induced weight loss and corrosion rate. 
 

 
Fig 1. Comparison of the results of the corrosion-induced weight 

loss test carried out for Mg-Li alloys in  5% NaCl solution – 
specific corrosion-induced weight loss in time 

 
 

 
Fig 2. Comparison of the results of the corrosion-induced weight 

loss test carried out for Mg-Li alloys in  5% NaCl solution – weight 
loss-related corrosion rate Vm in time 
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Summary 
 
Studies of the weight loss-related corrosion of Mg-Li alloys 

show an increase in the specific corrosion-induced weight loss Km 
in time in the case of all the tested samples, the largest weight loss 
having been found in alloy with the highest content of lithium, i.e. 
in Mg-Li14 alloy (alloy no. 3), which is illustrated in Figure 1. The 
smallest weight loss was observed in a two-phase Mg-Li8 alloy 
(alloy no. 2). As results from Figure 2, the rate of the weight loss-
related corrosion Vm for alloy no. 3, i.e. Mg-Li14, increased 
significantly in the first measuring cycle (6 h) and was 4.4 - fold 
higher than for alloy No.1. In subsequent measuring cycles (24 h, 
48 h, 72 h, 144 h), the rate of the weight loss-related corrosion 
decreased for these alloys. On the other hand, in the case of the two-
phase Mg-Li8 alloy, the weight loss-related corrosion rate increased 
slightly in the first measuring cycle (6 h), then slightly decreased 
after 24 h of the corrosive medium effect, to slightly increase again 
in the subsequent measuring cycles. 

 An analysis of the alloy sample surface showed that in alloy 
no. 1 (Mg-Li3,5) corrosion was spread evenly on the entire sample 
surface. The sample surface was coated with white, grainy bloom. 
The Mg-Li8 alloy showed evenly distributed corrosion, and the 
sample surface was covered with white, fine grains. In Mg-Li14 
alloy, the corrosion was distributed unevenly, the surface was 
covered with black and white bloom. Numerous pits were also 
observed to occur. 

It was noted that after a short time of being held in an aqueous 
solution of NaCl, the surface of pure magnesium was covered with 
a thin coating. An analysis of this coating showed that it was 
composed of rapidly combining MgO and MgCl2. With prolonged 
exposure to the corrosive offect of an alkaline medium, the next 
bonds were formed giving MgH2 and Mg(0H)2. These coatings had 
a passivating effect, but the mechanism of their operation was not 
the same as in the case of aluminium, because they had relatively 
high porosity (pore volume) (MgO), or caused defects in the crystal 
lattice of Mg2, leading to the formation of compressive stresses in 
the coating, finally threatening the coating detachment from the 
substrate. This phenomenon was particularly frequent in the case of 
Mg (OH)2. 

Summing up, it has to be stated that an increase in the lithium 
content in magnesium alloys from 3% to 9% increases the corrosion 
resistance of alloy (the lowest susceptibility to corrosion in NaCl 
solution showed the Mg-Li8 alloy). On the other hand, increasing 
the content of Li above 9% significantly increases the susceptibility 
to corrosion. These results allow concluding that the presence of 
lithium causes the formation of a thin film, which is more durable 
than pure magnesium and, considering the alkaline medium of 
corrosion, the coating is composed, at least partially, of LiCl. In the 
case of binary alloys with high lithium content, a rapid formation of 
the coating is observed, but it can be expected that starting with 
certain critical concentration of lithium, an intense reaction will 
proceed on the surface, while products of this reaction will not be 
capable of arresting further course of the reaction taking place 
between the metal surface and the corrosive medium. 

In addition to the formation of a coating, which is considered a 
type of surface corrosion, a local corrosion occurs, too. These 
corrosion phenomena observed at a macro level on the surface can 
be qualified, first of all, as a pitting or intergranular corrosion. Local 
corrosion phenomena can be associated with precipitation effect as 
well as other types of effects such as a heterogeneous structure, 
which may be due to different electrochemical potentials of the 
structural constituentsm [2-6]. 

The observed local corrosion effects can be reduced by 
forming a homogeneous structure or by adding elements 
characterised by small difference of electrochemical potentials 
compared with the base binary alloy. 

 
 
 
 
 
 
 
 
This article was prepared under Project No. POIG.01.03.01-00-

015/09  "Advanced materials and technologies for their 
production," and, conducted at the Foundry Research Institute, Task 
III. 5.1 Ultralight profiles extruded from the new magnesium-
lithium alloys. 
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In contrast to conventional metallic materials, 
mechanical behavior of TiNi-based shape memory 
alloys (SMA) with high chemical biocompatibility 
and low level of elastic modulus is close to the 
behavior of biological tissues of the human body  
bones, ligaments, muscle fibers (Fig. 1). [1-4]). 
This peculiarity of the hysteretic behavior of living 
tissues was noted by V.E. Gunther and called the 
“Delay Law”:"There is a hysteresis relation 
between the magnitude of stress and strain of 
tissues under conditions of loading and unloading, 
which is expressed in a pseudoelastic behavior and  
return of a strain (more than 2%) in an initial 
condition "[1,5]. 
 

  
Figure 1. Comparison of strain dependence between 
superelastic SMA and various biological tissues: 1 - 
hair, 2 - living bone tissue; 3 - collagen, 4 - superelastic 
alloy TN-10 [1] 
 
Basic requirements for the mechanical 
biocompatibility of an implant lay in the fact that 
its critical stresses in deformation condition must 
be lower than the corresponding tissue stresses, 
and the recovery strain value on the contrary, must 

be higher than that of the tissue. If the recovery 
strain resource of implant is less than that of tissue, 
the implant will be deformed plastically, that 
should deteriorate its functional properties. 
Scientists, engineers and physicians of the 
Scientific Research Institute of Medical Materials 
and Shape Memory Implants ((SRIMM) with 
Siberian Medical University (Tomsk), have 
developed industrial manufacturing of 
biocompatible superelastic (SE) materials and 
implants of a new generation. Serial production of 
materials, semi-finished products and implants was 
adjusted for various medical fields [1,5,7]. 
The main manufactured SM materials can be 
divided into four classes. The first class includes 
bulk and wire-piece implants of TiNi (Mo, Fe) - 
based alloys which play the role of temporarily 
operating devices. E.g.,fasteners of bone fragments 
of the facial skeleton, bones, spine and other 
bones; dynamic posture correctors, dilators of 
hollow organs tissues, intestinal anastomosis clips, 
etc. (Fig. 2). 
 

 
Figure 2. Trauma set of superelastic shape memory 
implants [1] 
 
The second class includes materials for a long-
term stay in the body. The corresponding devices 
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and elements are stents for vessels and other 
hollow organs; porous permeable and mesh 
implants for replacement of defects of hard and 
soft tissues of the body, restoring function of 
organs (Figs. 3, 4); tissue implants with a thick  or 
mesh of 40-60 mm have for treatment of trophic 
ulcers in varicose veins, hernias of the abdominal 
cavity, etc. [1]. 
The third class of materials is a new generation 
tools which can change the shape in their working 
parts (grippers, basket traps, proofreaders, dilators, 
compression-distraction apparatus) and retain a 
cutting capacity (scalpels and chisels, dental 
spatulas) (Figure 5). 

 

 
  
Figure 3. Fabric and mesh implants [1] 
 
 

 
 
Figure 4. A set of porous-permeable TiNi implants for 
the Spine [1 
 
Krioapplikators from porous TiNi occupy a special 
place among instruments and are effectively 
applied in the treatment of pancreas lesions, 
removing away of various types of benign tumors 
(Figure 6) [1,6,7].The fourth class may include 
long-term development of incubators carrier of 
cellular structures of transplanted organs. These 
materials and implants allow solve the problem of 

recovering the functions of internal organs (liver, 
pancreas, bone marrow, etc.) at new level. 
 

 
 
Figure 5. Surgical instruments of TiNi and its alloys 
with variable geometry of the test section [1] 
 
Medical application of new class SME and SE 
alloys based on solid and porous TiNi as implants 
and instruments has begun in the late 70s of the 
last century [1,4,8-10]. 
 
 

 
 
Figure 6. A set of porous-permeable applicators and 
tools for cryosurgery [1,6]  
 
The development and expansion of SMA medical 
applications can be seen in Russia over the past 30 
years which has been intensified in recent years 
due to the development of high technology 
material production and processing (laser cutting 
and welding). The second peak of activity on the 
accounts of inventions was observed in 2005-2007 
that seems to be due to the rapid development of 
high technologies of metal treatment. (Fig. 7) 
[2,9,10]. 
According to S.A. Muslov et.al.[2], the world 
leaders in developing and manufacturing of the 
products from Ti-Ni SMA are companies that are 
listed in Fig. 7, where SRIMM takes 4th place. 
However, in a diversity of articles in a clinical 
practice SRIMM takes the 1-st place. 
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Figure7. Dynamics of growth in the number of patents 
on SMA, products and devices in USSR and Russia [2] 
 

 

Figure 8. World leaders in developing and 
manufacturing TiNi based devices (the number of 
patents) [2] 
Widespreaded implementation into clinical 
practice became possible as a result of  long-term 
hard work and enthusiasm of Russian scientists 
and of creation of scientific and industrial 
complexes including education - Siberian physical-
technical Institute (SPTI) and Tomsk State 
University, research Scientific Research Institute 
of Medical Materials and Shape Memory Implants 
(SRI MM) and production – Medical Engineering 
Center of Shape Memory Alloys (MEC). For 
example, SRIMM was organized in Tomsk in 
1995. Since 2003, there is a specialization 
"Medical Physics" in the SPTI. 
Another example - BMCI-system is a result of 
joint activity of technical specialists (specialists in 
materials science, designers, technologists) of 
Engineering-Medical Center (EMC "MATI-
Medtech") of "MATI"-Russian State 
Technological University named after Tsiolkovski) 
and surgeons of leading medical centers of Russia 
(Moscow).  There is a Department of "Materials 
and technologies in traumatology and orthopedics" 
and special direction of higher education named 
"Biomedical engineering of materials." TiNi 
implants for traumatology, orthopedics and 
neurosurgery are fabricated at enterprises 
"KIMPF", "SMET" and imported to Europe (Italy, 

Germany, Spain, etc.), Asia (South Korea, 
Thailand) and to clinics in Russia and  CIS 
countries (Belarus, Ukraine, Kazakhstan). The 
average annual supply of implants is about 25000 
psc.  More than 20 cities of Russia and CIS 
countries have medical centers which use shape 
memory devices and implants (Figure 9) [15]. 

 

Fig.9. Location of Russian medicine centers using, 
SME devices and implants 
In addition to implants based on the superelasticity 
effect which are used for traumatology, spine 
surgery and dentistry, removable implants (clips, 
vascular stents) deserve attention. They use two 
effects : one-way and  two-way SMEs. In National 
University of Science and Technology “MISIS” 
(Moscow), together with "GLOBETEK Pty Ltd.” 
(Melbourne, Australia) the original medical 
devices have been developed and are under 
commercalization: a superelastic trap for the 
removal of stones, stapler with superelastic staples 
for coronary artery bypass surgery, removable 
clips based on one-way and two-way SMEs for 
clamping blood vessels, etc. 
Removing of the clips or stents in the case of 
unsuccessful placing is realized due to the 
TWSME induced by special thermomechanical 
treatment . When cooled the gap between the clip 
branches becomes equal to about 1-2 mm, and the 
“crown” of stent acquires the form of easy 
removing (Figure 10). [12-14]. 

 
Figure10.  Removable clips and stent; stapler 
One can predict the further expansion of  spectrum 
of TiNi alloys application towards creation of 
composite materials based on nickel-titanium 
SMA (both bulk and porous) with a lower specific 
weight and relatively high shape memory and 
superelastisity functional properties [1,5]. 
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Wroclaw University of Technology – Wroclaw, Poland 
 

Dr Eng. Frydman S., M. Sc. Eng. Letkowska B. 
 
Abstract: In this article boron steel is analyzed on the example of steel grade B27. In view of the fact that steel is supplied in a state after hot 
rolling, and the choice of a suitable heat treatment is left to the buyer - steel were examined after conventional heat treatments. Steel was 
studied in state as delivered, after normalization, after quenching and after quenching and tempering at different temperatures. Examinations of 
the basic parameters of strength, impact test and a tendency to brittle fracture, abrasion resistance and corrosion resistance were performed. The 
studies show big differences of the analyzed parameters depending on the applied heat treatment, which should provide guidance to users to 
specific applications of this type of steel. 
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1. Introduction 
Boron steels are becoming increasingly popular and their application 
is becoming more diverse. Their high properties, at a reasonable price, 
are achieved through advanced manufacturing technology. Although 
boron steels were designed mainly for the hard, wear-resistant 
elements, now they are also advertised for wider applications. The 
steel grade B27, produced by a recognized company  [1], as one of the 
typical steel of the boron steel group [2] were examined in this study. 
The steel is supplied by manufacturer after hot rolling to possibly be 
heat treated in a suitable manner by the purchaser for its specific 
application. In the material cards manufacturer claims only the basic 
mechanical properties of the product, but more knowledge would be 
desirable about these steels by the customer for an accurate selection 
of heat treatment suitable for use of the kind of steels. In the present 
study  not only the basic mechanical properties of the steel in its 
various states were examined, but also  the impact strength along with 
a tendency to brittle fracture, abrasion resistance and its resistance to 
corrosion, after various heat treatments were specifically tested. These 
investigations can allow to customer to choice of suitable heat 
treatment and appropriate use of this type of steel. 
 
 

2. Material investigated 
Chemical composition of investigated steel is summarized in table 1. 
This composition is selected not only because of the need to obtain 
relatively high mechanical properties, but also must be ensured its 
weldability for the applying universality. The study was conducted on 
steel in delivered state and after typical procedures of heat treatment. 
Normalizing, hardening, hardening and tempering in the range from 
200 to 700oC (with the temperature increasing by 100 degrees) were 
carried out.  

Tab.1. Chemical composition of steel B27 
 

Element 
 

Spectral 
method 

Gravimetric 
method 

Manufacturer’s 
data [1] 

Content of elements 
C % 0,230 0,230 0,270 
Mn % 1,330 1,200 1,200 
Si % 0,270 0,200 0,250 
P % 0,009 0,018 no data 
S % 0,009 0,015 no data 
Ni % 0,060 0,100 no data 
Cr % 0,370 0,330 0,300 
V % 0,016 no data no data
Al. % 0,030 no data no data
Ti % 0,040 no data 0,040 
Nb % 0,013 no data no data 
B % 0,001 no data 0,002 
 

Examples of the investigated steel microstructures are shown in 
figures 1 – 6. 

Fig. 1. Steel B27, delivery state. 
Light microscopy. 
 

Fig. 2. Steel B27 after 
normalization. Light microscopy. 
 

Fig. 3. Steel B27 after hardening. 
Light microscopy. 

Fig. 4. Steel B27 after hardening 
and tempering at temp. 200o C. 
Light microscopy. 
 

Fig. 5. Steel B27 after hardening 
and tempering at temp. 400o C. 
Light microscopy

Fig. 6. Steel B27 after hardening 
and tempering at temp. 600o C. 
Light microscopy

 
3. Tests carried out, results and their analyze 
Due to the proposed widespread use of the steel B27 for various 
constructions, operating at different conditions and with different 
loads, both its basic strength properties after different heat treatments, 
the tendency to brittle fracture and its primary function which is 
the resistance to abrasion were tested. The focus was also made on the 
studies of the corrosion resistance of the steel in various its states. 
 

Measurement of basic parameters of the strength R0,2 and Rm 
The results of tensile test depending on the heat treatment are shown 
in table 2. The yield strength reaches the highest average value equal 
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to 1283 MPa after quenching and low tempering at 200oC. Tempering 
at 400 ° C significantly reduced this parameter, but its average value is 
still high. Tempering at higher temperatures reduces the yield strength 
to 519 MPa after tempering at 700° C. It should be noted that the 
average yield strength in delivery state and after normalization are 
much smaller and are respectively equal to 372 and 380 MPa. 
 

Tab.2. Results of tensile test 
Heat treatment 

deliv
-ery 
state 

after 
nor
mali
zat. 

 
hard. 

hard/
temp 
200 

oC 

hard/
temp 
300 

oC 

hard/
temp 
400 

oC 

hard/
temp 
500 

oC 

hard/
temp 
600 

oC 

hard/
temp 
700 

oC 
R0,2[MPa] 

372 380 1245 1283 1224 1072 837 714 519 
Rm[MPa] 

541 598 1762 1585 1412 1177 863 766 595 
 

The highest tensile strength of the steel occurs after quenching, the 
average value is equal to 1762 MPa. The parameter Rm retains high 
after tempering at 200°C and 300°C. Rm is characterized by a 
significantly lower value after tempering at 400°C , but still relatively 
high rate of 1177 MPa. Then the value of the tensile strength 
decreases gradually with increasing tempering temperature, showing 
after tempering at 700°C value of 595 MPa. A similar, relatively low 
value of Rm is characterized by the steel in delivered state and after 
normalization. 
 

Impact test 
Charpy impact test was used to measure impact strength. The 
measurement was carried out both at temperature 20° C and for 
selected states at temperatures 0, -20 and -40°C. The measurement 
results for steel after different heat treatments are summarized in table 
3 for measurements at temperature of 20°C and in table 4 for 
measurements at other temperatures for selected states. 
 

Tab.3. Results of impact test at temperature of 20o C 
Heat treatment 

deliv
-ery 
state 

after 
nor
mali
zat. 

 
hard. 

hard/
temp 
200 

oC 

hard/
temp 
300 

oC 

hard/
temp 
400 

oC 

hard/
temp 
500 

oC 

hard/
temp 
600 

oC 

hard/
temp 
700 

oC 
KCVav[J/cm2] 

39 102 53 61 55 70 177 198 325 
 

Tab.4. Results of impact test at temperature range from 0 to -40oC 
State 20oC 0oC -20oC -40oC 

KCVav[J/cm2] 
as delivery 39 17 9 7 

after normalize. 102 33 19 12 
hardening 53 47 42 39 

hard/temp 200 oC 61 56 45 37 
 

Taking the criterion of minimum impact strength equal to 35 J/cm2, 
which is adopted for construction materials in many applications, steel 
tested meets this criterion in all analyzed states at 20o C. However, 
already at lower temperatures impact strength values for two of the 
four selected states are smaller. The criterion is not met for steel in 
delivered state and after normalization even at 0°C, and their impact 
strength is further lowered in sub-zero temperatures. Steel in delivered 
state and after normalization shows the impact strength at -40°C equal 
to 7 and 12 J/cm2, whereas in the states after quenching and tempering 
impact strength at this temperature is respectively equals to 39 and 37 
J/cm2 and meet the criterion cited. 
 
Fractographic analysis 
Actual type of fracture was evaluated using scanning electron 
microscope JEOL JSM-5800LV. Macroscopic view of fracture 

obtained at 20o C in delivered state is seen in fig. 7. There is a large 
central zone with typical facets brittle fracture in the steel in the state 
(fig. 8). The share of brittle fracture is about 72%. Thus the actual 
participation of brittle fracture indicates that transition temperature 
from ductile to brittle fracture takes place already over at temperature 
of 20oC for the steel in delivered state. The share of brittle fracture 
still increases with decreasing temperature. 
In normalized state surfaces of brittle fracture exceed also 50% for the 
tested steel B27 at 20°C (fig. 9). In this case transition from ductile to 
brittle fracture in examined steel with ferrite – pearlite structure takes 
place at temperatures similar or higher than 20 °C. Microscopic 
structure of brittle central zone for normalized state is shown in figure 
10.  
Another kind of fracture occurs in tested steels after hardening and 
tempering at 200o C. Plastic zones under mechanical notch and in 
lateral areas are visible not only at 20° C (fig. 11), but also in sub-zero 
temperatures up to the temperature of -40o C (fig. 13). At temperature 
20o C the fracture central zone of the steel B27 after hardening and 
tempering at 200o C (Fig. 12) presents ductile-cleavage character of 
fracture. Fracture surfaces of the steel does not change dramatically at 
lower temperatures Fine acicular martensite, which exists in the state, 
provides greater resistance to the development of fracture at all 
temperatures. This resistance is caused by the formation of the small 
facets, partially deformed plastically, in the central zone of sample 
(fig. 14). Thus the state after hardening exhibits more security against 
the occurrence of brittle fracture in comparison to delivery state and 
the state after normalization. 
 

 
Fig. 7.  Steel B27 - delivery 
state. Macroscopic view of 
fracture. Temp. 20o C. 

Fig. 8. Steel B27 - delivery state. 
Central zone of fracture. Temp. 
20o C. SEM. 

 
Fig. 9. Steel B27 – after 
normalization. Macroscopic 
view of fracture. Temp. 20o C. 

Fig. 10. Steel B27 – after 
normalization. Central zone of 
fracture. Temp. 20o C. SEM.

 
Fig. 11.  Steel B27 – hard/temp. 
(200 o C). Macroscopic view of 
fracture. Temp. 20o C. 

Fig. 12.  Steel B27 – hard/temp. 
(200o C). Central zone of fracture. 
Temp. 20o C. SEM. 
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Fig. 13.  Steel B27 – hard/temp. 
(200o C). Macroscopic view of 
fracture. Temp. -40o C. 

Fig. 14.  Steel B27 – hard/temp. 
(200o C). Central zone of fracture. 
Temp. -40o C. SEM. 

 
Wear resistance 
The study was performed in accordance with the requirements of 
GOST 23.208-79. Steel grade C45 in normalized condition was used 
as a reference sample. The aim of this study was to determine the rate 
of wear resistance, Kb,av, compared to standard sample. Values of Kb,av 
after different heat treatment are presented in fig. 15. 
Steel B27 exhibits the greatest resistance to abrasion in states after 
hardening and after hardening and tempering at 200oC. Then the 
resistance decreases with increasing annealing temperature. Steel after 
normalization shows a similar resistance to the last two states, but 
abrasive wear mechanism is more beneficial for hardened steel [3]. 
The lowest value of the wear resistance is present in delivery state. 
Figures 16 and 17 show surfaces after wear test provided for steel B27 
in delivery state and after hardening.  
 

 
1- steel grade C45, 2- B27, as delivery, 3- B27, normaliz., 4- B27, hardening,  
5- B27, hard/temp.200oC, 6- B27, hard/temp.300oC, 7- B27, hard/temp.400oC,  
8- B27, hard/temp.500oC, 9- B27, hard/temp.600oC, 10- B27, hard/temp.700oC. 
 

Fig. 15. The rate of wear resistance, Kb,av, of tested steel B27 after 
different heat treatment. 
 
 

Fig. 16.  Steel B27 – delivery 
state. Surface state after wear 
test. SEM. 
 

Fig. 17.  Steel B27 – after 
hardening. Surface state after 
wear test. SEM. 

Resistance to corrosion 
Study of corrosion resistance of steel B27 in selected states was 
conducted using potentiostatic measurements [4]. Samples were tested 
in delivered state (1), after hardening (2) and after hardening and 
tempering at temperatures: 200 (3), 400 (4) and 600°C (5). Average 
results of the potentiostatic measurements are shown in table 5 and 
densities of corrosion current are also presented in figure 18. 

 

Tab. 5. Average results of the potentiostatic measurements of steels 
B27 after different heat treatment in corrosive solution 3% NaCl. 

Heat 
treat. 

E0 

[mV] 
ik 

[μA/cm2] 
βa 

[mV/dec] 
Βk 

[mV/dec] 

1 -609,15 7,34 56,5 -943,5 

2 -460,20 2,56 43,8 -231,0 

3 -556,45 4,24 45,2 -315,0 

4 -489,45 6,15 49,8 -450,0 

5 -553,30 4,09 64,8 -436,0 

1- B27, as delivery, 2- B27, hardening, 3- B27, hard/temp.200oC, 4- B27, 
hard/temp.400oC, 5- B27, hard/temp.600oC 
 

 
Fig. 18. Densities of corrosion current of steels B27 after different 
heat treatment in corrosive solution 3% NaCl. 
 
 

The study shows that the largest current density occurs in the 
investigated steel in delivered state. Hardening produces a decrease of 
corrosion current density. Subsequent tempering at 200 and 400°C 
causes a gradual increase in density, and again after tempering at 600° 
C density lowered to a value similar to that after tempering at 200o C. 
 
4. Conclusion 
The following conclusions can be drown from presented 
investigations. Basic strength parameters of the steel B27, R0,2 and Rm, 
are relatively low in delivered and after normalization states, whereas 
the high values of these parameters are obtained after treatments such 
as hardening and hardening/tempering at 200oC. Greater toughness 
and less tendency to brittle fracture, in the operating temperature 
range of most devices from 20° to -40° C, also occurs in the states 
after hardening and tempering in comparison to the states as delivery 
and after normalization. In the last two states a large share of brittle 
fracture during the impact test is taking place even at 20o C. Both 
abrasion resistance and abrasive wear mechanism are also favorable 
for the state after hardening and hardening and tempering. Finally, the 
corrosion resistance is also more advantageous for the state after 
hardening and hardening/tempering treatments than in delivered state. 
Thus using boron steel - in this case the B27 grade, but also similar – 
one should pay attention to its insufficient or less favorable properties 
for many applications in delivered state or only after normalization. 
Moreover, without carrying a proper heat treatment - hardening and 
hardening/tempering type, the potential opportunities for high 
mechanical and chemical properties of these modern steels can be lost. 
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Abstract: The paper describes a development of texture and microstructure of austenitic steel X5CrNi18-8 subjected to cold working 
process. The analysis of texture were focused on pole figure and orientation distribution functions (ODFs). The texture measurements were 
conducted on the specimens cut parallel to the sheets axis. The microstructure of the analyzed steel was observed and investigated under a 
light microscope. Additionally the influence of the basic parameters of cold rolling process on mechanical properties of the X5CrNi18-8 
steel was analyzed. 
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1. Introduction 

Austenitic stainless steels are the most important group of 
corrosion-resistant metallic materials finding widespread industrial 
application [1]. The microstructure of the austenitic stainless steels 
is composed of the metastable austenite (γ) phase, and the steels 
generally have low or medium values of the fault energy (SFE). 
Plastic deformation of these steels leads to a phase transformation 
from paramagnetic austenite into ferromagnetic martensite [2-3]. 
Depending on the chemical composition, stacking fault energy, 
phase stability and deformation conditions (temperature, rate and 
degree of deformation) in metastable austenitic stainless steels 
different transformations take place, such as: γ→ε , γ→ε→α’ or 
γ→α’ [4]. At the early stage of deformation, shear bands consisting 
of stacking fault bundles and deformation twins are formed, 
promoted by the low SFE of the steels. The ε -martensite phase is 
formed by overlapping stacking faults, and therefore, it is finely 
dispersed and its structure is heavily faulted. The crystal structure of  
α’-martensite is body-centered cubic, and it is nucleated at the 
intersections of shear bands [5]. The volume fraction distribution of 
individual phases influences the mechanical properties and 
corrosion resistance of these steels [6]. The texture of both austenite 
and strain-induced martensite evolves during deformation playing 
an important role in the forming process as well as in the final 
product. The texture after transformation is connected with that of 
the initial material [7]. The deformation textures formed by cold 
rolling in FCC metals can be categorized into two groups: high SFE 
leads to a copper type texture whereas lower SFE induces a brass 
type texture [8]. The crystallographic relationships between 
austenite and martensite that are most often observed in steels are 
Kurdjumov-Sachs (K-S) and Nishiyama-Wassermann (N-W). The 

K-S relation is specified as {111}║{110}, <11 0>║<11 1), 

while the N-W relation as {111}║{110}, <011 1>║<001> [9]. 
The aim of the tests was to define the influence of plastic 

deformation on the texture, microstructure and mechanical 
properties of metastable austenitic X5CrNi18-8 steel. 

2. Material and experimental procedure 

The object of investigations was metastable austenitic steel 
X5CrNi18-8, with chemical composition given in Table 1. The steel 
were subjected to supersaturation for 1 hour at 1100°C and cold 
rolling at room temperature within the range up to 70% of thickness 
reduction. The material in initial and supersaturated state as well as 
the samples from all subsequent deformation stages were 
investigated by means of diffraction methods.  

Table 1. The chemical composition of investigated steel [wt.%] 

C Cr Ni Mn Si 

0.03 18.07 8.00 1.31 0.39 

Mo P S N2 Fe 

0.25 0.03 0.004 0.044 71.87 

 

X-ray investigations were performed on X-ray diffractometer 
D500, using monochromatic radiation of the anode CuK  
(λKα = 1.54Å). The data of the diffraction lines were recorded by 
“step-scanning” method in 2Θ range from 40° to 92° and the 0.02° 
step, the time of measurements amounting to 5s. X-ray diffraction 
phase analysis was carried out in the geometry of the fixed angle of 
incidence =3o and the Bragg-Brentano geometry. 

Texture measurements were done by means Bruker 
diffractometer D8 Advance, using CoK (λKα = 1.79Å). Texture 
analysis was performed on the basis of the orientation distribution 
functions (ODFs) calculated from the experimental (incomplete) 
pole figures recorded of three planes for each of the component 
phase, i.e. {111}, {200} and {220} planes for the fcc γ-phase and 
{110}, {200} and {211} planes for bcc α-phase.  

The amount of deformation induced α’ martensite was 
determined by magnetic measurements, using a ferritescope. 

The mechanical properties were determined applying static 
tensile test and measurements of the hardness.  

Static tensile tests were carried out at room temperature on the 
universal testing machine ZWICK 100N5A. The specimens used 
for mechanical properties measurements were determined on the 
basis of standard PN-EN 10002-1+AC1:2004 [10] and cut from the 
steel sheet along to the direction of rolling. 

The hardness measurements of the investigated cold reduced 
steel were carried out by a hardness tester PMT-3 produced by 
Hauser, according to the standard PN-EN ISO 6507-1:2007 [11]. 
Researches were made by Vickers's method on metallographic 
samples with a load of 50g. 

Microstructure observations of the specimens etched in Mi17Fe 
reagent [12] were carried out on LEICA MEF 4A light microscope, 
with magnifications from 200 to 1000x. 

3. Results and discussion 

The X-ray phase analysis of X5CrNi18-8 steel in initial, 
supersaturated and deformed state revealed diffraction lines derived 
from both phase  and ’ (Fig. 1). 

On the diffraction patterns of steel in initial and supersaturated 
state performed by Bragg-Brentano method, revealed four strong 
diffraction lines from the planes (111), (200), (220) and (311) 
austenite phases and one diffraction line (110) from α’ martensite 
phase. Additionally on diffraction pattern of steel in initial state two 
weak diffraction lines (200), (211) from α’-phase were observed. 
(Fig.1). Identical diffraction lines occur on diffraction patterns of 
steel made for grazing incident geometry  = 3. The only 
exception is absent of diffraction line (200) from martensite on 
diffraction pattern of steel in supersaturated state. The martensite 
α’-phase detected in X5CrNi18-8 steel in initial and supersaturated 
state shows that phase (’) transformation take place. It was also 
found that α’ phase detected in undeformed steel state probably is 
the result of material pretreatment and its preparation for 
subsequent investigations. 
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Fig. 1 Diffraction patterns of X5CrNi18-8 steel in initial state (SD), after 
supersaturation (PP) and after 70% of deformation, Bragg-Brentano 
geometry (BB) and grazing incident geometry  = 3 
 

On diffraction patterns obtained from deformed steel some 
insignificant differences in the intensity of individual diffraction 
lines from austenite and martensite both for B-B geometry as well 
as graizing incident geometry  = 3 were observed (Fig.1).  

After steel deformation generally the following changes in 
diffraction diagrams were observed: austenite (111)γ lines became 
weaker while the (220)γ lines became stronger; new martensite 
lines appeared and their intensity increased; intensity of austenite 
line decreased. Phase analysis of cold rolled X5CrNi18-8 steel 
deformed within the range up to 70% of reduction didn’t disclosed 
reflection lines from the martensite ε, what proves that phase 
transformation ’ take place. The differences in the relative 
intensity of the diffraction lines for both phases compared to the 
theoretical intensity for randomly oriented samples of austenite and 
martensite indicated that both phases were textured. 

Based on the results of phase analysis performed in the Bragg-
Brentano geometry (BB) and grazing incident geometry  = 3 
there was found that the phase composition of X5CrNi18-8 steel is 
the same both on surface as well as in deeper layers of material 
(Fig.2).  

 

Fig. 2 Effective depth of penetration (EDP) for Bragg-Brentano geometry 
(BB) and grazing incident geometry  = 3 

Texture measurements conducted in steel in initial and 
supersaturated state revealed the occurrence of relatively weak 
textures (Fig.3a,b). The austenite had the fiber-type texture with the 
strongest {110}<112> orientation which belonged to the α<110> 
fiber. The maximum value of orientation distribution function for 
this orientation in initial and supersaturated state was FRO=3.9 and 
FRO=3.3, respectively (Fig.3a,b).  

 
           a) 

 

 

            b) 

 

 

Fig. 3 Austenite textures in initial (a) and supersaturated (b) state in ODF 
sections φ2=0°, φ2=45°. Measured and calculated pole figures of austenite 
(111), (200), (220) planes. 
 

Analysis of the deformation textures in martensite and austenite 
phases was performed within the range up to 70% of reduction on 
the basis of the three-dimensional orientation distribution functions 
(ODFs) calculated from the experimental pole figures. In general 
both component phases develop deformation textures with some 
typical features of the corresponding rolling textures in austenitic 
steels with low stacking fault energy (SFE). 
The dominating components of the austenite texture after 10% of 
reduction was the orientation from the α-fiber, mainly {110}<001> 
orientation, with the maximum value of orientation distribution 
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function equal to FRO=4.4 (Fig.4a and Table 2). After 30% of 
deformation the strongest component of austenite texture was 
{110}<112> orientation, with FRO=6.8. Deformed textures of 
austenite after 70% of reduction show the fibrous character with the 
strongest α-fiber <110>║ND, mainly {110}<113> orientation, 
which is close to the {110}<112> alloy-type component. The 
maximum value of the orientation distribution function equal to 
FRO=10.5 (Fig.4a, Table 2). The other component of the austenite 
texture is the {110}<001> Goss orientation from the τ =<110>║PD 
fiber. With increasing of deformation degree the fiber of austenite 
undergo stretched and then shrinking. The texture indexes of 
austenite increasing with the increases of deformation degree. 
 

a) 

 

b) 

 

Fig. 4 Orientation distribution functions (ODFs) in sections φ2=0°, φ2=45° 
for austenite -(a) and φ1=0°, φ2=45° for martensite -(b) after selected rolling 
reductions 
 

The texture of martensite after deformation is relatively weak 
and spread with the limited α1-fiber <110>║RD, γ-fiber {111}║ND 
and ε =<001>║ND. After 20% of deformation the α1-fiber 
elongated. The strongest component of martensite texture is 
{229}<110> orientation, with FRO=3.5. After 40% of reduction in 
the martensite texture the homogeneous α1-fiber still persists, but 
with some blur. The strongest orientation lying in a blur was 
{332}<113> orientation, with FRO=2.3. Further deformation of 
steel causes the weakness of α1-fiber and weakness and the 
strengthened of γ-fiber. The strongest martensite texture component 
after 70% of reduction is the orientation close to {111}<112> from 
the γ-fiber with FRO=6.7 (Fig.4b and Table 2). In the case of 
austenitic stainless steel grade X5CrNi18-8 the texture development 
is rather complex because the following phenomena take place in 
the course of cold rolling: plastic deformation of the austenitic  

-phase, phase transformation γ’ and deformation of the 
previously formed ’-martensite. 

The explanation of weak or even random austenite texture 
seems to be the occurrence of strain induced (γ’) phase 
transformation, which gives rise to the enhanced texture 
development of martensite at the expanse of austenite, which is 
transformed into ’-phase. The results of the texture investigations 
indicate that austenite behaves during rolling in various way, 
depending on the applied deformation degree. 

Crystallographic relations between the major components of the 
austenite and martensite rolling textures are well described by 
Kurdjumov-Sachs (K-S) and Nishiyama-Wassermann (N-W) 
orientation relationships. 

 

Table 2.Maximum values of the ODF’s and the corresponding ideal 
orientation in austenite and martensite texture of X5CrNi18-8 steel after 
selected rolling reductions 

Degree of 
plastic 

deformation 

Texture of austenite Texture of martensite 

Orientation  
Max.  
FRO 

Orientation 
Max. 
FRO 

10% {110}<001> 4.4 ~{112}<110> 2.5 

20% {110}<557> 5.5 {229}<110> 3.5 

30% {110}<112> 6.8 {001}<110> 4.2 

40% {110}<112> 7.6 {001}<110> 4.8 

50% {110}<112> 8.8 {665}<339> 4.3 

70% {110}<112> 10.5 {111}<112> 6.7 

 
The results of the X-ray phase analysis and mechanical 

investigations confirm the occurrence of martensite α’ in steel 
X5CrNi18-8. It was found that the value of the tensile strength Rm, 
yield point Rp0,2 and hardness HV0,05 increase with the degree of 
deformation, while the value of elongation A decreases (Fig.5).  

In the initial state the steel is characterized by elongation 
A=52% and strength properties: Rm about 647 MPa; Rp0.2 about 
330 MPa as well as hardness about 162 HV0,05. After 70% of 
deformation the tensile strength of steel increases to about  
1496 MPa, yield point to about 1161 MPa, hardness to about  
400 HV0,05, while the steel elongation decreases to about 1%. 

 

Fig. 5 Variation of the mechanical properties as a function of the 
deformation degree 

 
In initial and supersaturated state of the X5CrNi18- 8 steel, 

equiaxial austenite grains with numerous annealing twins and non-
metallic inclusions were visible in the structure (Fig.6a). After 20% 
of deformation the effects of strain localization were revealed in 
some grains, which occurred the preferential places for the 
formation of the α’-phase (Fig.6b). With increasing deformation 
degree an increase of banding of the austenite-martensite two-phase 
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structure is observed (Fig.6c). After 70% of reduction the bands of 
both phases were arranged nearly parallel to the rolling plane and 
displayed corrugated shapes resulting from strain localization 
proceeding at higher strains. 
 The magnetic investigations revealed 21% of the martensite 
volume fraction within the structure of the steel after 70% of 
deformation. Generally the amount of the martensite α’ phase in the 
investigated steel structure increases within the increases of the 
deformation degree in the cold rolling process. 
 
a) 

 

b) 

 

c) 

 

Fig. 6 Structure of X5CrNi18-8 steel: a) after supersaturation at 1100°C, 
Mag.200x and after deformation with selected cold rolling - b) 20%, 
c) 50%; Mag.500x, Etching - Mi17Fe 

 

4. Conclusions 

Based on the experimental results and discussion the following 
points can be concluded: 

1. Plastic deformation during the cold rolling of X5CrNi18-8 steel 
induces a martensitic transformation (γ→α’) over the whole range 
of applied deformation. 

2. The deformation structure is characterized by elongated austenite 
grains with martensite α'-phase plates. 

3.  After deformation the steel exhibits a fibrous texture described by 
following orientation fibres: α =<110>║ND, τ =<110>║PD and β 
({110}<112> to {123}<634> to {112}<111>). 

4. The texture of martensite develops and changes with increasing 
deformation. The main texture components are related to the 
following fibres: α1 =<110>║RD, γ ={111}║ND and ε=<001>║ND. 

5. From X-ray investigations it was concluded that texture 
development of martensite might be affected by the phase 
transformation (γ→α’) included by plastic deformation. In major 
part the orientation relations between both phases are well 
described by Kurdjumov-Sachs and Nishiyama-Wassermann 
relationship.  

6. The changes of both γ and α’ volume fraction taking place during 
the deformation of X5CrNi18-8 steel, as well as the texture 
development in both phases, influence the variations of 
mechanical properties of steel.  
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Abstract: The evaluation of properties of rolls of “old” and “new” generations is made. Using method of calculation of work and service 
properties of rolls after experimental checking are estimated the material and properties of working rolls, which are used in finishing 
rolling group of CWRM-1700 JSC “ArselorMital Temirtau” till 2001 year and after it. 
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1.Введение 
 
По мере совершенствования валковых материалов 

происходит закономерная смена поколений прокатных 
валков прокатных станов. При этом представляет интерес 
сравнительная оценка свойств валков «старого» и «нового» 
поколений. В настоящей работе такого рода задачу решали 
применительно к НШПС-1700 горячей прокатки АО «Ар-
селорМиттал Темиртау». 

 
2. Предпосылки и средства для решения 

проблемы 
 
До 2001 г. в чистовых клетях НШПС-1700 использо-

вали двухслойные легированные чугунные валки с отбе-
ленным рабочим слоем, переходным слоем из половинча-
того чугуна и сердцевиной из серого чугуна, толщиной 
отбеленного слоя от 10 мм до 30- 32 мм. Тогда в чистовых 
клетях №6 -№8 использовали валки ЛПХНд-62, ЛПХНд-63, 
в отделочных клетях №9 - №12 валки ЛПХНд-70, 
ЛПХНд-71, ЛПХНд-72, ЛПХНд - 74, ЛПХНд -76 [1]. В 
последние 8 - 1 0  лет в чистовых клетях НШПС-1700 ис-
пользуют валки исполнения HiCr и ICDP. 

Справочные показатели свойств материала указанных 
валков приведены в табл. 1. 

 
Таблица 1: Характеристика физико - механических 
свойств материала валков исполнения ЛПХНд и ЛПХНМд 

Характеристики 

Исполнение  
валков 

ЛПХНд
-63 

ЛПХНд 
- 71 

ЛПХНМд 
- 74 

ЛПХНМд -
76 

Временное со-
противление 

при  
разрыве σР, МПа

256 297 338 346 

Временное со-
противление 
при изгибе σИ, 

МПа 

450 500 510 430-510 

Твердость по 
Шору,  
ед. HSD 

63-70 71-85 74-85 76-86 

Глубина отбела 
рабочего слоя,  

мм 
14-30 15-32 12-30 10-32 

 
Литые валки из высокохромистого чугуна зареко-

мендовали себя хорошей стойкостью к горячему износу и 
разгару поверхности. Валки из чугуна ICDP - Indefinite Chill 
(double pour indefinite chill with grey iron core) сочетают 
высокие сопротивления термическим напряжениям и из-
носостойкость [2]. 

Справочные показатели свойств материала указанных 
валков приведены в табл. 2. 

 
Таблица 2: Характеристика физико-механических свойств 
материала валков исполнения HiCr и ICDP 

Показатель Рабочий слой Сердцевина 

 Hi-Cr ICDP Hi-Cr ICDP 

Твердость по Шору, 
ед. HSD 68-78 78-83 55 60 

Временное сопро-
тивление разрыву 
(σВр, МПа) 

700-800 
350-45

0 
240 300 

 Предел прочности  
на изгиб, (σИ, МПа) 1200 700 450 600 

 
Для оценки качества материала валков в качестве 

эксплуатационных характеристик используют прочность, 
термостойкость и износостойкость [3]. Прочность валков 
можно охарактеризовать относительным количеством сло-
манных валков. Термостойкость - определяющее свойство 
валков для предчистовых клетей и износостойкость - для 
чистовых отделочных клетей. Термостойкость можно 
оценить относительным количеством валков, вышедших из 
строя вследствие выкрашиваний и трещин разгара на ра-
бочей поверхности бочек валков. Об износостойкости судят 
по двум показателям - среднему количеству металла на 1 мм 
уменьшения диаметра валков при перешлифовках и сред-
нему количеству проката на валках, вышедших из строя по 
причине естественного износа. 

 
3. Решение рассматриваемой проблемы 
 
Критериальное выражение служебных свойств по-

зволяет устанавливать наиболее подходящие по качеству 
валки из имеющихся исполнений, соответствующих дей-
ствующим техническим условиям, а также более благо-
приятные узкие пределы свойств в условиях одного ис-
полнения. 

Для оценки служебных свойств валков используют 
следующие показатели [3,4]: 

 
1

;
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/
;È

ÏK
Í Â


            (2) 

       0,0087 ,Ò ÈK                         (3) 

 
где КИ - критерий износа; КП - критерий эксплуата-

ционной прочности; КТ - критерий термостойкости; σИ - 
предел прочности в середине рабочего слоя при испытании 
на изгиб тангенциальных образцов, МПа; σИ /- то же, в 
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сердцевине бочки или шейках, МПа; НВ - твердость по 
Бринеллю рабочего слоя валка, МПа; НВ/ - твердость по 
Бринеллю в середине бочки или шейках, МПа; b - коэф-
фициент, зависящий от количества графита и неметалли-
ческих включений в рабочем слое валка; β - коэффициент, 
определяемый по формуле: 
 

          β = λ/αЕ, 
 
где λ - коэффициент теплопроводности; α - коэффициент 
термического (линейного) расширения, Вт/(м·К); Е - мо-
дуль упругости, МПа. 
 

Необходимые для расчета показателей (1), (2) и (3) 
исходные данные получены следующим образом. По ме-
тодике [3, 4] определяют условия прочности валка на шейке 
σИ / с учетом соответствующего запаса прочности. В зави-
симости от служебных свойств и вида структуры валков 
устанавливают критерии КИ, КП, КТ, по данным которых 
находят твердость сердцевины и шеек НВ/. 

 
4. Результаты и дискуссия 
 
С учетом изложенных принципов проанализировали 

качество материала и служебные свойства валков чистовой 
группы НШПС-1700 горячей прокатки АО «АрселорМит-
тал Темиртау». Для этого рассчитали эксплуатационные 
показатели и служебные показатели КИ, КП, КТ  для валков 
«старого» и «нового» поколений, указанные в табл. 3 и 4. 

 
Таблица 3:  Показатели эксплуатационных и служебных 
свойств валков НШПС-1700 «старого» исполнения 

Показатели 

Исполнение валков 

ЛПХНд- 
62 

ЛПХНд-
н- 62 

ЛПХНд- 
70 

ЛПХНд- 
72 

ЛПХНд- 
76 

Критерий 
износа КИ 

0,34 0,34 0,30 0,28 0,26 

Износо-
стойкость в 
клетях 9-12, 
103 т/мм 

10,3 10,4 12,2 13,1 3,4 

Критерий 
прочности 
КП 

0,18 0,22 0,22 0,27 0,28 

Частота по-
ломок вал-
ков в клетях 
6-8, % 

23,6 11,6 12,5 11,9 11,2 

Критерий 
термостой-
кости КТ 

0,18 0,18 0,10 0,10 0,10 

Частота 
растрески-
вания валков 
в клетях 6-8, 
% 

8,5 8,2 14,8 12,9 12,4 

 
Из анализа табл. 3 следует, что в отделочных клетях, 

расположенных после клети № 8, наибольшие износо-
стойкость и прочность имели валки «старого» исполнения 
ЛПХНд-76, а в начальных клетях чистовой группы - клети 
№ 6 - 8, где основными требованиями является высокая 
прочность и термостойкость, наиболее подходящими ока-
зались валки исполнения ЛПХНд-н-62. 

 
 
 
 

 
Таблица 4: Показатели эксплуатационных и служебных 
свойств валков НШПС-1700 «нового» исполнения 

Показатели 
Исполнение валков 

Hi-Cr (6 - 8
клеть) 

ICDP (9-12 
клеть) 

Критерий износа КИ 0,62 0,86 

Износостойкость в клетях, 10 
т/мм 

5,82 3,83 

Износостойкость в клетях, сред-
нее количество  
проката на валках, вышедших из 
строя по причине  
естественного износа, 103 т 

23,8 23,9 

Критерий прочности КП 1,23 1,47 

Частота поломок валков в клетях 
6-8, % 

3,33 1,27 

Критерий термостойкости КТ 0,28 0,09 

Частота растрескивания валков в 
клетях 6-8, % 

10,21 8,83 

 
Сопоставление показателей из табл. 3, 4 позволяет 

заключить, что в отделочных клетях, расположенных после 
клети № 8, наибольшие износостойкость и прочность по 
сравнению с валками «старого» поколения имеют валки 
исполнения ICDP, т.к. критерии прочности Кп и износа Ки 
увеличились в 5,25 и 3,31 раза соответственно, при этом 
критерий термостойкости Кт уменьшился в 1,11 раза. 

В начальных клетях чистовой группы - клети № 6 - 8, 
наиболее подходящими оказываются валки «нового» ис-
полнения Hi-Cr. Для них служебные показатели увеличи-
лись соответственно: критерий износа КИ - в 1,82 раза, 
критерий прочности КП - в 5,6 раза, критерий термостой-
кости К Т  -  в 1,56 раза. 

 
5. Заключение 
 
Произведена оценка свойств прокатных валков «ста-

рого» и «нового» поколений. С использованием методики 
расчета эксплуатационных и служебных свойств валков 
после экспериментальной проверки критически оценены 
материал и свойства рабочих валков, задействованных в 
чистовой группе клетей НШПС-1700 АО «АрселорМиттал 
Темиртау» до и после 2001 года. 
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INFLUENCE OF MICRO AND NANO STRUCTURE ON MECHANICAL 
PROPERTIES OF METALS AND ALLOYS 

ВЛИЯНИЕ НА МИКРО И НАНО СТРУКТУРАТА ВЪРХУ МЕХАНИЧНИТЕ 
СВОЙСТВА НА МЕТАЛИ И СПЛАВИ 

 
L. Parashkevova1, N. Bontcheva1, G. Petzov2 

1Institute of Mechanics, Bulgarian Academy of Sciences, Sofia, Bulgaria, 2Technical University Varna, Bulgaria 
 

Abstract: The aim of the investigation is to demonstrate effects of several approaches for modeling the microstucture influence on 
mechanical properties of metals and alloys at different processing technologies. Grain refinement due to phase transformation is simulated 
showing the possibility for improving the mechanical properties of 304 stainless steel. Coupling of the thermoplastic deformation with 
microstructure evolution is realized. The elastic-plastic behavior of rapidly solidified Al-based Fe-enriched alloy containing inetermetallic 
phase subjected to densification is considered. The effect of the intermetallic phase volume fraction and its average size on densification and 
hardening behavior of powder based aluminum alloy is investigated combining Cosserat matrix model with Cauchy intermetallics model. 
Analytical relationship between the equivalent plastic strains on micro and macro levels is proposed. A multilevel approach is applied. The 
proposed models are implemented as user defined subroutines into the FE code MARC. Numerical results are in good agreement with 
experimental observations 

Keywords: GRAIN REFINEMENT, SIZE EFFECT, MECHANICAL PROPERTIES 

 

1. Introduction 

Among all manufacturing processes, hot metal forming takes a 
special place because of the involved multifaceted relationship 
between metal microstructure changes and final properties of the 
produced product. The conception for controlled mechanical - 
thermal influence as an effective tool for generating defined 
microstructures, insuring complex of high mechanical properties of 
the manufactured goods, is applied in the present study.  

The introducing of Thermomechanical Treatment (TMT) in the 
industry requires that metal forming and thermal processes be 
designed and developed with a minimum amount of trial and errors. 
For this reason, the application of computer aided simulation (CAS) 
techniques is becoming necessary in the area of multipurpose 
design of metallurgical processes. The practical use of these 
techniques requires profound knowledge on the microstructure 
alteration during metal forming and its influence on the final 
mechanical properties. 

The present investigation combines the physical phenomena of 
metal evolution under mechanical and severe thermal forces with 
the effective techniques of the CAS. 

 

Fig. 1 Stages of thermomechanical treatment 

 

2. Modeling 

2.1 Strengthening of 304 stainless steel 

A thermomechanical schedule for microstructure refining of 
stainless austenitic steel on the base of controlled strain-induced 
austenite-martensite transformation is considered. The complex 
thermomechnical treatment consists of hot rolling, cold torsion and 
annealing (Fig. 1). The material obtained has a refined 
microstructure and shows an elevated plasticity at low strain rate, 
permitting considerable lowering of the conventional forming 
temperature of such stainless steel. Using non-traditional 
approaches, based on the FEM [1], a total simulation of this 
thermomechanical schedule is carried out. The possibility for warm 
die forging of gears is tested through FE-simulation and compared 
with results for conventional steel, (without complex treatment) 
subjected to the same forging process.  

The mechanical properties of the material are time-temperature 
dependent. The material is strain hardening, strain rate sensitive and 
temperature softening. The strain resistance is given with the 
Schwartzbart’s relation: 
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In the above relations  0 1 ,  0 2 ,  1s ,  2s ,  1p ,  1p , 

 1 1x ,  1 2x ,  2 1x  and  2 2x  are material constants described in 

[2]. 

Torsion is realized at room temperature. The material is 
considered elastic-plastic, as elastic strains during cold deformation 
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are significant. During cold torsion austenitic-martensite 
transformation takes place. The volume of strain-induced 
transformation is a function of equivalent plastic strain and 
temperature. We assume that the strain resistance of the stainless 
steel d  during austenite-martensite transformation depends on the 

strain resistance of the steel in austenite state Aust
d  and on the 

martensite volume fraction MartX  

  1 ,MQAust
d d M MartC X    (3) 

where 

   0
0

, ,

m
nAust p

d K K K
 


 
   

 




 (4) 

and MC , MQ  are material constants [2]. 

Modeling of the torsion process is realized using FEM simulation 
[2],[3]. The mechanical model is implemented in user defined 
subroutines of the code MARC.  

During annealing partial reversion of martensite into austenite 
occurs. Grain size during this treatment depends on deformation-
strain rate conditions and annealing temperature.  
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Fig. 2 Punch force during warm pressing. Influence of punch velocity 

The final step of the process considered is warm forging. The 
material is considered elastic-plastic. The strain resistance d  is a 

function of the equivalent strain  , equivalent strain rate   and 
temperature T  and is assumed in a form similar to (4). 

Fig. 2 presents results of the Finite Element simulation of the 
material behavior in warm forging at different punch velocities, see 
Fig. 1 (4). The influence of the complex treatment of the material is 
seen in Fig. 3. The comparison with classical steel shows that the 
material obtained by the described method is more deformable and 
a lower punch force is required.  

2.2 Strengthening of multiphase Al based 
composites 

Al alloys are used traditionally for structures subjected to 
working temperature up to 150 oC. Nowadays a tendency to use 
high temperature aluminium alloys instead of titanium alloys, steel 
etc. for temperatures up to 400 oC is noticed. The main benefit is 
significant weight reduction of the structures. Such kind of 
materials are Al-Fe-V-Si alloys with high content of Fe (5 - 12 wt 
%) and relatively high content of Si (2 - 5 wt %) [4]. The 
conventional casting of these alloys leads to very coarse 
microstructure and poor mechanical properties. The methods of 
rapid solidification are very effective for obtaining fine and ultra 
fine microstructure leading to improved mechanical properties - 
better ductility, fracture toughness and high temperature resistance. 
The manufacturing process consists of two main stages - rapid 

solidification of melts into granules or thin strips and a second 
stage, during which these intermediate products are subjected to 
cold compaction and subsequent densification by plastic 
deformation. Rapidly solidified strips and powders of such alloys 
are produced by planar flow casting, strip casting or gas atomization 
method. In fully dense state this natural ("in situ") composite 
contains fine, almost spherical intermetallic inclusions (0.1 - 5 μm), 
distributed almost homogeneously in the aluminium matrix.  
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Fig. 3 Punch force during warm pressing. Influence of complex 
treatment 

Microstructure observations [4],[5] show that two kinds of 
intermetallic phases may appear - the quaternary silicid 
AlX(Fe,V)YSi and with or without pure Si. The precipitations are 
significantly harder than the matrix and appear as hardening phases. 
Hence these alloys can be regarded and modeled as multiphase 
composites. Unlike the conventionally mixed composites, the 
volume fractions of the phases in the "in situ" composites depend on 
the manufacturing conditions. It is observed experimentally that 
plastic deformation in general does not change volume fraction of 
intermetallic inclusions. 

Nano and micro particles can substantially improve the 
mechanical properties of the host matrix materials even at low filler 
volume content such as 1÷5%. 

2.2.1 Homogenization of “in situ” composite 

Nano and micro composites demonstrate significant size 
sensitivity, depending on the processing technology and on the 
working conditions. A mechanical model, appropriate for nano and 
micro composites should account for two kinds of size effects: size 
effects due to particles themselves and size effects connected to 
their size distribution function. 

The semi-analytical approach, based on the micropolar theory 
accounts for size effects at different structural levels. The modified 
Cosserat theory used below belongs to the larger class of 
generalized continua which introduce intrinsic length scales into 
continuum mechanics via higher order gradients and additional 
degrees of freedom. 

The hardening particles on nano and micro levels are assumed 
elastic spheres with different diameters. They can be grouped in a 
finite number 2n   of sets, according to the diameters iD  and 

properties (see Fig. 1). The volume fraction of each set is 
, 1, ,iC i n  . The total volume fraction of the hardening phases is 

1

n

sum ii
C C


  . We consider the material of the inclusions as 

Cauchy-type elastic isotropic one with mechanical characteristics: 
Young's modulus iE , Poisson's ratio i , shear modulus iG  and 

bulk modulus iK . The inclusions can be of different materials. 

Everywhere in the text the subscript 0  stays for the matrix and the 
subscript i  - for the set i . 
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The matrix of the multiphase composite is considered as 
micropolar Cosserat elastic-plastic work-hardening continuum. The 
stress and strain measures are the stress tensor  ij ijij    , the 

couple stress tensor  ij ijijm m m  , the strain tensor 

 ij ijij     and the curvature tensor  ij ijijk k k  . Symbols 

   and   in the subscript denote the symmetric and anti-

symmetric parts of a tensor respectively. The study is restricted to 
isotropic centro-symmetric micropolar continuum. The elastic 
behavior of the matrix material is described with the well known 
relations: 
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where 0 , 0  are the elastic Lamé constants, , , ,     are the 

Cosserat material constants. 0 ,K N  are Cauchy and Cosserat bulk 

moduli respectively. Everywhere in the paper   '  means deviator. 

Here we introduce the intrinsic lengths 2 2 2
1 2 3

0 0

, ,l l l
  
  

   . 

The relation 1 2 3 ml l l l    is assumed in the present investigation. 

The independent matrix constants are then 0 0, , ,ml   . 

Considering Representative Volume Element RVE Hill's strain 
energy equivalent condition is adopted. In the case of isotropic 
Cauchy material on macro level the strain energy is: 

 ' ' 21 1
,

2 9ij ij ij ij ij ij ij ij kkRVE
m k E

G K
           (6) 

where ,G K  are the effective shear and bulk moduli. At transition 

from micro to macro level the overall mechanical characteristics of 
the material are obtained through two-steps homogenization, 
following the ideas proposed in [6].  

According to the decomposition approach [7] the multiphase 
representative volume element consisting of matrix (Cosserat 
continuum) and n  phases (Cauchy continuum) is equivalent to a 
RVE, consisting of n  pseudograins. Each pseudograin is a two-
phase composite for which different homogenization schemes can 
be applied, depending on the total volume fraction of the fillers. In 
the case of low volume fraction, not exceeding 20-30%, the 
hypothesis of isolated inclusions is valid. For each pseudograin then 
updated size sensitive Mori-Tanaka homogenization is applied, 
leading to the following elastic moduli of each pseudograin, 
depending on the filler size and on the Cosserat internal length [6]: 

 

 
 
 

 

0

0

0 0 0 0

0

0

0 0 0 0

1 ,

1 ,

sum i

ci

i

sum i

ci

i i

C K K
K K

C a K K K

C G G
G G

C b G G G

 
  

   
 
  

   

 (7) 

where  0 0 0 0,a a K G  and  0 0 0 0, , ,i i i mb b K G D l .  

After the first homogenization step at this structural level the 
material of each pseudograin is Cauchy elastic plastic. Considering 
RVE the conglomerate of n  pseudograins is further subjected to a 
second homogenization step. The volume fraction of the filler is 
constant in each pseudograin and equal to sumC . This condition 

determines the volume fraction iC  of each pseudograin in RVE. As 

all pseudograins have to be treated in a similar way, only symmetric 
homogenization schemes can be applied. We chose the self-
consistent theory for polycrystals.  

According to it the final composite moduli of the homogenized 

material ,K G  on macro level are defined by the following non 

linear equations: 
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If experiments show that too many sizes of inclusions exist, 
their grouping in a finite number of sets is not advisable. In such a 
case it is preferable to define a size distribution function and a 
corresponding density distribution function  D  for each phase i  

which can be experimentally obtained or analytically prescribed [6]. 
The relations (8) take then the form: 
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2.2.2 Numerical simulation and results 

In this study the behavior of two alloys considered as “in situ” 
multiphase composites are compared. 

The first alloy investigated is AlFe9V1Si2. It is produced from 
rapidly solidified powder subjected to compaction and extrusion 
and consists of Al matrix and a single intermetallic phase 
Al13.15(Fe,V)2.8Si. The experimentally based right skew size 
distribution function of the hardening phase is presented in Fig. 4. 
The elastic-plastic parameters of this “in situ” composite are given 
in Tables 1 and 2. The overall elastic-plastic properties of this 
composite are determined by (9). 
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Fig. 4 Precipitations size distribution 

The second alloy considered is AlFe9V2Si7 [4]. It is produced 
from rapidly solidified ribbons, crashed and subjected to annealing 
and further densification by compaction and extrusion. In annealed 
state the material can be regarded as “in situ” composite consisting 
of matrix and three hardening phases; two of them are intermetallic 
precipitations with chemical composition Al13(Fe,V)3Si and the 
third one is pure Si. The intermetallic phases are coarse compound 
of mean diameter approximately 1 μm and ultrafine compound of 
mean diameter approximately 0.05 μm. This nanophase is formed in 
the part of the ribbon which is adjacent to the cooling wheel at 
solidification rate of 105 – 106 Ks-1.The volume fraction of the 
latter is about 10% of the whole quantity of intermetallic 
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precipitations. The mechanical properties of the intermetallic 
precipitations in both Al alloys are considered identical as their 
chemical formulae are similar (Tables 1 and 2). The silicon phase 
precipitates from the supersaturated α-Al solid solution during 
annealing and is observed only if the silicon content in the mother 
alloy is higher than 3 wt%. The mean diameter of the Si particles is 
about 0.2 μm. The overall elastic-plastic properties of this 
composite are determined by (8). 

Table 1. Properties of the matrix 

Properties 20 oC 400 oC 
Young’s modulus, GPa 71.00 43.00 
Poisson’s ratio 0.34 0.34 

ml , μm 4.50 4.50 

 , GPa 53.0 12.5 

0 Al , MPa 122 57 

0h , MPa 173 0 
m  0.455 0 
Vol. fraction AlFe9V1Si2, % 82.5 82.5 
Vol. fraction AlFe9V2Si7, % 77.07 77.07 

 

Table 2. Properties of the inclusions 

Properties 
Intermetallic  

phase 
Si phase 

20 oC 400 oC 20 oC 400 oC 
Young’s modulus, 
GPa 

156.2 94.6 110 100 

Poisson’s ratio 0.148 0.148 0.25 0.25 
Vol. fraction 
AlFe9V1Si2, % 

17.50 17.50 0.00 0.00 

Vol. fraction 
AlFe9V2Si7, % 

18.43 18.43 4.50 4.50 
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Fig. 5 Influence of different precipitation phases on material 
behavior 

The influence of the existence of additional Si phase on 
precipitation hardening is seen in Fig. 5. This strengthening effect 
depends on the ratio between the precipitations size and the Al 
matrix internal length ml . It is shown in [7] that most pronounced 

size effect can be expected if this ratio is less than unity; no size 
effects are predicted if it is higher than 10. If this ratio tends to 
infinity, the present model tends to the classic Mori-Tanaka one. 

The discussed hardening effect obviously influences the 
material behavior during extrusion - the last stage of manufacturing. 
The change of the punch force during the process is seen in Fig. 6 
for both alloys. The simulation is provided for cold extrusion as the 
hardening effect in low temperature processes is more 
distinguished. 
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Fig. 6 Hardening effect of the existence of Si phase 

3. Conclusions 

A three-stage thermomechanical treatment of 304 Stainless steel 
is modeled which leads to better workability of the material. A 
comparison of the material behavior with and without 
thermomechanical treatment is made which shows the possibility to 
realize closed die forging at temperatures lower than those usually 
applied at thermoplastic forming of stainless steel. 

A model of multiphase elastic-plastic composite consisting of 
elastic-plastic Cosserat matrix and several discrete Cauchy elastic 
hardening phases is discussed. A multilevel approach is proposed, 
upgrading previously developed methods given in [6],[7]. The 
model is applied in details to metal matrix composite, so called "in 
situ" composite, produced by rapid solidification of Al alloy 
enriched with Fe and Si. The numerical simulations show that the 
model describes successfully the hardening of multiphase 
composite and its sensitivity to sizes and size distribution of the 
inclusions.  
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THE FEATURES OF STRUCTURE AND PROPERTIES OF HIGH-STRENGTH CAST 
IRONS, TREATED WITH BRIQUETED POWDER MODIFIERS 

 
ОСОБЕННОСТИ СТРУКТУРЫ И СВОЙСТВ ВЫСОКОПРОЧНЫХ ЧУГУНОВ, ОБРАБОТАННЫХ 

БРИКЕТИРОВАННЫМИ ПОРОШКОВЫМИ МОДИФИКАТОРАМИ 
 

д.т.н, проф. Баглюк Г.А., инж. Куровский В.Я. 
Инстутут проблем материаловедения НАН Украины – Киев, Украина 

 
Реферат: Представлены результаты исследований особенностей структуры и свойств высокопрочных чугунов, полученных 

с использованием ковшевого и внутриформенного модифицирования порошковыми брикетированными модификаторами. 
Показана эффективность использования порошковых брикетированных модификаторов при обработке расплавов чугуна как по 
схеме ковшевого, так и внутриформенного модифицирования. Отмечены преимущества использования порошковых 
брикетированных модификаторов по сравнению с традиционными кусковыми плавленными лигатурами. 
Ключевые слова: ВЫСОКОПРОЧНЫЙ ЧУГУН, ЛИТЬЕ. МОДИФИКАТОР, БРИКЕТИРОВАНИЕ, ПОРОШОК 

 
1. Введение 
 
Высокопрочный чугун с шаровидным графитом (ВЧШГ), 

характеризующийся сочетанием высоких технологических, 
физико-механических и эксплуатационных характеристик, 
широко применяется взамен стального литья, поковок, ковкого 
и серого чугуна, обеспечивая надежность и долговечность 
изделий в различных режимах эксплуатации. Отличительные 
особенности чугуна с шаровидным графитом (ЧШГ) в 
сравнении со сталью — более высокое отношение предела 
текучести к пределу прочности при растяжении, равное 0,70-
0,80 (против 0,50÷0,55 для стали), достаточно высокий модуль 
упругости, достигающий (180÷190)103 МПа, низкая 
чувствительность к концентраторам напряжений, повышенная 
(в 1,5÷3,5 раза) циклическая вязкость и другие — зачастую 
позволяют эффективно использовать его взамен стали, 
особенно в условиях действия динамических нагрузок. 
Высокая жидкотекучесть этого материала открывает 
возможности расширить номенклатуру изделий из него, 
снизить сечение и массу отливок, повысив тем самым их 
жесткость. 

Повышенные механические и эксплуатационные свойства 
таких чугунов обеспечиваются за счет ковшевого или 
внутриформенного модифицирования расплава с 
использованием литых или брикетированных 
магнийсодержащих модификаторов, которые способствуют 
сфероидизации графита [1-4].  

Наиболее распространенной остается технология 
модифицирования чугуна кусковыми плавленными лигатурами 
в ковшах, которая, будучи достаточно простой с 
технологической точки зрения, имеет, однако, ряд 
существенных недостатков, связанных со значительным 
дымовыделением, относительно низким и нестабильным 
усвоением магния. Существенным недостатком применения 
модификаторов с магнием в виде кусковых литых лигатур, 
является также значительная потеря дорогого магния на 
испарение (степень усвоения его при выплавке лигатуры 
составляет 6090 %), нестабильный состав лигатуры и высокие 
(до 2040 %) отходы при измельчании кусковой лигатуры до 
необходимых фракций.  

Отмеченные недостатки в значительной мере устраняются 
или минимизируются при модифицировании расплава в 
литейной форме с использованием модифицирующих 
брикетов, которые получаются с использованием методов 
порошковой металлургии [5, 6]. Технология получения 
брикетированных модификаторов методами порошковой  
металлургии  обеспечивает не только стабильное содержиание 
элементов в брикете, но и позволяет, в отличие от плавленых 
лигатур, регулировать состав брикетов в значительно более 
широком диапазоне концентраций составляющих 

сфероидизируючих (магний, РЗМ, кальций), графитизирующих 
(кремний, алюминий, барий) и (или) легирующих элементов.  

Применение методов порошковой металлургии для 
получения модифицирующих брикетов позволяет в широких 
пределах варьировать не только составом модификатора, но и 
пористостью брикетов: при прочих равных условиях как 
химический состав модификатора, так и величина пористости 
брикета определяет интенсивность его растворения в расплаве [7, 
8].  

Целью настоящей работы было исследование влияние 
обработки расплава порошковыми брикетированными 
модификаторами на структуру и свойства полученніх 
высокопрочных чугунов. 

 
2. Экспериментальная часть 

 
Модифицирующую способность брикетов при ковшевом 

модифицировании изучали обрабатывая брикетами и 
лигатурой расплав чугуна состава (%), масс.): S - 0,03: Mn - 
0,45: Si - 2,1: C - 3,75 в открытом ковше. Температура расплава 
- 1450100С.  

 Брикеты помещали в специальные держатели и 
принудительно погружали на дно ковша с расплавом чугуна. 
Из обработанного таким образом чугуна заливали стержневые 
пробы диаметром 20 и 40 мм. 

При изучение микроструктуры исходного чугуна видно, 
что в отливках диаметром 20 мм и 40 мм наблюдается 
прямолинейный пластинчатый графит (form I, flake) в 
основном равномерно распределенный (type A) (рис. 1,а). 
Металлическая основа в образце полностью перлитная (П 100), 
(рис. 2,б). В микроструктуре отливки диаметром 40 мм 
морфология и распределение графитных включений, а также 
металлическая матрица те же, что и в отливке диаметром 20 
мм.    

 

  
            а                б 

    Рис 1. Микроструктура исходного чугуна (без обработки 
модификатором): 

а – форма графита;  б – структура металлической матрицы 
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В качестве базового состава брикетов для получения 
высокопрочного чугуна с шаровидным графитом был выбран 
следующий состав: Mg – 10 %; ферросилиций Фс75 – 35 %; 
CaF2 – 5 %; Fe – 50 %. 

При модифицировании исходного чугуна брикетами  
происходит сфероидизация графитных включений. В 
микроструктуре отливок диаметром 20 и 40 мм наблюдается 
смесь графита правильной и неправильной шаровидной формы 
размером 20-60 мкм (рис. 2,а). Металлическая основа в этом 
случае у поверхности отливки диаметром 20 мм состоит из 
перлита (П92) и феррита (Ф8). Наблюдается также цементит в 
количестве до 25 % (рис. 2,б). В центральной части этой 
отливки количество цементита уменьшается до 10 %. В 
микроструктуре отливки диаметром 40 мм цементита не 
наблюдается, а металлическая основа состоит из перлита  (90 
%) и феррита (10 %) (рис. 2,в,г). 

 

   
а                                                б 

   
в                                                г 

Рис 2. Форма графита (а, в) и микроструктура чугуна (б, г)  в 
отливках после обработки расплава брикетированными 

модификатороми: а, б – диаметр 20 мм,  в, г – диаметр 40 мм  
 

Для сравнительного исследования механических свойств и 
основных структурных параметров модифицированного чугуна 
(степень сфероидизвции графита – ССГ, содержание перлитной 
и ферритной составляющей), расплав чугуна был  обработан в 
ковше по двум схемам: брикетированным модификатором 
состава: 10 % Mg, 5 % CaF2; 35 % ФСМГ-7; 50 % Fe и литой 
лигатурой ФСМГ-7. Температура расплава - 1450 0С. Из 
обработанного таким образом чугуна были отлиты заготовки 
диаметром 60 и 150 мм. Для изучения структуры и 
механических свойств чугуна были изготовлены  образцы, 
которые вырезались из участка отливки, находящейся на 
расстоянии половины радиуса от центра.  

Результаты исследования приведены в табл.1. 
 
Табл. 1. Характеристики структуры и свойства чугуна в 
зависимости от вида использованного модификатора 

 
Параметр 

Диаметр отливки, мм 
60 150 

Брикет Литая 
лигатура 

Брикет Литая 
лигатура 

ССГ, % 95 92 90 80 
Перлит % 60 40 25 20 
Феррит, % 40 40 75 80 
σв, МПа 548 532 498 435 
δ, % 6,5 6,1 5,3 4,8 
 
Как следует из приведенных в табл. 1 данных, 

использование брикетированных порошковых модификаторов 
позволяет заметно увеличить степень сфероидизации графита и 

содержание перлитной составляющей при приблизительно 
одинаковых содержаниях феррита, что предопределило 
повышение прочностных характеристик сплава и некоторое 
увеличение пластичности по сравнению с аналогичным 
материалом, обработанным литой кусковой лигатурой. 

Наряду с ковшевым модифицированием были проведены 
аналогичные сравнительные исследования при 
внутриформенном модифицировании в земляных формах.  

В качестве основного материала при изготовлении 
брикетов использовали пылевидную фракцию лигатуры ФСМг, 
образующуюся в результате измельчения и фракционирования 
лигатуры на ферросплавных заводах. В состав брикетов 
входили также порошки магния, железа и флюс. 

Заливку форм чугуном с температурой 1450÷1460 0С     
проводили в земляные формы с горизонтальным разъемом. 
Состав исходного чугуна, % (по массе): 3,64 С; 1,7 Si ; 0,31 Мn 
;  0,05 Сг ; 0,36Ni; 0,22 Сu; 0,035 Sn ; 0,006 S  ; 0,016 Р. 

Время заливки серийной формы (с фракционированной 
лигатурой в реакционной камере) - 19÷20 с. Литейная форма 
имеет после стояка две симметрично расположенные 
реакционные камеры (РК) 2, питающие по два коленвала 
каждая (рис. 3). В одну камеру помещали порцию 
фракционированной лигатуры ФСМг7, содержащей 6,5÷8,5 % 
магния, а в другую - брикет, что позволяло наиболее корректно 
сравнивать модифицирующую способность лигатуры и 
брикетов. 

 
 

 

Рис. 3.  Схема расположения 
элементов литниковой 
системы отливки при 
внутриформенном 

модифицировании чугуна: 1 - 
стояк; 2 - реакционная камера; 

3, 4, 6 - шлакоуловители; 5 - 
канал; 7 - подводящий канал; 

8 - питающая прибыль; 9 - 
фланец отливки; 10 - хвос-
товик   отливки;   11 -   
промывная прибыль 

 
 
В процессе работы изучали влияние массы и формы 

брикетов на кинетику их растворения, степень сфероидизации 
графита (ССГ) в чугуне и содержание магния в различных 
участках отливки. В каждую реакционную помещали 570 г 
фракционированной кусковой лигатуры, что составляет 1,1 % 
от массы обрабатываемого металла. Массу порошковых 
брикетов изменяли от 530 г до 270 г через 50 г, т.е. от 1 % до 
0,5% массы металла. 

Для ускорения растворения брикета, особенно в начальной 
стадии заливки, поверхность брикета, контактирующая о 
расплавом (рабочая поверхность) имела выступы (рис, 5). 
Варьируя формой и количеством выступов, изменяли 
соотношение площади рабочей поверхности Sp к  площади 
основания So равного сечению РК. Предложенное авторами 
понятие - коэффициент разветвленности поверхности брикета 
Кр имеет вид: Кр=Sp/So. В наших опытах величину Кр 
изменяли в пределах 1,45÷2,30. 

Экспериментально установлено, что для данного случая 
оптимальная величина коэффициента разветвленности, 
обеспечивающая требуемую форму графита (ССГ ≥ 85 %) во 
всех участках отливок коленвалов, составляет Кр = 1,65÷1,85. 

Содержание магния в модифицированном чугуне изучали 
спектральным методом на образцах, вырезанных из 
хвостовика, шеек, щек и из фланца, т.е. из зон отливок, 
заполняемых металлом в различные моменты заливки форм.  

Было установлено, что при расходах брикета от 0,5 до 1,1 
% содержание магния на всех участках коленвала находится в 
пределах 0,025÷0,05 % (в серийных отливках - 0,025÷0,030 %) 
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и изменяется по длине отливки в зависимости от коэффициента 
разветвленности брикета. С увеличением значения Кр 
содержание магния в отливке возрастает по мере удаления от 
хвостовика, который заливается первым, быстрее, чем при 
малых значениях Кр. 

Однако во всех проведенных опытах в случае брикетов 
величина ССГ в отливках составила 90÷99 %. В тех же 
условиях высокопрочный чугун, полученный обработкой 
лигатурой, несмотря на более высокий расход последней, имел 
ССГ = 80÷85 %. Изучение структуры графита в чугуне 
различных участков литниковой системы показало (табл. 2), 
что при расходе брикета 0,5 % граница гарантированного 
получения высокопрочного чугуна с ССГ, равной 90 %, 
находится между фланцем коленвала (участок 9 на рис. 3) и 
питающей прибылью (участок 8). При увеличении расхода 
брикета эта граница отодвигается в элементы литниковой 
оистемы, расположенные ближе к РК: при 0,6÷0,7 % - к 
шлакоуловителю 6, а при 0,9÷1,0 % - даже в шлакоуловителе 4 
часть графитовых включений имеет компактную и 
шаровидную форму. 

Отливки коленчатых валов, полученные при 
модифицировании чугуна бринетами, оказались менее 
пораженными дефектами, чем при применении кусковой 
лигатуры ФСМг. 

 
Таблица 2. Степень сфероидизации графита в отливках и в 

литниковой оистеме 
 
 

Место отбора 
проб (рис. 3) 

Степень сфероидизации графита, %, при 
обработке чугуна сравниваемыми 

модификаторами  
Кусковая 
лигатура, 
(расход 
1,1 %) 

Брикеты.  
Расход  (%, масс.) 

0,5 0,6 0,7 0,8 0,9 1,0 

4 10 10 10 - - 55 60 
6 10-20 15 90 90 - 90 95 
7 10-20 15 25 80 95 95 99 

8 и 9 80 90 95 97 97 99 99 
9 80 95 95 97 99 97 97 
10 85 90 95 97 97 97 97 
11 75 90 85 - - 80 50 

 
Таким образом, представленные результаты показали, что 

брикетированные модификаторы на базе пылевидных отходов 
лигатур обеспечивают достаточно высокое качество вы-
сокопрочного чугуна при внутриформенном модифицировании 
и  могут быть рекомендованы для использования в 
производственных условиях. 

Для оценки влияния количества модифицирующей смеси и 
формы брикета, спрессованного из модифицирующей смеси на  

Технология получения отливок по газифицируемым 
моделям обеспечивает высокую прочность получаемых 
отливок, отличается простотой и универсальностью, позволяет 
получать отливки из различных сплавов широкой 
номенклатуры. 

Благодаря целому ряду технических и технико-
экономических преимуществ процесс литья по 
газифицируемым моделям развивается быстрыми темпами во 
всем мире. 

Отсутствие в данном процессе сборки литейной формы и 
линий разъема формы делает возможным расположение 
литниковой системы, реакционной камеры и 
модифицирующих вставок в  любом месте формы, 
определяемом технологическими потребностями. 

Для проведения эксперимента по исследованию эффекта 
внутриформенного модифицирования и скорости растворения 
брикета в потоке расплава при литье по выжигаемым моделям 
с использованием модифицирующих брикетов, полученных 
прессованием порошкообразных модификаторов, были 
подготовлены образцы, представляющие собой пластины 
размером 20010020 мм.  

Используемые образцы собирали в блоки и формовали в 
сухой кварцевый песок без связующего в специальных 
литейных вакуумируемых контейнерах.  

Общий вид модельного блока с закрепленными на 
литниках модифицирующими вставками представлен на рис. 4. 

 

 
Рис. 4. Модельный блок из пенополистирола: 

1 – литейная модель; 2 – модифицирующий брикет;  
3 – стояк; 4 – литник 

 
Особенностью предложенной авторами настоящей работы 

схемы внутриформенного модифицирования чугуна 
магнийсодержащими брикетами является то, что 
брикетированный модификатор 2, выполненный в данном 
случае в виде втулки, установливается в канал  литниковой 
системы 4, через которую осуществляется заливка формы. 
Расплав, заливаемый в литниковую систему через стояк 3, 
вступая в контакт с внутренней поверхностью 
брикетированного модификатора 2 и прогревеает его, в 
результате чего происходит вымывание частиц модификатора 
расплавом с внутренней поверхности брикета и их растворение 
в расплаве, после чего растворяются последующие слои 
модификатора вплоть до полного замещения объема 
модифицирующего брикета металлом. При этом 
модифицирование расплава происходит непрерывно, пока 
металл протекает через литниковую систему перед попаданием 
в полость, сформированную в форме моделью 1. 

В этом случае модификатор расходуется только на часть 
формы, занятую отливками, прибылями и питателями, а часть 
формы, состоящая из стояка и литниковой чаши, остаётся 
немодифицированной. Это предопределяет возможность 
снижения расхода используемого модификатора в 1,5…2 раза 
по сравнению с внутриковшевым модифицированием.  

Отличительной особенностью метода является также то, 
что появляется возможность независимого раздельного 
модифицирования (легирования) отдельных отливок в сборке 
модельного блока разными составами модификаторов в 
пределах одной заливки, что невозможно реализовать при 
использовании внутриковшевого модифицирования.   

При проведении эксперимента литниковую систему 
рассчитывали таким образом, чтобы обеспечить подъем 
металла в форме со скоростью около 3,0 см/сек. Модельный 
блок состоял из 4-х образцов, к каждому из которых 
установлена модифицирующая вставка одинакового состава 
модификатора, но разного количества: 25 г; 50 г; 75 г и 100 г. 

Скорость растворения брикета в значительной мере 
определяется геометрией брикета, которая должна обеспечить 
его полное растворение в процессе заливки литейной формы. С 
целью оценки влияния формы брикета и массы 
модифицирующей вставки на распределение содержание 
магния по сечению отливки в качестве модифицирующих 
вставок использовали брикеты в виде гладкой втулки (рис. 5,а) 
и втулки с внутренним конусом (рис. 5,б) (диафрагмы), 
обеспечивающей переменное значение площади брикета, 
контактирующей с пококом расплава в процессе заливки.  

Распределение магния в отливке в зависимости от 
расстояния от питателя изучали спектральным методом.  
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Как показали результаты исследования (рис. 6), с 

увеличением массы модифицирующих брикетов происходит 
ожидаемое повышение общего содержания магния в отливке. 

При этом, для всех значений масс модифицирующих 
вставок содержание магния при использовании вставки в виде 
диафрагмы несколько выше, по сравнению со втулкой. Это 
обусловлено некоторым увеличением местного 
гидравлического сопротивления расплаву металла в стояке на 
начальном этапе заливки вследствие меньшего диаметра 
отверстия внутреннего конуса брикета, что приводит к 
некоторому увеличению времени заливки, способствующему 
повышению степени усвоения магния.  

  

 
а 

 
б 

Рис. 6. Распределение содержания магния в отливках на 
различном расстоянии от питателя с применением 
модификатора в виде втулки (а) и диафрагмы (б) 

         
3. Заключение и выводы 
Таким образом, представленные результаты указывают на 

эффективность использования порошковых брикетированных 
модификаторов при обработке расплавов чугуна как по схеме 
ковшевого, так и внутриформенного модифицирования. 

Экономическая эффективность использования 
брикетированных модификаторов взамен лигатур аналогичного 
состава обеспечивается вследствие практически полного 
усвоения компонентов, в том числе магния; в случае 
брикетирования шихты практически отсутствуют потери, 
которые неизбежны при измельчении выплавляемых слитков 
лигатур; отсутствует загрязнение атмосферы парами магния и 
пылью, реализуется возможность утилизации пылевидных 
отходов ферросплавов и т.д. 

На модифицирующие брикеты, предназначенные для 
получения отливок из высокопрочного чугуна разработан 
стандарт Украины (ДСТУ 3361-96), который включает ряд 
марок с различным содержанием магния (в пределах 3…15 %), 
кремния, кальция, железа, углерода, РЗМ, меди, алюминия, 
бария, титана и (по согласованию с потребителями) других 
компонентов. Брикеты могут иметь различную форму (кольцо, 
круг, квадрат и др.). 

Результаты широкой апробации брикетированных 
модификаторов на заводах Украины и за рубежом (при 
изготовлении из высокопрочного чугуна коленчатых валов и 
деталей ходовой системы автомобилей, прокатных валков, 
поршневых колец дизельных двигателей, деталей 
компрессоров и др.) позволяют рекомендовать их взамен 
плавленых лигатур для использования в различных отраслях 
машиностроения и металлургии с достижением значительного 
технико-экономического эффекта. 
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Рис. 5. Формы модифицирующих 
брикетов, спрессованных из 
порошка (разрез):  
а – цилиндрическая;  
б – с внутренним конусом 
(диафрагма) 
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Introduction 
In the process of their exploitation the pressure-casting 

moulds are subject to extreme thermo-cyclic and mechanical loads 

[1, 2]. The production process is the reason for their frequently 

recurring damage. Taking into account the high value of the 

materials used for producing shape-forming dies it is of vital 

importance to find possibilities for considerable increase of the 

lifecycle of casting moulds, e.g. inserts and dies, which by 

themselves are not so expensive. A method meeting this 

requirement is laser welding [3-6]. The use of martensitic-aging 

alloys for the production and repairs of shape-forming dies is a 

practice employed for many years [7-12]. This is due to the 

excellent physical and exploitation properties of the martensitic-

aging alloys in combination with their high workability by cutting, 

welding and heat treatment. On the other hand, they feature limited 

application in terms of moulds within the temperature interval of up 

to 6500С. The repairs of shape-forming dies used within the interval 

of up to 10000С require other materials resistant to these 

temperatures. The Ni-base alloys are the material meeting this 

requirement.   

For this reason the purpose of the paper is determined by 

the necessity for investigating the structural condition in the layers 

welded-on with an additional Ni-based material, as well as by the 

necessity for determining their feasibility of being used for 

repairing casting moulds employed within the interval of up to 

10000С.  

Methodology 
Specimens from X130W5 (DIN) tool steel have been 

laser surfaced. Table.1 shows the chemical contents and Table 2 

shows the operational mode of the preliminary volumetric heat 

treatment to which the specimens were subjected prior to welding- 

on. Table.3 presents the chemical contents of the additional 

material. The geometrical form and the dimensions of the 

specimens used are shown in fig.1. 

A groove of the dimensions 0.5x5 mm passing 

longitudinally through the specimen was subjected to welding-on. 

Laser surfacing was effected by means of AL 200 weld-on 

automatic system with Nd:YAG pulse resonator providing a beam 

of 1064 nm wave-length. The mean pulse power was 200W and the 

maximum power was 10 kW respectively. The operating frequency 

was 20Hz. The diameter of the laser beam focused on the specimen 

surface was 0.6 mm and the movement speed was 2 mm/s.  

An HCl:HNO3:H2SO4 agent in proportions 1:1:1 was used 

for the appearance of the microstructure in the area of the laser 

surfacing where welding-on with an additional material of Ni-alloy 

of the contents given in Table 3 was carried out. The in-depth 

hardness of the quenched layers was measured by means of 

EPITYP microscope and Hanemann attachment with loading of  

 

 

 

 

0.98N by Vickers method. The microstructure was investigated by 

means of  “Neophot”-32 light microscope.   

  Results and analysis 
Fig. 2 shows the cross-section of the weld-on layer. Three 

zones can be differentiated: 1 – a weld-on layer; 2 – partial mixture 

of the Ni-alloy additional material with the base material of 

X130W5 steel; 3 – a base material. The boundary between the 

weld-on layer and the base material is clearly visible, no transition 

zone of heat action in the base material being found. Observable are 

the zones of overlap and the transitions between them (fig. 2) where 

welding-on has taken place. 
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Heat treatment                                                              Table..2. 

Steel T, 0C HRC T, 0C HRC 

X130W5 850* 60 600 45 

*Oil cooling  

Chemical composition, wt%*                                              Table.1. 

Steel С Si Mn Cr Ni V W 

X130W5 1,28 0.3 0.34 0,41 0.3 0.28 3,82 

* S,P < 0.02% ;  Rest - Fe 

Chemical composition, wt%*                             Table.3. 

Additional 

material 

С Ni Nb Cr Fe Mn 

---------- 0.02 73,8 2.5 19.5 1.9 2.8 

*Si<0.2 

 
Fig.1. Geometry and size of the used simple. 
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Defects are also discernible in the weld-on layer in the 

form of cracks and poor penetration between layers. Each transition 

features a structure resulting from high-speed crystallization 

(zone.1, fig.3), and a re-crystallized structure (zone.2, fig.3) located 

straight beneath it. The in-depth hardness of the laser deposited 

layer of Ni-alloy of the 0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 0.2Si – 

2.5Nb – 73.8Ni (wt%) contents is within 210-240 HV0.1 (fig. 4) 

which tends to show a decrease in comparison with the base 

X130W5 steel quenched and tempered at 6000С with hardness of 

400-440 HV0.1. No change in the hardness of the transition zones of 

overlap is observable despite the difference in the structural 

condition between them mentioned above.  

 Structural condition of the layer weld-on with Ni alloy 

of 0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 0.2Si – 2.5Nb – 73.8Ni 

(wt%) contents.  

 The following characteristic features of the structural 

condition of the Ni-alloy weld-on layer (fig. 2, 3, 4 and 5) should be 

mentioned: there are two structural constituents; the prevailing 

morphological condition is of cellular-dendrite structure; the 

structure is coarse-grained, the size of the majority of grains varying 

from 20 to 40 µm; clearly visible are both zones with prevailing 

cellular-dendrite structure in the overlap layers and a re-crystallized 

structure located straight beneath them; the sub-structural condition 

is of dendrite structure in both structural constituents shown in fig. 

5; the dendrite axes have no particular orientation within each grain.  

 The main structure of the weld-on layer consists of a γ-

solid solution of Ni base (the dark zones in fig. 3 and 5) with face-

centered cubic (fcc) crystalline lattice. Despite the presence of high-

speed crystallization leading to liquation, the basic structural 

constituent is supposedly also rich in alloying elements such as Cr, 

Fe, Mn and Nb. Due to its characteristic features and due to the 

presence of a great amount of alloying elements, the crystalline 

lattice has also very high density of dislocation. The light 

interdendrite sub-layer which we designate by γL (fig. 5) is 

determined by the high-speed crystallization, and in our case it is 

formed at reaching the temperature of the unbalanced solidus. Thus 

it accommodates the majority of the alloying elements. This tends 

to be the prerequisite for the initial accumulation of intermetal 

compounds at the boundaries of these two constituents. It is also a 

disadvantage since subsequent intercrystalline corrosion is likely to 

occur.  

 The in-depth hardness of 210-240 HV of the weld-on 

layer (fig. 4) is within the normal hardness for the 0.02С – 19.5Сr – 

1.9Fe – 2.8Mn – 0.2Si – 2.5Nb – 73.8Ni (wt%) alloy used as an 

additional material. On the one hand, this is a lower value than that 

of the base material of X130W5 steel being within 400-440 HV 

after the preliminary quenching and high-temperature tempering at 

6000С. This means that an additional material of the contents 

mentioned above could be used in restricted volume when repairing 

the shape-forming surfaces of pressure-casting moulds or those of 

injector moulds. At loads reaching up to 100 atmospheres at which 

the moulds are filled the result will inevitably be damaging the 

required geometry of the working surfaces. This could happen if 

this material were used for repairing big areas as was mentioned 

earlier.   

On the other hand, due to its high toughness, the γ-solid 

solution of Ni base saturated with alloying elements (Cr, Fe, Mn, 

Nb) and having plane-centered cubic crystalline lattice features high 

resistance at very high thermo-cyclic and mechanical loads to which 

a pressure-casting mould is normally subjected. Moreover, as one 

can see, this is not accompanied by phase changes in solid state and 

by precipitation quenching.  

 As was mentioned earlier, two structural constituents have 

been determined and they both are characterized by dendrite 

structure (fig. 2, 3, 5). The prevailing constituent is located in the 

dark area and is based on the γ-solid solution of Ni base. Analyzing 

its chemical contents, i.e. 0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 0.2Si – 

2.5Nb – 73.8Ni, the second constituent is based on a solid solution 

of Cr base with bulk-centered cubic (bcc) lattice and it will be 

designated as α-solid solution. No differences in the hardness of the 

two structural constituents have been observed during processing, 

 
Fig.2. Macrostructure in deposit welded layer  with  additional 

material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe – 2.8Mn – 

73.8Ni. 

 

400 µm 

1 

2 
3 

 
Fig.3 Microstructure in deposit welded layer  with  

additional material of alloy  0.02C – 2.5Nb – 19.5Cr 

– 1.9Fe – 2.8Mn – 73.8Ni. 

Structure  formed in crystallization process (zone.1.) 

and field of recrystallization in solid state  (zone.2.) 

 

10 µm 

1 

2 

 

HV0.1 

b, mm 
Fig..4. Microhardness distribution in depth of deposit welded 

layer in depends of temperature of additional treatment;  

1) – initial layer; 2) – 4000С, 5 hours; 2) – 6000С, 1 hour; 2) – 

8000С, 1 hour; 2) – 10000С, 1 hour; 

1 

4 3 

2 

5 
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the only difference being that the second constituent features higher 

corrosion resistance.   

 Structural condition of the layer weld-on with Ni-alloy 

of 0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 0.2Si – 2.5Nb – 73.8Ni 

(wt%) contents after additional heat treatment. 

 The weld-on layer hardness remains relatively constant 

within 210-250 HV at treatment temperature of 4000С and 5 hours 

of soaking (fig. 4), at 8000С and 1 hour of soaking and at 10000С 

and 1 hour of soaking. A very slight increase in the weld-on layer 

hardness within 240-260 HV is observed at temperature 6000С and 

1 hour of soaking. Also observable is the preservation of the 

structure heredity, i.e. the dendrite morphology at a sub-structural 

level at treatment temperatures of 4000С, 6000С and 8000С (fig. 6, 

7, and 8). At 10000С and 1 hour of soaking (fig. 9) there is a drastic 

change in the structural condition from one with unbalanced 

dendrite morphology to that of a typical γ-solid solution. In this 

case, however, no change in hardness occurs (fig. 2). Moreover, 

within the whole temperature interval from 4000С to 10000С the 

base material hardness decreases from 400-440HV of the original 

structure to 180-200HV at 10000С. 

 Despite the long five-hour soaking at 4000С, there is no 

change in the structural condition (fig. 6) in comparison with the 

original one (fig. 3-5). This is proven by the hardness values being 

within 210-250 HV (fig.4). The structural condition consisting of 

two constituents, i.e. a γ-solid solution of Ni base and an α-solid 

solution of Cr base, is preserved. 

 The treatment at 6000С with 1 hour soaking (fig. 7) also 

does not result in any significant change in hardness although the 

latter slightly increases to approx. 240-260 HV. Despite the great 

increase along grain boundaries, no coagulation of any secondary 

precipitation can be observed. At 8000С with 1 hour soaking the 

structural heredity is also preserved (fig. 8) with its typical dendrite 

morphology with secondary precipitation missing.  

 The condition changes dramatically at temperature of 

10000С and 1 hour of soaking (fig.9). The structure consists of two 

constituents, namely equilibrium γ-solid solution (zones 1) and 

equilibrium α-solid solution (zones 2). The dendrite morphology of 

the structure in all its variations observed so far totally disappears. 

The morphological type of the structure at microlevel changes 

thoroughly, no formations and their coagulation along the grain 

boundaries being found (fig. 9).  

It is interesting to note that the considerable change in the 

morphological type of the structural constituents occurring at 

10000С and 1 hour of soaking does not cause any changes in 

hardness. This parameter remains unchanged within 210-250 HV 

(fig. 4) in the final weld-on layer as well. However, there is a 

considerable change in the hardness of the X130W5 steel being 

400-440 HV at 4000С treatment and changing to 180-200 HV at 

 

Fig.8. Microstructure in deposit welded layer  with  additional material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe – 2.8Mn – 

73.8Ni  after heat treatment in 8000С, 1hour. 

а) – preservation of denrite morpfology of the structure. 

 

20 µm 
 

6 µm 

         а                                                    а 

 
Fig.6 Microstructure in deposit welded layer  with  additional 

material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe – 2.8Mn – 

73.8Ni  after heat treatment in 400
0
С, 5 hours. 

 

10 µm 

γL 

 
Fig.5 Microstructure in deposit welded layer  with  additional 

material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe – 2.8Mn – 

73.8Ni. 

 

10 µm 
 

Fig.7 Microstructure in deposit welded layer  with  additional 

material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe – 2.8Mn – 

73.8Ni  after heat treatment in 6000С, 1hour. 

 

10 µm 
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10000С. This makes the additional welding-on material of Ni alloy 

(0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 0.2Si – 2.5Nb – 73.8Ni (wt%)) 

appropriate to be used for repairing tool equipment such as 

pressure-casting moulds which are used at filling temperatures of 

approx. 10000С. It is possible to use the above material for brass 

casting moulds instead of using the additional material of 

martenistic-aging steel for welding-on.  

 Conclusions 
1. By means of laser surfacing with an Nd:YAG resonator 

beam and an additional material of Ni alloy of 0.02С – 19.5Сr – 

1.9Fe – 2.8Mn – 0.2Si – 2.5Nb – 73.8Ni (wt%) contents effective 

welding-on of the working surfaces of X130W5 tool steel can 

successfully be accomplished.  
 2. As a result of the surfacing discussed under item 1, in 

the weld-on layers a structure consisting of a γ-solid solution of Ni 

base saturated with alloying elements such as Cr, Fe, Mn and Nb 

and having plane-centered cubic lattice and a second constituent of 

an α-solid solution of Cr base having bulk-centered cubic lattice is 

obtained. The hardness of this structural condition is within the 

interval of 210-240 HV. The sub-structural condition has prevailing 

cellular-dendrite morphology for both structural constituents. There 

are no differences in the hardness of the γ-solid solution of Ni base 

and that of the α-solid solution of Cr base. 

 3. By additional heat treatment at temperatures of 4000С, 

6000С and 8000С the hardness of the layer weld-on with Ni alloy 

does not change significantly and remains within 210-240 HV. 

Some increase to 240-260 HV is observable at treatment 

temperature of 6000С. The sub-structure preserves its cellular-

dendrite morphology within the entire interval of treatment, i.e. 

400-800 0С. At the same time, the hardness of the X130W5 steel 

base material decreases to values similar to those of the weld-on 

layer. 

 4. At a treatment temperature of 10000С there is a 

considerable change in the morphological type of the structural 

condition. No heredity of the structure can be observed, its cellular-

dendrite nature disappearing completely. The structure consists of a 

equilibrium γ-solid solution of Ni base and a balanced α-solid 

solution of Cr base. In this case hardness does not change being 

within 210-240 HV. 

 5. What has been discussed under item 4 is of vital 

importance for the implementation of laser deposition with an 

additional material of Ni alloy of 0.02С – 19.5Сr – 1.9Fe – 2.8Mn – 

0.2Si – 2.5Nb – 73.8Ni (wt%) contents for repairing the working 

surfaces of dies for casting moulds. In spite of the radical change in 

the morphological type of the structure, the preserved properties, 

hardness in particular, make it possible for this additional material 

to be used for repairing alloy casting moulds such as brass casting 

moulds at filling temperature of approx. 10000С. 
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Fig.9. Microstructure in deposit welded layer  with  

additional material of alloy  0.02C – 2.5Nb – 19.5Cr – 1.9Fe 

– 2.8Mn – 73.8Ni  after heat treatment in 10000С, 1hour. 
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Abstract: Structure, physical and mechanical properties and technological approaches to development of metal matrix composite 
materials based on copper and aluminum matrix and carbon nanostructures were studied in this work. Comprehensive researches of 
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with metal atoms on the basis of quantum-chemical calculations was made.  
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1. Introduction 

One way to solve the problem of improving the 
physical and mechanical properties of metallic 
materials is the creation of composites that are formed 
from the structurally heterogeneous substances by 
various methods, including powder metallurgy. 
Nanocomposites, the size of the structural elements of 
which (at least one component) is not greater than 100 
nm, are of special interest. In this dimensional area 
reinforcing particles acquire the special structure and 
exercise unique mechanical, electronic and thermal 
properties. These objects include carbon 
nanostructures discovered in the last decade – 
fullerenes, nanotubes, astral, nanodiamonds [1-5].  

Making of metal matrix composite materials 
begins with the preparation of the initial components. 
There are various technological methods of processing 
of metal powders: ultrasonic treatment, mechanical 
activation in high-energy mills, other high-energy 
impact. The choice of method effect on the original 
powder material is determined by its physical and 
mechanical properties, phase and granulometric 
structure.  

A significant problem in creating nanocomposites 
is the even distribution of nanoparticles in the volume 
of material [6-8]. This problem is common for 
composites based on metals, polymers and other 
materials. It is caused to a tendency of nanoparticles to 
agglomerate and depends strongly on the structure of 
nanoparticles and the type of matrix material. 

The most widespread method of homogeneous 
distribution of carbon nanoparticles in the metal matrix 
is a mixing of powders in a planetary ball mill [8-10]. 
his process is greatly complicated by the plasticity of 
metals. The distribution chemically inert 
nanostructures in the metal matrix is especially 
problematic. In particular, such structures are carbon 
nanotubes (CNT), grapheme and etc. Because of the 
tendency of particles to agglomerate its introduction in 
the metal through the melt is also problematic [11]. To 
solve this problem the nanostructures, before adding to 
the composite material, are subjected to a special 
chemical treatment – functionalization, which 
increases the energy of particle interaction with the 
matrix and promotes homogeneity of particle 
distribution. 

The use of functionalized nanoparticles makes it 
possible substantially to change the properties of the 

final composite material. 
This paper presents the results of researches of 

metal matrix carbonaceous nanocomposites based on 
copper and aluminum. The choice of materials is due 
to their wide application in various branches of 
engineering, aviation and electronics. 

2. Background and necessaries for solving 
the problem 

To optimize the method of producing powder 
compositions with a uniform distribution of 
strengthening phases in the volume of blank the 
following methods of mixing and mechanical 
activation were used: a grinding in a planetary 
disperser by steel and glass balls at different speeds 
and processing time; in a y-shaped mixer with hard-
alloy refiner objects; manual method. Mechanical 
activation (MA) and mixing were carried out in a 
protective atmosphere by dry and wet method in 
different protective mediums. For the processing of 
aluminum powders grinding agent – stearic acid – was 
used. According to [12-14], in the process of MA 
metal particles are coated with a thin layer of stearic 
acid that prevents recrystallization and cold welding of 
metal particles. Copper powder PCS-1 and 
mechanically pure aluminum AD0 were used as 
starting powders. Multiwalled carbon nanotubes and 
nanofibers, fullerenes were used as nanomodifier. In 
the producing of aluminum matrix composites 
superdispersed nanodiamonds (SND), onions (OLC) 
and graphite were used. 

X-ray diffractions of powders were made on 
diffractometer ARL X'TRA (Thermo Electron 
Corporation), Cu Kα-radiation. High-resolution 
electron microscopy (HREM) researching was 
performed on the facility JEM-2010 at an accelerating 
voltage of 200 kV. Raman spectra was obtained on a 
device with a microscopic attachment based on 
spectrometer TRIAX 552 (Jobin Yvon) and detector 
CCD Spec-10, 2KBUV (2048x512) (Princeton 
Instruments), with cut filters system to suppress the 
excitation laser lines. Lasers STABILITE 2017 are the 
source of the exciting laser light. The spectral 
resolution is 1 cm-1, the laser excitation spectrum is 
514 nm, the spatial resolution is 2 microns. 

Mechanically activated aluminium powders were 
sintered in the forms «piston – cylinder» type under 
the pressure of appox. 0,8 GPa, at the temperature of 
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280-300 º C and isothermal curing time of 5 min.  
For the preparation of copper powder method, 

combining two processes simultaneously: dispersion 
and functionalization, was used [15]. Carbon material 
was introduced into the electrolyte and subjected to 
electrolysis at a current density of 0,3 A/m2 for 60 min. 
After that the mixture was settled. The upper layer of 
electrolyte was poured out and the residue was washed 
with distilled water. The resulting suspension was 
separated from the sediment and was used when it is 
further mixed with copper powder. PCS-1 powder was 
treated for 30 min in a planetary mill. The mixture was 
dried at a temperature above 100 º C until full dry. The 
resulting mixture of copper and CNM was compressed 
with a force of 3 000 kg/sm2, part of the samples after 
sintering was calibrated with a force of 7 000 kg/sm2. 

The density of compact samples was determined 
by hydrostatic weighing, the microhardness was 
measured on a PMT-3 according to State Standart 
9450-76. Ultimate compression strength was 
determined for samples with a diameter 5,0 mm and a 
height of 6-7 mm on a universal tension testing 
machine Instron 5982. 

Quantum-chemical researching was conducted by 
the Kohn-Sham method [16] using the exchange-
correlation density functional O3LYP with the basis 
set 6-31G (d), which has worked well in the 
calculation of the energy of thermocyclic reactions 
[17] and the software package PC GAMESS [18] . 

3. Results and discussion 

By X-ray and electron microscopic analysis it was 
revealed that as a result of mechanical activation there 
is a decrease of coherent scattering regions (CSR) 
from the initial 250-350 nm to 40-70 nm, the most 
intense decrease of CSR is observed during the first 20 
minutes of treatment. It should be noted that the 
dependence of the size of the CSR on the processing 
time for various carbon nanostructures is the same, and 
has no specific features (Fig. 1).   

 
Figure 1 – The dependence of the size of the CSR on 

the time of MA, concentration of CNS and presence of 
grinding agent for NCM АД0+С60 

 
The addition of stearic acid in an amount of 1% to 

the original powder leads to an additional reduction of 
CSR for 15-20%. Electron microscopy researching 
suggests that CSR structurally corresponds to the areas 
within the grain, separated by low-angle boundaries, 
which are formed during deformation of mechanically 

activated powders of copper and aluminum and the 
subsequent pressing and sintering (Fig. 2). 

It is important to note that the initial preparation 
of powders also exert influence on the formation of 
subgrain structure. During mechanical activation and 
sintering part of CNS is undergoing the destruction. 
The resulting carbon nanomaterial (undamaged CNS,  
made graphene structure, amorphous carbon, C60 
fragments, etc.) forms covers around the nanoparticles 
of aluminum matrix (Fig. 3a), which are a kind of 
barrier to cold welding and recrystallization of metal 
nanoparticles. 

According to the local spectral analysis it can be 
concluded that there are several phases in the structure 
of mechanically activated powders: pure aluminum, 
metal carbon clusters, amorphous carbon, aluminum 
oxide and carbide (Fig. 3b). Consequently the 
mechanical activation is accompanied by partial 
destruction of CNS and its chemical interaction with 
the matrix. The result of mechanical activation is the 
formation of new phases around the metal particles. 
Obviously during subsequent deformation and heat 
treatments such structures influence on the formation 
of grain boundaries and carbide substantially. By the 
method of local microanalysis it is also determined 
that the samples with the addition of stearic acid have 
heightened content of oxygen and carbon, especially in 
near-surface layers of individual metal particles. 

Physical and mechanical, chemical, structural and 
other characteristics of CNS, used in this work, ONS 
cause its individual contribution to the final physical 
and mechanical properties of the resulting 
nanocomposites. 

In Fig. 4 it is showen the values of conventional 
yield strength of aluminium matrix nanocomposites. 
The highest value of conventional yield strength 
corresponds to the nanocomposite aluminum-fullerene 
C60. 

According to the results of mechanical tests of 
nanocomposites based on copper there are the 
following examples, which have the best complex of 
mechanical properties: 

The initial powder was obtained by mixing CNT, 
treated by film extraction, with copper powder. The 
mechanical characteristics of the sample: σb – 215 
MPa; σ0, 2 – 113 MPa; δ – 41,8%; ψ – 38%; 

The initial powder was obtained by wet mixing 
C60 (concentration – 0,1 %) with copper powder in 
toluene. The mechanical characteristics of the sample: 
σb – 215 MPa; σ0, 2 – 105 MPa; δ – 48%; ψ – 65,7%. 

It should be noted that on the scanning and 
transmission electron micrographs it is very difficult to 
detect the presence of carbon nanomaterials. 
Apparently carbon nanomaterials during the 
interaction with copper in the process of compacting 
and subsequent sintering tend to form copper covers 
on its surface, which are then compacted and 
completely cover up the surface of the carbon 
nanostructures. Another way to indirectly confirm the 
presence of carbon nanostructures is related to the 
conduct of local microanalysis. 
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Figure 2 – Electron micrographs of subgrain structure of bulk samples from copper powder 
 
 

   
 

Figure 3 (a, b) – The cover of the carbon around aluminum particles 
 

 

 
 

Figure 4 – Yield strength of nanostructured composite 
materials aluminum-nanocarbon system, contained 5% 

of CNS and 1% of the grinding agent 
 

In Fig. 5, in the selected area (spectrum 2 and 3) 
of micrograph there is a spread nanoscale structure. 
The research of the chemical composition of the 
material shows an increase of carbon content in the 
location of this structure relative to the average 
composition. It allows making the assumption about 
the presence of carbon nanomaterial in this structure.  

Current researching of various systems trends an 
increase of  theoretical researches with mathematical 
modeling methods. Computer researches of the 
electronic structure of composite metal matrix 

materials with the addition of carbon nanostructures 
have been performed in papers [19-21]. 

The results of paper [22] are the reason of 
researches the role of oxygen in the formation of 
bonds between CNT and the metal atoms. To explain 
the mechanism of bonding and the role of oxygen in 
metal matrix composites based on CNT theoretical 
researches of the electronic structure of copper-based 
composites was carried out in this paper. The influence 
of functionalization of single-layer carbon nanotubes 
by oxygen groups on the electronic structure and 
parameters of the bonds of copper-based composites 
based was made. 

The analysis of results suggests that using CNT, 
surface of which is first modified by oxygen functional 
groups, for creation of composite cuprum matrix 
materials is very effective. Comparison of simulation 
results showed that carboxylation of CNT surface, 
which promotes the formation of Cu-C bonds, is the 
most effective. The interaction increased because of 
the inclusion an exchange mechanism between the 
electrons of Cu and C atoms in the presence of 
oxygen. This effect is confirmed by experimental 
researching that prove the significant role of oxygen 
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on the surface between Cu and CNT [19]. 
In paper [21] the adsorption of fullerene 

molecules on the surface of the Cu (111) cluster is 
researched. It was carried out with the mathematical 
modeling by DFT in the local density approximation 
(LDA). Consequently there are conclusions about the 
nature of formed bonds. In the paper it is said that 
since the bond C60 and Cu (111) is accompanied by 
charge transfer, for which the electron correlation has 
the essential role, theoretical calculations of the bonds 

parameters are difficult. The chosen DFT approach 
does not allow taking full account of electron 
correlation and the use of more accurate models cannot 
be due to the large number of particles. Because of the 
difficult symmetry reliable experimental results are 
difficult to obtain for this complex. Therefore, 
theoretical researches were carried out in conjunction 
with experimental researches and conclusions about 
the reliability of the results were made by a good 
agreement between theory and experiment. 

 

 

Spectrum 
В 

stat. 
C O Fe Cu Total 

       
Spectrum 1 Yes 12,97 1.69 0,83 84,51 100,00
Spectrum 2 Yes 17,50 1,42 0,58 80,50 100,00
Spectrum 3 Yes 20,55 0,97 0,51 77,97 100,00

       
Average  17,00 1,36 0,64 80,99 100,00

Standard deviation  3,81 0,36 0,17 3,30  
Maximum  20,55 1,69 0,83 84,51  

 
Figure 5 – Tubular structure and chemical composition in the volume of compacted sample 

 
The calculation results showed that the energy of 

each bond formed between C60 and Cu (111) is close 
to the value of 2,3 eV. Thus, without prior 
modification the energy of interaction Cu with C60 
molecule is much higher than with CNT. According to 
the paper [21] the binding energy of single-layer CNT 
with an atom of copper without prior modification of 
the surface was about 0,5 eV, and after covalent 
functionalization by the carboxyl groups – about 2,5 
eV. Therefore, it can be concluded that there is a 
sufficiently high chemical activity of fullerene, which 
does not require chemical pretreatment when added to 
copper. 

There are other papers in which similar researches 
are performed for different metals. The interaction C60 
with inert substrates (graphite, SiO2, etc.) are 
characterized by the formation of a weak van der 
Waals bond. The interaction C60 with the metal 
substrate is characterized by the formation of ionic 
bonds of medium strength (Au, Ag, Cu), or a strong 
covalent bond, typical for Ni, Pt. The mechanisms of 
interaction monolayer of fullerenes with substrates Al 
(111) and (110) are of particular interest. According to 
the paper [23], this relation has medium strengths, 
which are covalent. There is unexpected fact that the 
bonds formed C60 with the substrate Al (111) are 
stronger than with Al (110). Initially it was supposed 
that since Al (110) has a greater number of open 
covers, its reactivity is higher, and thus bond C60 with 
Al (110) must be higher than that with Al (111). This 
fact is explained by the interaction 6 atoms of the 
fullerene hexagon facing to the substrate with 6 atoms 
of Al (111). In the case of Al (110) there is no such 
interaction because of the lower symmetry. Further 
researches have confirmed that the strength of the 

interaction C60 with metal substrates (111) depends on 
the symmetry and relative orientation of C60 and the 
substrate [24]. 

To understand the mechanisms of interaction 
carbon nanoparticles with an aluminum matrix 
quantum-chemical calculations of the interaction an 
atom of aluminum with the CNS and its fragments 
have been performed. 

In terms of C60 it is shown that the possibility of 
formation of polar covalent π-bonds due to the overlap 
of valence 2p orbitals of carbon atoms with 3p orbital 
of an aluminum atom. Optimization of the complex 
showed the possibility of formation of one of the three 
equilibrium configurations (Fig. 6). One of these 
configurations corresponds to the location of 
aluminum atom on the arris between two hexagons of 
C60 (Fig. 6a), while the other – the location of 
aluminum atom in the center over the pentagonal face 
(Fig. 6b), and the third – the location of aluminum 
atom in the center over the hexagonal face of C60 (Fig. 
6c).  

Comparison of total energies of complexes 
indicates a preference for the configuration shown in 
Fig. 6a, which contradicts the experimental data in the 
paper [23]. The experimental results show that when 
depositing of a monolayer of fullerenes on an 
aluminum substrate, configuration presented at Fig. 6c 
is stable. This discrepancy of results can be explained 
by the fact that in the experiment the interaction 
fullerene with an aluminum substrate was considered. 
At the same time due to the higher symmetry of the 
hexagonal face at once six aluminum atoms come into 
the interaction with the carbon atoms, which leads to a 
decrease of the total energy of the system.  
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 a)   b) c) 

Figure 6 – Model of the atomic structure of the complex Al-C60

 
In equilibrium state the Al atom forms multiple 

covalent polar π-bond with the 23th and 22th carbon 
atoms (numbering according to Fig. 7a). The lengths 
of these bonds is about 2,5 Å. The interaction energy 
of Al-C60 is about 0,97 eV (92 kJ/mol). The bonding 
under normal conditions leads to a decrease of the 

Gibbs energy: 8512  GGG  kJ/mol. As the 

temperature increases, G  decreases monotonically. 
It means a possible reaction in the conditions of 
milling and sintering powders. The enthalpy of 
formation of the complex Al-C60 is negative and about 
-82 kJ/mol, i.e. complex formation reaction is 
exothermic. 

In Fig. 7a the visualization of the highest occupied 
molecular spin-orbital (HOMO) of the complex Al-C60 
is shown. Parts of the orbitals with different characters 
are shown in different colors. The atoms are numbered 
according to Fig. 6b. Fig. 7a shows that the valence p-
orbital of the aluminum atom, which participates in the 
formation of covalent polar bonds with the 10th and 
8th carbon atoms, is making a significant contribution 
in the HOMO. The formation of bonds is accompanied 
by a modification of nonpolar π-bonds between the 
10th and 9th, as well as between the 8th and 26th 
atoms, and by the redistribution of electron density 
from the less electronegative aluminum atom 
(electronegativity is 1,6) to the more electronegative 
carbon atoms (electronegativity is 2,6). Atomic 
charges calculated by Levdinu are marked in Fig. 7b 
(using atomic units). 

4. Conclusions 

 The fullerenes has the greatest impact on 
increasing of conventional yield strength of NCM, 
than flaked graphite, carbon nanotubes, onions and 
superdispersed nanodiamonds are following. 

 In the chosen conditions of mechanical 
activation flake graphite is reduced to nano-sized state 
and represents the clusters consisting of 7-10 graphene 
layers. 

 The quantum-chemical modeling shows that 
aluminum atoms and carbon nanostructures are 
forming metalcarbon complexes with covalent bonds. 

 In the process of mechanical activation part 
of the carbon nanostructures are undergoing 
destruction. 

 
 
 The use of stearic acid as a grinding agent in 

the mechanical activation is reducing the size of CSR 
by 15-20 % and the sizes of aggregates by 20-30 %, 
which may be due to the formation of covalent bonds 
Al-C with the presence of oxygen.  
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Although micro- and nanoindentation seems to be very simple, in fact it is a very complicated process regarding the deformation 

mechanism as well as the changes in the material’s structure under the indenter. The material’s response to the penetration gives valuable 
information about structural peculiarities of the samples investigated.  The penetration deformation causes formation of a permanent imprint 
after indenter releasing and elastic and time dependent viscoelastic imprint restoration. Molecular and supramolecular structure of  polymer 
based materials is very various and complicated, so the structural interpretation of the material response becomes relatively difficult. 
Special attention is paid to the properties of the epoxy/carbon nanotubes composites, which were prepared by two different processing 
modes: without functionalization (mode I) and with functionalization of the filler (mode II). We use Depth Sensing Indentation (DSI) test and 
Positron Annihilation Lifetime Spectroscopy (PALS) as a adequate approach to the mechanical characterization and determination of 
structural peculiarities of the nanocomosites. It has been established that microindentation measurement are sensitive to microvacancies but 
not to free volume holes with nanodimentions. Nanocomposites prepared by mode II in spite of larger free volume holes (FVH) manifest 
higher microhardness characteristics because the nanotubes treated with PEPA become more massive and in a peculiar manner reinforced 
by thin polymer layer wrap.   

Keywords: MICRO- AND NANOINDENTATION, DSI TEST, STRUCTURAL PARAMETERS, NANOCOMPOSITES.  

CARBON NANOTUBES 

1. INTRODUCTION 
Although micro- and nanoindentation seems to be very 

simple, in fact it is a very complicated process regarding the 
deformation mechanism as well as the changes in the material’s 
structure under the indenter. The material’s response to the 
penetration gives valuable information about structural 
peculiarities of the samples investigated.  

The penetration deformation causes formation of a 
permanent imprint after indenter releasing. The classical, 
conventional indentation test is based on direct measurements of 
the residual impression left in the sample surface after the 
removal of the load. The hardness thus measured gives 
information about the resistance against plastic deformation. 
The most used characteristic for scientific investigation in the 
field of microindentatin is Vickers hardness (Vickers indenter is 
a square pyramid with opposite faces at an angle of 136o), and 
hardness with a Knoop  indenter (rhombohedral-shaped 
diamond indenter, which long diagonal is seven times as long as 
the short diagonal.) For nanoindentation the common indenter is 
a Bercovich pyramid (115° triangular pyramid indenter) as well 
as a Vickers indenter. 

The polymers have a rather complicated molecular and 
supramlecular structure. The pure polymer could be amorphous 
or semicrystals. The large molecules in the amorphous one are 
in disorder state with different quantity of physical or chemical 
entanglements or crosslinking. The semicrystals one possesses 
crystal and amorphous part and the crystal phase consists of 
special imperfect blocks named lamellae. 

There are some investigated and well established relations 
between Vickers microhardnes and paramertes characterizing 
the polymer structure as a degree of crystallinity, lamella 
thickness, lamella perfection, hardness of the crystal phase, 
polymorphous forms, micro cavities, Curie transition, etc.  
 The modern indentation test is based on the measurement of 
load–displacement curves at a constant loading speed. The 
methods is known as a depth-sensing indentation (DSI) or 
instrumented indentation testing (IIT) and allows to establish 
directly the indentation elastic modulus, indentaton creep, 
plastic and elastic part of indentation work, dynamic hardness 
and Martens hardness which reveals how the material responds 
to plastic, elastic and viscoelastic deformation components of 
the sample during the test, indentation hardness according the 
model of Oliver Pharr etc. Combining all these indentation 
properties, showing how the material responses to the indenter 

penetrating it is possible to obtain indirect information about 
material’s structure.  

The aim of this article is to illustrate how microindentation 
measurements are sensitive at the dispersion level and to 
distinguish the good and bad dispersion of the nanoparticles. It 
also aims at demonstrating how only on the base of two 
nondestructive methods (DSI and PALS-Positron Annihilation 
Lifetime Spectroscopy) it is possible to obtain information about 
the structure of rather complicated polymer nanocomositions. In 
our case the object of investigation is the supramoleculare 
structure of polymer nanocoposites based on epoxy resin and 
multiwall carbon nanotubes (MWCNTs). 

2. EXPERIMENTAL 
 
2.1.Material 

Еpoxy/carbon nanotubes composites were prepared by two 
different processing modes: without functionalization (mode I) 
and with functionalization of the filler (mode II).  

Mode I - MWCNTs were premixed directly in the epoxy. 
Further on, the appropriate amount of epoxy/amine was added to 
the dispersions with subsequent curing for preparation of 
epoxy/MWCNT nanocomposites. 

Mode II – MWCNTs were functionalized by amine groups 
by mixing polyethylene polyamine (PEPA) directly in the amine 
hardener at a high speed mechanical stirring and intensive 
ultrasonication.  

2.2. Investigation methods 

2.2.1 Microindentation measurement 

The measurements were performed on a Dynamic Ultra 
Micro Hardness Tester DUH-211S from Shimatzu Japan 
according to standard (ISO 14577-1). The test conditions were: 

Regime - load- unload; 
The indenter - Vickers pyramid;  
Loading speed – 14 mN/s; 
Maximum force P - 200 mN; 
All measurements were performed at room temperature.  
The following microhardness characteristics ware measured 

measured using a load-unload test : 
-Dynamic hardness (DH) [1]:              

                                 DH = a F/h2,                                      (1) 

where (F) is the value of the instant load, a is a constant, h is a 
indentation depth.  
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- Martens hardness [1] (HMs) was determined from the 
slope (m) of the increasing force/indentation depth curve.  

                             HMs = 1/(26,43.m2)                              (2) 

-Indentation hardness [2] (Hit) according to the model of 
Oliver-Pharr is a measure for the resistance to permanent 
deformation. 

                                  Hit =P /24,50hc2,                              (3) 

where hc is the depth of contact of the indenter with the test 
piece.  

Vickers microhardness (MHV*) is calculated according to 
the equation:  

                              MHV* = kP/d2,                     (4) 

where P is the applied load, d is the projected diagonal length of 
the imprint after the indenter realising and (k=18544) is a 
constant dependent on the geometry of the pyramid.  

2.2.2. PALS Measurement 

Measuring the lifetime of positrons (PALS) is a method of 
positron spectroscopy and is one of the most sensitive methods 
for analysis of free volume sizes in various materials. Positrons 
(e +) are usually obtained using a radioactive source - isotopic 
beta plus decay. The most commonly used source is Na 22. 
Essentially PALS acts as stopwatch with picoseconds precision. 
After entering a polymer, an energetic positron is slowed down 
by interactions with the matter and at the end of its track either 
annihilates or forms a positronium atom (Ps). Ps is a hydrogen-
like state of a positron and an electron and exists in two states: 
para-positronium (p-Ps) and ortho-positronium (o-Ps), 
corresponding to the spin orientations  (anti-parallel and 
parallel) of the consisting particles. 

The intrinsic lifetimes of o-Ps and p-Ps in a vacuum 
correspond to 142 and 0.125 ns. In condensed matter, the former 
can be located in a free volume hole and annihilates due to so-
called pick off process in a few nanoseconds, the value of which 
depends on the hole size.  

A semi-empirical relationship, derived from Nakanishi and 
Jean [3] associates radius, R, of the free volume for supposed 
spherical symmetry, where Ps is localized, with the lifetime of 
o-Ps: 
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where λB = 2 ns-1 is the spin averaged annihilation rate of Ps, 
and Ro = 0.1656 nm is experimentally determined parameter. 

PALS spectrometer used was a standard system for 
matches. Used time-amplitude converter is Canbera 2145. The 
spectrometer showed resolution ~ 265 ps (FWHM) for 8,192 
channels and channel width of 20.4 ps. Two pieces of the 
sample in sandwich geometry with source between them were 
measured for 24 hours for each type. 

For analysis of the recorded PALS spectra  the program 
LT9 was used [4]. We used three components: the first was 
fixed at 0.125 ns, which is the lifetime of p-Ps, the second is in 
the (0.335-0.342) ns range and is associated with the 
annihilation of free positrons, and the third component with a 
lifetime of about 1.8 ns is lifetime of o-Ps due to pick-off 
annihilation. When processing the spectra with LT9 program we 
suppose that the third component is not discrete, but a 
continuous one  

with lognormal distribution characterized by a mean value and 
deviation from the mean (STD). In this study we are interested 
in free volume and therefore further analysis focuses on the third 
component. Measurements were performed in air at room 
temperature. 

3. RESULT AND DISCUTTIONS 

3.1. DSI measurements 

Fig. 1 demonstrates the concentration dependences of some 
microhardness characteristics obtained by instrumented 
indentation testing.  HMs and DV represent the general material 
resistance against local penetration. These curves lie under Hit 
curve which represents resistance against irreversible 
deformation and as a physical meaning should correspond as a 
trend to Vickers microhardness.  

0,00 0,05 0,10 0,15 0,20 0,25 0,30

60

80

100

120

140

160

180

200 Regime 1

 

 

M
ic

ro
ha

rd
ne

ss
 [M

P
a]

Carbon nanotubes content [%]

 DH
 HMs 
 Hit 
 MHV*

 

Fig. 1a. Influence of the amount of filler on microhardness 
characteristics of epoxy nanocomposites obtained by mode I. 
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Fig. 1b. Influence of the amount of filler on microhardness 
characteristics of epoxy nanocomposites obtained by mode II. 

Samples prepared by mode I (without pretreatment of the 
nanofiller) showed worsening of the microhardness performance 
at low concentrations of filler, while samples with functionalised 
filler (mode II) have a completely different behavior. Their 
microhardness characteristics increase at very small nanofiller 
concentrations (0.03%). Increasing the filler amount reduces the 
microhardness. 

This trend of the dependencies can be explained by the 
following structural changes in the nanocomposites: 

- When carbon nanotubes are functionalized in advance, 
they are better dispersed in the composite because of better 
interfacial contact with the matrix and therefore there are less 
defects of vacancy type. 

- The next deterioration of microhardness characteristics for 
the composites filled up to 0.08% for both groups of samples 
could be attributed to the fact that initially dispersed particles 
begin aggregation, forming follicles through the thin polymer 
wrap. 

- Further increasing in the concentration over 0.08%, leading 
to an increase in microhardness characteristics for both groups is 
due to the formation of a net structure between the follicules, 
which obviously has a greater resistance to the indenter 
penetration. 
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Fig. 2 presents the microhardness profiles, i.e. the change 
the dynamic hardness as a function of the indentation depth for 
composites containing 0,03% MWCNTs (a) and 0,08% 
MWCNTs  (b) as well as the virgin epoxy resin. 
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Fig. 2а Microhardness profiles of epoxy / MWCNTs composites 
with different filling rates for samples obtained in mode I.  
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Fig. 2 б Microhardness profiles of epoxy /MWCNT composites 
with different filling rates for samples obtained in mode II. 

It was found that: 
 All samples have higher surface hardness. The 

abnormal growth of DH at very shallow depths of penetration is 
usually attributed to the imperfection of the tip of the pyramidal 
indenter.  

 The trend of microhardness profiles in the 
intermediate area between the inner layers with constant 
hardness and abnormal area gives information on structural 
heterogeneity. This is the area where the scale factor in 
microindentation measurements can be manifested. This idea, 
which enables the assessment of the homogeneity of the 
samples, was proposed and described in detail in by our working 
group [5] and is schematically illustrated in Fig. 3. 

 

 

 

 

 

 

Fig. 3. Schematic illustration of the reasons for the 
manifestation of the scale factor in an indentation 
experiment. 

If the defects are vacancy type, then the microhardness 
would start increasing in small indentation depth because the 
indenter would pass through non-defective areas and measured 
microhardness can get closer to that for ideal, defect-free 
material.  

In the light of the above idea the filler influence on the 
microhardness in the case can be described as a consequence of 

a good or bad matrix-filler contact. When the contact is bad 
defects of vacancy type may occur. 

Scale factor manifestation is at lower depths for composites 
prepared in mode II. Therefore there are fewer defects, which 
indirectly confirms the good contact between the epoxy matrix 
and carbon nanotubes. 

3.2. PALS measurement 

Fig. 4 shows the mean o-Ps lifetime and standard deviation 
depending on the content of carbon nanotubes studied for both 
modes. As a secondary axis is an average dimensions of the 
nanopores. The corresponding intensities are given in fig 5. 

 The data show that the introduction of filler into the epoxy 
matrix leads to a slight increase of free volume at low 
concentrations (up to 0.03% for mode II and 0.08% for mode I), 
followed by a stabilizing or even decreasing of the free volumes 
for samples containing 0.3 % CNTs.  
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Fig. 4 Mean lifetime and STD of o-Ps as a function of the 
content of MWCNTs prepared under mode I and II. As a 
secondary y-axis is set the average size of FVH calculated by 
formula (5) 
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Fig.5 o-Ps intensity as a function of the content of MWCNTs 
prepared under mode I and II. 

Interpretation of the data on the influence of the filler on o-
Ps intensity is more complicated because the carbon in all its 
forms - diamond, graphite, nanotubes, etc., is an inhibitor of the 
formation of positrons and this can lead to masking the real 
results. It can be expected that increasing the concentration of 
carbon nanotubes would reduce the intensity of o-Ps and this is 
indeed the case for samples prepared in mode I. However, for 
the specimen prepared by mode II initially a slight intensity 
increasing (filling up 0.03%) is observed, instead of the 
expected reduction. The followed reduction of o-Ps intensity for 
MWCNTs concentration till 0.3% is with the same slope 
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dependence as for the specimen prepared by mode I, i.e. both 
samples possess the same sensitivity to the nanotubes. 

This feature can be explained by a specific role of the PEPA 
(polyethylene polyamine) layer on the filler. This layer blocks 
the centers on carbon nanotubes surface which acts as inhibitor 
for positrons. Gradually reducing the intensity after 0.03% 
cannot allow making a definite conclusion if the concentration 
of free volume decreases or it is an effect of inhibiting of o-Ps 
formation.  

3.3. Comparing the result of DSI and PALS  
The results of PALS, compared with micromechanical 

studies allow  some additional assumptions about the structural 
feature and mechanical behavior of the samples at the molecular 
level. 

The results for samples of mode I are logical: Between non-
functionalized carbon nanotubes and polymer matrix occur 
defects of vacancy type. That increases the size of the nanopores 
and a deteriorates the  microindentation characteristics: 
hardness, modulus, etc. 

For samples prepared by mode II, there is an obvious 
disagreement between microindentation research and PALS 
results. For small filler concentrations microindentation 

characteristics improved, which, we suppose, is due to the 
amino functionalized nanotubes and corresponds to the better 
interface contact with the epoxy matrix. However, PALS 
research shows larger nanopores and higher o-Ps intensity, i.e 
contrary to our expectations. This discrepancy in both studies is 
possible only when some change becomes in inherent hardness 
of the matrix and/or of the filler. We have shown in former 
publications [6,7] that microhardness characteristics are more 
sensitive to the own hardness of constituent components rather 
than to the size or quantity of vacations. In this case, it is 
logically to assume that carbon nanotubes treated with PEPA 
become more massive and in a peculiar manner reinforced by 
thin polymer layer wrap. Fig. 6 illustrates schematically the 
structural peculiarities of the samples above discussed.  
1-Epoxy/MWCNTs (Mode I) Small concentration of the filler 
2-Epoxy/MWCNTs (Mode I) Higher concentration of the filler 
3-Epoxy/MWCNTs (Mode II) Small concentration of the filler 
4-Epoxy/MWCNTs (Mode II) Higher concentration of the filler 
5- Epoxy/MWCNTs (Mode II) Small concentration of the filler 

(Idea according to PALS results) 
6- Epoxy/MWCNTs (Mode II) Higher concentration of the filler 

(Idea according to PALS results) 
 

6

531

42

 

Fig. 6 Scheme of the structural peculiarities of the samples above discussed 

 

4. CONCLUSIONS 

At small concentration of carbon nanotubes and when they 
are functionalized in advance, they are better dispersed in the 
composite because of better interfacial contact with the matrix.  

At concentration between 0.03 % - 0.08 % the deterioration 
of microhardness characteristics could be attributed to the fact 
that initially dispersed particles begin aggregation, forming 
follicules through the thin polymer wrap. 

Further increasing in the concentration over 0.08%, leading 
to an increase in microhardness characteristics for both groups is 
due to the formation of a net structure between the follicules.  

Nanocomposites prepared by mode II in spite of larger free 
volume holes manifest better microhardness characteristics 
because nanotubes treated previously with PEPA become more 
massive and in a peculiar manner reinforced by thin polymer 
layer wrap.   

Microindentation measurements are sensitive to 
microvacancies but not to free volume holes with 
nanodimentions 
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SPECIFIC FEATURES OF STRUCTURE FORMATION IN Al-Ti-C POWDER MASTER 
ALLOYS AFTER THERMAL SYNTHESIS.  

 
ОСОБЕННОСТИ СТРУКТУРООБРАЗОВАНИЯ ПРИ ТЕРМИЧЕСКОМ СИНТЕЗЕ ПОРОШКОВЫХ 

ЛИГАТУР СИСТЕМЫ Al-TI-C. 
 

Shishkina Y.1, dr. Baglyuk G.1 Мamonova А.1, Tihonova I.1 
Institute for Problems of Materials Sciences1, Ukraine  

 
Abstract: In the present work, a method for fabrication of Al-Ti-C master alloys by thermal synthesis was developed. Titanium, aluminum 
and carbon powders were used as raw materials. It was shown that the different content of carbon and aluminum in the system leads to 
significant differences in the phase composition of the synthesized master alloys. 
KEYWORDS: THERMAL SYNTHESIS, MASTER ALLOY, TITANIUM CARBIDE, PHASE COMPOSITION 
 

1. Introduction 
 
Particulate-reinforced metal matrix composites based on 

aluminum alloys are being used as structural materials due to their 
unique mechanical properties. Different particles such as SiC, 
Al2O3, TiB2, B4C, TiC have been recognized as potential 
reinforcements for aluminum alloys [1]. Even so, the authors [1] 
consider that among the mentioned additives the most attractive is 
titanium carbide due to its high hardness and elastic modulus, low 
relative density and good wettability of aluminum alloys. The lattice    
parameters of the carbide particles of transition metals, especially 
TiC, are close to the lattice parameter of aluminum solid solution 
[2]. Besides, titanium carbide particles are effective nucleating 
centers [1] in crystallization of cast aluminum alloys. 

Particulate reinforced aluminum composites are 
conventionally prepared either by mechanical blending of elements 
or compounds with aluminum powder (powder metallurgy 
technique) or by direct introduction of reinforcing particles into the 
melt aluminum (in case of liquid metallurgy) [1].  

However, these methods don’t allow entirely realize the 
potential of dispersion strengthening due to poor wettability of the 
titanium carbide particles with aluminum, because of oxide films on 
their surface [3;4]. 

The most preferred method is introduction the Al-Ti-C master 
alloy as strengthening phase into molten aluminum alloys [3]. 
Al-Ti-C master alloy synthesized by in-situ reaction between Al, Ti 
and carbon, which resulted to the formation of titanium carbide 
dispersed particles in aluminum at temperatures below 900 oC. 

It is known [1] that for the effect of dispersion strengthening 
or for nucleation of TiC particles they must be stable in the melt, 
but according to the [3], titanium carbide can easy react with 
aluminum, the reaction products are brittle phases Al4C3, which 
leads to degradation of the composite properties. Whereas, the most 
common technological schemes of production such alloys include 
casting operation, the effect of dispersion strengthening in these 
materials tend to decrease. 

Terefore, more attention has been paid to the preparation of 
master alloy from elemental powders of Al, Ti and C with its 
subsequently application for producing sintering (or additionally hot 
forming) composite mixed with aluminum powder. It is assumed 
that, as a result of in-situ reaction in the synthesized master alloy 
the grain boundaries between the particles of the strengthening 
phase and aluminum will be free of oxides, which greatly increases 
the interfacial strength, titanium carbide particles themselves are of 
submicron size and homogeneously distribute in the volume, which 
increase mechanical properties of composites [5]. 

The aim of this paper is to study the effect of carbon and 
aluminum on the microstructure in Al-Ti-C master alloys after 
thermal synthesis  

 

2 Experimental procedure 
 
Aluminum, titanium and graphite powders were used as raw 

materials for preparing the charge mixture which was subsequently 
thermal synthesized. To evaluate the effect of blending ratio on the 
structure and properties of the synthesized master alloys four 
compounds of row charge mixtures were chosen. The materials 
used in this study are summarized in Table 1. 
 
Table 1 Chemical composition of charge mixtures for the synthesis 

of master alloys  
 

Number 
Composition, % (mass.) 

Al C Ti 
1 35,0 9,75 55,25 
2 35,0 13,0 52,0 
3 40,0 6,0 54,0 
4 45,0 11,0 44,0 

 
The mixtures of powders were cold compacted in the 30 mm 

in diameter cylindrical matrix with 500 MPa pressure. To prevent 
the adhering of powder on the walls of the matrix the boron nitride 
soap solution was used as a lubricant. Thermal synthesis of charge 
mixture were carried out in a sealed chamber filled with technically 
pure argon, on the plant with indirect induction heating at 900 oC 
for 1 hour. Microstructure observations were made by 
metallographic microscope XJL-17AT. The specimens were etched 
in a solution of 40 % NaOH. The reaction mechanism in the 
Al-Ti-C system was investigated by means of X-ray diffraction 
analysis (XRD) and subsequent differential thermal analysis (DTA). 

 
 
 
3 Results and discussion 
 
The samples after thermal synthesis (Fig. 1, a) have become 

rather hard, but divided into a layers (Fig. 1, b) and looks like the 
samples, which were obtained by self-propagating high-temperature 
synthesis (SHS), as shown in (Fig. 1, b). However, there is a 
volume growth of compact due to degassing of adsorbed and 
dissolved gases and the formation of macropores and cavities 
during reactive sintering (Fig. 1, c). 

The large difference between the partial diffusion coefficients 
of Ti and Al could be an additional source of pores. The synthesis 
of TiAl/Ti3Al phases via thermal synthesis follows a mechanism in 
which the diffusion flow moves from aluminum to titanium, while 
the titanium atoms haven’t time to diffuse into the aluminum, thus 
leading to the formation of diffusion pores [6;17]. 
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а                                                           b                                                          c 

 
Figure 1. Visual appearance of the initial compact (a), sample after thermal synthesis (b) and its macrostructure (c) 

 
Figure 2 shows the microstructure of the master alloys, after 

thermal synthesis. A uniform distribution of the white particulate 
reinforcements with different dispersity and shape through the gray 
metal matrix is observed. The samples with the lowest carbon 
content (Table 1, №3) consist of white disordered elongated needle-
like grains (Fig. 2, a), while all other samples consist of the white 
spherical particles (Fig. 2, b, c, d). 

Quantitative analysis for the represented elements of the 
structure were made. The results were listed in Table 2. According 
to the results, it was confirmed that the gray field on the 
microstructure is intermetallic compounds based on Al and Ti (zone 
2) or it is a mixture of Al and TiC particles (zone 8) [4], white 
spherical particles (zone 3,5 and 7) correspond to stoichiometric 
composition of TiC and elongated needle-like grains (zone 1) is 
ternary carbide Ti3AlC the percentage of elements in this phase is 
close to stoichiometric composition [8]. 

Zone 4 and 6 corresponds to the solid solution based on 
aluminum. 
 

 
a 

 

 
 
 
 

Table 2. Quantitative analysis in different zone of Al-Ti-C master 
alloys synthesized alloys of (Fig. 2) 

 
 

 
 
 
 
 
 
 
 

 
 
 

 
c 

 

 b                                         d 
Figure 2. Microstructure of Al-Ti-C master alloys after thermal synthesis: 

a - 40% Al - 6% C - 54% Ti; b - 45% Al - 11% C - 44% Ti; c -35% Al-13% C-52% Ti; d - 35% Al - 9,75% C - 55,25% Ti 

Zone Al, %  Ti, %  C, %  
1 15,31 78,81 5,88 
2 63.473 36,527 - 
3 3,714 78,336 17,950 
4 92,861 2,839 4,299 
5 0,409 77,313 22,278 
6 91,731 2,145 6,124 
7 0,585 81,857 17,558 
8 57,821 38,723 3,457 
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This assumption is confirmed by X-ray diffraction analysis 
(Fig. 3).  

Fig. 3 presents the XRD pattern of initial mixture and 
synthesized master alloys. It can be seen that the initial mixture 
contains Al, Ti and C as shown in Fig 3a. The XRD results revealed 
the presents of TiC and ternary carbides Ti2AlC, Ti3AlC in all 
specimens after thermal synthesis. The formation of titanium 
aluminides depends on the percentage of components of the 
samples: 40Al-6C-54Ti, 35Al-13C-52Ti - most likely Al2Ti, AlTi, 
Al5Ti2 and ternary carbide Ti3AlC; 35Al-9,75C-55, 25Ti, 45Al-
11C-44Ti - AlTi, AlTi2, AlTi3 and Al5Ti2. The X-ray analysis 
shows the presence of Ti3AlC as the trace phase in 45Al-11C-44Ti 
master alloy, besides the diffraction pattern of this sample indicates 
a very dispersed state of strengthening phase after thermal synthesis 
against the other samples, which is also seen from the 
microstructure (Fig. 2, b). Only in one sample 35Al-9,75C-55,25Ti 
the Ti2AlC carbide and the Al4C3 carbide were indicated. It is 
difficult to indicate the presence of TiC carbide in this sample 
because of overlaying of diffraction peak and due to close angles of 

reflection. However, the microstructure of 35Al-9,75C-55,25Ti 
master alloy (Fig. 2,d) shows white spherical particles in a matrix, 
according to the quantitative analysis (Table 2, zone 7), we can 
speak about the presence of TiC phase in the sample. No Al or 
Al2O3 phase was detected in the XRD patterns of synthesized 
master alloys. The large variety of titanium aluminides in master 
alloys after thermal synthesis connected with the cooling conditions 
of the samples after sintering (for example, changing the effective 
heat-transfer coefficient it is possible to get pure titanium 
monoaluminid or multiphase product) [9;10], so with intermetallic 
phase which is formed in the first place. As a rule, in samples with 
initially formed titanium aluminide AlTi and where composition of 
the initial powder mixture close to stoichiometry of AlTi, the traces 
of AlTi2, AlTi3, Al2Ti Al5Ti3, Al11Ti5 phases was observed. The 
suggested mechanism of the above phases formation is through a 
series of solid-liquid and/or solid state reactions necessarily 
involving TiAl as one of the starting phases [6]. 

 
 

  
 
                                                a- initial powder mixture                                                                        b – 40Al-6C-54Ti 
 

                      
                                               c – 45Al-11C-44Ti                                                                                      d– 35Al-13C-52Ti 

 
e – 35Al-9,75C-55,25Ti 

Figure 3. Diffraction patterns of the initial powder mixture (a) and synthesized Al-Ti-C master alloys (b, c, d, e) 
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The results of chemical analysis on carbon content is shown in 
Table 2, there is some amount of free carbon in master alloys after 
thermal synthesis. 

 
Table 2. – The amount of carbon in the samples before and after 

thermal synthesis. 
 

Chemical composition, % 
(mass.) 

Сtotal, % 
(mass.) 

Сfree, % 
(mass.) 

40Al-6C-54Ti 5,9 1,3 
45Al-11C-44Ti 6,5 0,43 
35Al-13C-52Ti 12,7 0,37 

35Al-9,75C-55,25Ti 8,5 0,30 
 

The content if combined carbon is usually decrease in comparison 
to the theoretical one after synthesis. Besides, there is a number of 
free, unreacted carbon Cfree in real product. It is known that the 
closer the combined carbon content in the real product to the 
theoretical and the lower free carbon content in it, the better 
synthesized product [11]. 

The phase and structure formation mechanism in the Al–Ti–C 
system was investigated by means of DTA and calculations of the 
Gibbs free energy were carried out using the program HSC 

Chemistry 5.11. Thermodynamic analysis helps to understand what 
reactions are possible and which is the most favorable between Al, 
Ti and C. The changes of Gibbs free energy (ΔG) as a function of 
temperature were calculated for the following reactions: 

 
Al+Ti = AlTi;                                                                  (1) 
3Al+Ti=Al3Ti                                                                  (2) 
Ti+C=TiC                                                                        (3) 
TiAl + 2Al = Al3Ti;                                                         (4) 
TiAl + C = TiC + Al;                                                       (5) 
4TiAl + 7C = 4TiC + Al4C3                                             (6) 
4TiAl + 3C = 4Ti + Al4C3;                                               (7) 
Al3Ti + C = TiC + 3Al;                                                    (8) 
1.333Al3Ti + 4.333C = 1.333TiC + Al4C3;                      (9) 
1.333Al3Ti + 3C = 1.333Ti + Al4C3;                               (10) 
 
As can be seen from the Fig. 4, the values of ΔG in all the 

reactions at given temperatures are negative, indicating that all these 
reactions could take place in view of thermodynamics. Moreover, 
the reactions (6), (9), (3), (2) and (1) are most favorable for Al-Ti-C 
system, because the absolute values of ΔG in these reactions are the 
largest. 
 

 
 

 
Figure 4. Changes of Gibbs free energy as a function of temperature. 

 
 
Fig. 5 shows the DTA curves of initial mixtures with 

endothermic and exothermic peaks. It was found that for the 
samples with 35 mass. % of Al, there is a broad endothermic peak 
at 640 oC and exothermic peak at 800 oC. The endothermic peaks at 
635 oС and exothermic peaks at 812 oС and 800 oС respectively 
were observed in samples with 40 and 45 % Al (Fig. 5c, Fig. 5d). 
Endothermic effect occurred at temperatures of 635-640 oC due to 
the liquid phase formation at temperatures lower than the melting 
point of aluminum, which is connected with the formation of 
various titanium aluminides  or AlTi during sintering. As a result of 
diffusion of Al atoms in Ti a significant amount of heat released and 

caused sample heating to the melting point of aluminum. The liquid 
phase increases interfacial surface, which leads to an increasing the  
temperature, but all the warmth connected with the intermetallic 
formation was expended on the process for aluminum melting and 
exothermic event on the DTA curves in this region, was not 
observed [7;12].  

Exothermic peaks on DTA curves at 800 oC and 812 oC 
correspond to in-situ formation of titanium carbide by interaction 
between Ti and C in the liquid phase, which was formed during 
melting in the Al-Ti system [13;3]. The carbon reacts with molten 
titanium aluminide by reaction (7), which is the most 
thermodynamically favorable from all listed above.  
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Figure 5. Differential thermal analysis of Al-Ti-C powder mixture  

 a - 40Al-6C-54Ti; b - 45Al-11C-44Ti; c - 35Al-13C-52Ti;  
d - 35Al-9, 75C-55, 25Ti 

 
It should be noted that in DTA curves there is no exothermic 

peak connected with the formation of Ti2AlC, Ti3AlC, detected 
during X-ray analysis. The formation of ternary carbides can occur 
either during slow cooling after TiC formation by TiC + TiAl → 
Ti2AlC / Ti3AlC reaction [14-17] or Ti2AlC, Ti3AlC formed 
simultaneously with titanium carbide particles and their exothermic 
peaks coincide [18-19]. 

 
Conclusion 
 
According to the microspectral analysis, X-ray diffraction and 

differential thermal analysis of Al-Ti-C mixtures with different 
compositions the presence of TiC and tanium-aluminum complex 
carbides (ternary carbides) were determine after thermal synthesis. 
The predominant strengthening phase in specimens with high 
carbon content (10 ÷ 13%) is titanium carbide, in samples with 
minimal carbon content (6%) and relatively high aluminum content 
(40%) in the structure of the synthesized material predominant 
disordered elongated needle-like grains of complex ternary 
titanium-aluminum carbides. The 45Al-11C-44Ti master alloy, 
where the percentage of aluminum and titanium are practically 
equal, characterized by very dispersed state of strengthening phase 
after thermal synthesis. 
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CHARACTERISTICS OF BAINITIC TRANSFORMATION IN LEDEBURITIC 
STEELS 
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Abstract: Some special features of the kinetics and mechanism of the bainitic transformation in high-speed steel HS18-0-1 have been 
studied. Austempering has been performed at temperatures 270 oC for 5  to 360 min, after heating up to  1280  oC. Before austempering have 
been carried out isothermal holding at temperatures 560 oC for 240 min and 650 oC for 40 min was made. Optical metallographic analysis, 
electron-microscope analysis, X-ray phase analysis and testing of Rockwell hardness have been carried out. The effect of the isothermal 
holding at temperatures above bainitic region and the austempering regime on the phase composition, microstructure and hardness of steel 
HS18-0-1 has been investigated. 
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1. Introduction 

The austempering of iron-carbon alloys is a thermal treatment, 
decreasing the inner stresses and deformations and increasing the 
impact toughness of the details. The bainitic structure formation is 
the result of this treatment. Bainitic structure is characterized by 
high hardness and increased toughness and has a wide practical 
application in the constructions steels and ductile cast irons 
processing [1,2]. Incomplete austempering is also applied in a 
thermal treatment of some hypereutectoid and ledeburite steels as 
high chrome instrumental steels, high speed steels etc. [3-5]. The 
possibility of a wider application of this type of thermal treatment 
requires additional data for the bainitic transformation in the high 
carbon and ledeburite steels. 

The aim of the present  study is to investigate the structure 
forming in the bainitic region of a high speed steel HS18-0-1 after a 
preliminary isothermal holding in the region of an increased 
austenite stability at 560 – 650 оС. 

2. Methodology of the investigation 

The present report gives the results of investigation on the 
bainitic transformation in high-speed steel HS18-0-1 (ISO 
4957:1999) with the following chemical composition: 0.73 – 
0.83 % C, 3.80 – 4.50 % Cr, 17.20 – 18.70 % W, 1.00 – 1.20 % V, 
≤ 0.45 % Si. 

The microstructure is studied by using an optical metallographic 
analysis and electron-microscope analysis. Micro sections are 
exposed to microstructure investigation on an optical microscope 
Neofot 2 after etching in a solution: 5g FeCl3, 15ml HCl, 50ml H2O 
and 2ml HNO3. Lacquer replicas are used for electron-microscope 
analysis. They are exposed to microstructure investigation on an 
electron microscope JEOL 100C. The quantity of retained austenite 
and the parameter of its lattice are determined by X-ray phase 
analysis. X-ray diffraction analysis is made by means of a 
diffractometer TUR M61. Testing of Rockwell-C hardness is 
carried out. 

3. Experimental results  and analysis 

It is known from the thermal treatment practice of high speed 
steels the isothermal holding in the region of high stability of the 
super cooled austenite at  500 – 600 оС (step quenching) leads to a 
higher rate of martensitic transformation during quenching. This is 
explained by the release of submicroscopic particles – carbides and 
intermetallics in the super cooled austenite in isothermal holding at 

500 – 600 оС, which increase Мн point in the following austenite-
martensitic transformation. Such preliminary preparation of the 
austenite can also influence the austenite transformation in the 
bainitic region. In the work the influence of the preliminary 
preparation of the austenite in two modes is investigated (Table 1). 

Mode І: 1280 оС(3 min) → 560 oC(240 min) → 270 oC(τi  min) 

Mode ІІ: 1280 оС(3 min) → 650 oC(40 min) → 270 oC(τi  min) 

        Table 1: The regimes of austempering processes 

Heating 
temperature 

Isothermal 
holding regime 

Austempering 
temperature 

Austempering time, 
min 

 

1280°C 

560°C          
240 min 

 

270°C 

 

5,10,20,40,60,120,360 
650°C          
40 min 

 

 

Fig. 1. Change in hardness HRC  with the time of isothermal 
    soaking at 270 oC.  

The hardness results HRC obtained for both thermal treatment 
modes are presented in Table 2.  After direct cooling from a 
temperature 560 o C (mode І) the hardness is 64 HRC. After 40 
minutes isothermal holding at 270 oC the hardness decreases to 61,5 
HRC and remained at that level to 2 hours of isothermal holding. 
The next increase of the isothermal holding to 6 hours the hardness 
sharply reduces to 56, 5 HRC (Figure 1). After a direct cooling from 
650 o C (mode ІІ), the hardness is 59, 5 HRC. In isothermal holding 
at 650 o C for 40 min a partially diffusion austenite disintegration 
occurs in the pearlite region. (Figure 4 a, b). The products of the 
pearlite transformation are formed (troostite), which leads to the 
hardness decrease in comparison to the mode І results. In the 
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following bainitic transformation of the austenite at 270 o C with the 
time increase of isothermal holding to 20 min, the hardness 
decreases to 58 HRC. It is observed the constant hardness value for 
a time as well as in mode I. And after 1 hour of isothermal holding 
the hardness starts to decrease and achieve a value of 55 HRC in 
austempering at 270 o C, 6 hours (Figure 1). 

 

Table 2: The hardness HRC and the quantity of retained austenite A after 
austempering 

 
Austempering 
time, min 

Heating temperature  1280oC 
Isothermal holding regime above bainitic region 
560 oC, 240 min 650 oC, 40 min 

Austempering temperature  270 0C 
    HRC A, %      HRC A, % 

 - 64 12 59,5 5 
 5 64 16 59 10 
 10 63 18 58,5 12 
 20 62 - 58 - 
 40 61,5 20 58 28 
 60 61,5 - 58 - 
 120 61,5 25 57 34 
 360 56,5 27 55 36 

 

   

        a                                                            b 

    

        c                                                            d 

Fig. 4. Microstructure of steel HS18-0-1 after bainitic transformation at 
270oC, 5 min (a), 270 oC, 40 min (c) and  270 oC, 360 min (b,d). 
Temperature of  heating 1280 oC. Isothermal  holding at temperature 650 oC 
for 40 min. 

The microstructure of steel HS 18-0-1 after austempering 
consists of a martensite, a retained austenite, primary carbides and 
secondary carbides (Figure 2). It is seen from the metallographic 
observations that the hardness decrease after austempering in mode 
I and mode II is connected with the formation of an oriented needle 
structure (Figure  3 a, b; Figure 4 a, b). X-Ray analysis show that 
the quantity of the retained austenite in the steel after cooling to an 
ambient temperature increases with the time increase of the 
isothermal holding at 270 o C (Figure 5) .The lattice parameter 
increases from 0,3638  to 0,3642 nm (mode І) and from 0,3636  to 
0,3648 nm (mode ІІ) (Table 3). At a temperature of 270 оС it is 
solely the carbon diffusion that takes place [1], hence the 
percentage carbon content in the austenite increases. The kinetic 
data analysis of the transformation indicates a low carbon formation 
in the structure during the austenite transformation. 

    

        a                                                            b 

Fig. 2. Microstructure of steel HS 18-0-1 after quenching.                                    
Temperature of heating 1280 oC. 

Despite the similarity with the kinetic parameters of the 
common bainitic transformation SEM analysis indicates [5], the 
structure received in mode I and II possesses some peculiarities. 
The oriented structure consists of needles of α – phase (bainitic 
ferrite). α – phase is formed by a martensitic mechanism from an 
austenitic region  with a low carbon content [1]. A distinctive 
feature of bainite formed as a result of a preliminary austenite 
preparation (mode I and II), is the isolated needles nature α – phase 
at the all transformation stages. (Figure 3 c,d; Figure 4 c, d).  Each 
needle is growing as a whole in the transformation process. 

The direct bainitic transformation of the austenite ( without a 
preliminary preparation at 560  and  650 o C) begins with a 
formation of separate needles of α – phase and is developed with 
the formation of new needles, located close to each other and 
forming a package consisting of alternating laminas of α-phase and 
austenite. In the optical metallographic analysis this package looks 
like as a separate needle [5]. 

The needles of α phase have a strong relief, formed as a result 
of dispersive releases during self annealing. This process is relieved 
due to the preliminary preparation of the austenite at 560 and 650 o 

C , where submicroscopic carbide and intermetallic particles are 
released. After α - phase formation it is possible to observe a 
redistribution of carbon situated in the boundary regions of the 
austenite to the boundary (as a result of higher carbon diffusion 
coefficient in α-Fe) where carbide particles have been formed in 
consequence of α –phase self annealing or of the inheritance of the 
austenite structure of its preliminary preparation at 560 and 650 o C. 
In this the α-phase crystals are increasing on account of low carbon 
austenite regions. It is realized self initiating increase of α-phase. It 
is distinctly observed relief carbide separations in α –phase crystals. 
They are alongside located on the boundaries of the growing 
crystal. This is clearly observed after a preliminary austenite 
preparation at 650 o C (Figure 4 c, d). The α – phase crystals also 
increase as a result of carbon diversion from the nearby austenite 
region to the remote one. 

 

Fig. 5. Change in  quantity of retained austenite A with the time of 
isothermal soaking at 270 oC.  
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          a                                                            b 

   

        c                                                            d 

Fig. 3. Microstructure of steel HS18-0-1 after bainitic transformation at  
270 oC, 5 min (a,c)   and  270 oC, 360 min (b,d). Temperature of heating 

1280 oC. Isothermal holding at temperature 560 oC for 240 min. 

The bainitic transformation in the preliminary prepared 
austenite at 560 and 650 o C proceeds the same way in the whole 
bainitic region. The microstructure, received in isothermal holding 
at 560 o C, 4 hours and direct cooling with the furnace to the 
ambient temperature is shown in Figure 6. The α-phase crystals are 
formed at different temperature intervals of the bainitic region, but 
they have identical structure. 

 

Fig. 6.  Microstructure of steel HS18-0-1 after isothermal holding at 
temperature 560 oC for 240 min and direct cooling with the furnace to the 

ambient temperature.Temperature of  heating 1280 oC. 

Table 3: The parameter of retained austenite lattice 
 

 
 
 

Austempering    
time, min 

 Heating temperature  1280oC 
Isothermal holding regime above 

bainitic region 
560 oC, 
240 min 

650 oC, 
40 min 

Austempering temperature   
270 0C 

Lattice parameter of the retained 
austenite, nm 

- 0.3638 0.3636 
360 0.3642 0.3648 

 

In this way the bainitic transformation in the preliminary 
prepared in mode I and II austenite proceeds with a structure 
formation consisting of α –phase (bainitic ferrite) and enriched with 
carbon austenite А(c). The enriched with carbon austenite А(c) does 
not destruct to a two phase ferrite-carbide mixture. This scheme of 

the bainitic transformation resembles the formation process of a 
lower bainite in the low and middle carbon steels. 

4. Conclusion 

The isothermal holding during cooling from the temperature of 
the austenitization in the region of increased austenite stability (560 
– 650 оС) does not change the scheme of austenite transformation in 
the bainitic region of steels HS18-0-1. The structure consisting of 
bainitic ferrite (α-phase) and enriched with carbon austenite А(c) [5] 
is formed. The morphology of the structure is changed: bainitic 
ferrite is formed as a separate needle α-phase with strongly 
expressed signs of self annealing. The resulting structure is similar 
to this one of the lower bainite in the hypoeutectoid steels. The 
features of the transformation are explained with the preparatory 
processes in the austenite in the temperature range 560 – 650 оС and 
with the inheritance from α-phase of the prepared in the austenite 
structure. 
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Abstract: This article provides a brief review of current research activities that concentrate on electrochemical devices 
designed with nanomaterials. Most attention is devoted on the design of glucose-sensing devices because of  the actual 
diabetics problematic. It is focused on the development of electrodes and (bio) sensors.The review is concluded with personal 
perspectives on the directions towards which future research on nanostructured sensors might be directed. 
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1. Introduction 
 

1.1.  Impact of nanotechnology 
There are four major application areas of 
nanotechnology, namely: (a) nanobiotechnology 
(nanomedicine); (b) nanomaterials; (c) nanoelectronics; 
and (d) nanosensors/nanodevices, nanotechnological 
instrumentation and nanometrology. The last area is 
directly connected to analytical science, and plays an 
essential role in the other three for purposes such as the 
monitoring of production processes and the 
characterization and use of end products. The 
relationships between  nanotechnology and analytical 
science, are connected to the design and use of  
nanodevices; the use of nanoparticles (and 
nanostructures) in analytical processes; and the extraction 
of accurate chemical information from the nanoworld. 
The mutual impact of nanotechnology on analytical 
chemistry constitutes the last step in the technical trend 
for miniaturization via the macro → micro → nano 
sequence. Two significant differences between the nano 
and macro and microworld have been observed: the 
surface/volume ratios and the chemical reactivities of 
nanostructured matter and of nanoparticles are much 
greater than those of  macro- or microscale matter [1].  
When the size of  the structure is decreased, this 
surface/volume ratio increases considerably and the 
surface phenomena predominate over the chemistry and 
physics in the bulk. An example of this effect is the 
change in the measured property when the 
surface/volume ratio of the particle decreases in resistive 
gas sensors (thin metal films) [2].   

1.2. Use of nanomaterials in analytical 
electrochemistry. 

Nanomaterials and electrochemistry have a long shared 
history, where the objective is to exploit the excellent 
properties of nanoparticles in order to improve well-
established analytical methods or to develop others for 
new analytes or matrices. The use of nanoparticles should 
lead to improved selectivity, sensitivity, stability, 
rapidity, miniaturizability or portability of the analytical 
system. They can be incorporated or used in analytical 
methods either as such or chemically bonded. In the latter 
case, nanoparticles can be chemically bonded to a surface 
[3] or functionalized with other organic or inorganic 

compounds in order to increase their solubility [4] . The 
explored nanoparticle property can be electrical, optical, 
thermal, magnetic or chemical but often two or more 
properties are explored at once. The nanoparticles most 
widely used in the analytical sciences at present include 
(a) silica nanoparticles, (b) carbon nanoparticles (mainly 
fullerenes, carbon nanotubes, graphene), (c) organic 
polymer nanoparticles (e.g., molecular imprinted 
polymers), (d) metallic nanoparticles (quantum dots, gold 
nanoparticle, europium nanoparticles, etc.) or (e) 
supramolecular aggregates (nanomicelles, nanovesicles).  
Nanoparticles also play an important role in the process 
of electrochemical and optical detection. Carbon 
nanotubes and metal nanoparticles are most widely used 
for developing electrochemical (bio)sensors, as are 
quantum dots for optical systems. Because of their 
excellent electrochemical properties, they are often added 
as mediators to composites in order to facilitate electron-
transfer reactions with electroactive species in solution [5]  

1.3. Electrochemical sensing devices 
Trends in chemical and biological sensing are rapidly 
evolving towards completely autonomous analytical 
devices that can perform sophisticated analytical 
procedures and processes independently and reliably.  
1.3.1  Sensor is a measurment system that receives and 
responds to a signal or stimulation. It detects 
electronically a variable quantity and converts the 
measurement into signals to be recorded elsewhere. 
When the sensor is composed of an inorganic or organic 
chemical element we have  chemical sensor. It should be 
chosen in such a manner as to ensure the posible 
interactions  with the species (analyte)  that need to be 
analyzed selectively. [6]  An electrochemical sensor is a 
device that responds to specific changes in potential or 
electrical current, as a result of the interactions between 
chemical species available and sensor. It needs an 
internal element which is sensible to sensor-analyte´s 
interaction and that conveys a signal to a measuring 
device and processes the captured information. This 
element is called transducer.That analyte to which is 
addressed the selective action of the sensor element is 
called target analyte [7]. The sensor´s interaction can 
lead
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to electrochemical changes of light, temperature, and 
sound, so that way there are electrochemical, optical, 
acoustic, thermometric, etc. transducers. Figure 1-1 

shows the scheme of a common electrochemical sensor 
system. 

 

 

 
Figure 1-1. Electrochemical Sensor´s Scheme [7] 

1.3.2. Biosensor is defined as a kind of sensor incorporating a biological or biologically derived material integrated within a 
physicochemical transducer or transducing microsystem. In a biosensor the biological recognition system, is called 
bioreceptor. It should be immobilized on the transducer´s surface as to convert the velocity of the biochemical reaction that 
occurs in the biological recognition process, into an electrical signal which then could be increased, processed and converted 
in a desired form.When the transducer is based on electrochemical processes, we speak of electrochemical biosensors [8]. 
Electrochemical biosensors are incorporating enzymes with nanomaterials, which combine the recognition and catalytic 
properties of enzymes with the electronic properties of various nanomaterials.  

1.4. Classification 
Sensors have been classified according to multiple criteria [9]. The most common way to group sensors considers either the 
transducing mechanism o energy transfer (chemical, electrochemical, electrical, optical, mass, thermal, piezoelectric, etc.), 
the recognition principle (enzymatic, DNA, molecular recognition, etc.) or the applications (environmental, food, medical 
diagnosis, etc.).  

2. Application fields of nanomaterials in the development of  (bio)sensors.  

The electrochemical sensors are very useful and easy to determine the concentrations of various analytes in samples such as 
fluids and dissolved solid materials. They are frequently used in clinical diagnostics, occupational safety, medical 
engineering, process measuring engineering, safety and environmental protection analysis [11]. There are several studies 
published on the electrochemical behavior of the enzyme biosensors and immunosensors using its nanomodificated surfaces 
(eg. metal-nanoparticles modified). From all existing types of nanomaterials  special attention is put on the application of 
CNT and metal nanoparticles (NPs) . Metal NPs possess excellent conductive and catalytic properties which allow to 
construct nanoarrays with different signal/noise ratio which magnitude is higher than of the conventional electrodes. Another 
advantage is the possibility to prepare series of electrodes arranged in one or more dimentions [11]. On the other hand the 
nanoeletrodes (NEs) are displaying  an improvement in detection limit and different forms of diffusion of species in the 
electrode surface. Furthermore, there is an opportunity to operate with small volume matrices that also provides the 
possibility of velocity´s measurement of  very high heterogeneous charge transfer. 

2.1. Nanoscale materials electrodes 

2.1.1 Carbon nanomaterials based biosensors: some techniques and methods for construction 

Carbon nanomaterials offer unique advantages as high surface-volume ratio, high electrical conductivity, chemical stability 
and strong mechanical strength, and are thus frequently being incorporated into sensing elements. Carbon nanomaterial-based 
sensors generally have higher sensitivities and a lower detection limit than conventional ones [12]. 
The first report of carbon nanotube-modified electrode for biosensing was based on dispersion of CNT and enzyme in Teflon 
binder [13] showed that the electrocatalytic activity of CNT toward hydrogen peroxide and NADH permitted effective low-
potential amperometric biosensing of glucose and ethanol in connection with the incorporation of glucose oxidase and 
alcohol dehydrogenase/NAD+ within the three-dimensional CNT/Teflon matrix. The authors found that accelerated electron 
transfer was coupled with minimization of surface fouling.  
Carbon nanotubes paste electrodes (CNTPE) modified with melanic polymer have been prepared for  the sensitive and 
selective quantification of Dopamine(Do). Do plays an important role in renal, hormonal and cardiovascular systems [14,15]. 
Changes in its concentration produce several diseases, like Parkinson, and schizophrenia caused by a decrease in Do levels 
[14]. Therefore, an extremely selective and sensitive quantification of Do is highly required.  
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The CNTPE detects Dopamine (Do) in the presence of high excess of ascorbic acide (AA) and dopac: usual interferents in 
nervous centers. In this case the electrogeneration of melanic polymers at CNT-based electrodes and their analytical 
applications is reported for first time. The polymer is electrogenerated from a 3.0×10−3 M l-dopa solution (in a 0.050M 
phosphate buffer pH 7.40) by applying 0.80V for 120 min. Two strategies for dopamine quantification have been developed: 
the amperometric detection at 0.200V using 1.0×10−3M ascorbic acid in the measurement solution to improve the sensitivity 
of the assay; and the adsorptive stripping detection with medium exchange using differential pulse voltammetry (DPV) as 
transduction mode. Detection limits of 2.0 nM and 20 nM were obtained with amperometry and adsorptive 
stripping, respectively. The interference of 5.0×10−4 M ascorbic acid and 5.0×10−5 M dopac was negligible in both cases, 
demonstrating the advantages of the melanic polymer as permselective layer. The detection limits were lower than previously 
reported methodologies and similar to others [16-18], demonstrating the efficiency of the proposed sensor. [19]      
One of the main disadvantages of paste electrodes is their poor mechanical properties. More rigid carbon nanotube biosensors 
were constructed by incorporating carbon nanotubes and glucose oxidase in epoxy matrix [20]. Screen-printed CNT sensors, 
based on thick-film fabrication, are mechanically stable with good resistance to mechanical abrasion and they offer 
possibility of large-scale mass production of highly reproducible low-cost electrochemical biosensors [21]. CNT matrix also 
allows easy incorporation of enzyme in screen-printed electrode, as it was demonstrated recently on example of horseradish 
peroxidase in connection to MWCNT and polysulfone binder [22] (see Fig. 2-1). 

 

 
 
Fig. 2-1 (A) The enzyme/MWCNT/polysulfone screen-printed thick-film electrochemical detector, top view. (B) Cross-section of the 
detection area of enzyme/MWCNT/polysulfone screen-printed detector. (C) Schematic drawing of showing structure of HRP/MWCNT/PS 
composite. (a) Polycarbonate substrate, (b) insulator layer, (c) HRP/MWCNT/polysulfone conducting composite, (d) silver contact for the 

working electrode and (e) carbon ink contact layer. Modified from [22]. 
 

2.1.2. Glucose Biosensors based on Carbon Nanotubes and Graphene 
 CNT-modified electrodes show great promise for application in the glucose sensing area [12].Diabetes is a group of metabolic 
diseases affecting about 150 million people worldwide, and is one of the leading causes of death and disability, such as 
blindness, nerve degeneration and kidney failure [12].  Currently, diabetics must frequently check their blood glucose levels by 
“finger-pricking” and adjust their insulin dosage to keep the glucose level as close to “normal” as possible. Tens of millions 
of glucose assays have been used for diabetic tests, and glucose biosensors thus account for about 85% of the entire sensing 

market. 
OPACC 

2.1.2.1. CNT Paste Electrode 
It has been developed CNT-based biosensing devices where the combination of Pd-GOD electrodeposition with Nafion-
solubilised CNTs enhanced the storage time and performance of the sensor. An extra Nafion coating was also used to 
eliminate common interferents, such as uric and ascorbic acids. The fabricated Pd-GOD-Nafion CNT glucose biosensors 
exhibited a linear response up to 12 mM glucose and a detection limit of 0.15 mM (S/N = 3) [23]. 

 
2.1.2.2. CNT Array/Forest 

A facile strategy has been developed to prepare carbon nanotubes loaded Pt nanoparticle (Pt-CNT) composites. The method 
involves the polymerization reaction of glucose and the reduction deposition of a platinum source in the pores of anodic 
alumina membranes (AAMs) under hydrothermal conditions. SEM and TEM images showed that the Pt nanoparticles are 
uniformly entrapped into the CNTs with a stable hierarchical structure. The nanocomposites electrode is successfully used as 
a sensitively amperometric sensor for low-potential determination of H2O2. The aprepared Pt-CNT-based glucose biosensor 
displayed a wide linear calibration range of glucose concentrations (0.16−11.5 mM) and a low detection limit of 0.055 mM. 
Furthermore, the biosensor exhibits some other excellent characteristics, such as high sensitivity and selectivity, short 
response time, and long-term stability [24]. The stability results show that the electrode remained about 94% of the original 
value over the first 20 days, and it decreased to 90% after 1 month (use more than 100 times). 
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2.1.2.3. CNT FET 

There are two advantages of field effect transistor (FET) based biosensors over traditional electrochemical biosensors. FETs 
detect the electrical signal when the resistance changes due to the absorption of molecules on the FETs surface. Also, they 
can provide microscale and even nanoscale devices, which can measure the enzymatic activity at the molecular level and are 
suitable for integration with small chips [26]. Besteman et al. firstly introduced SWCNTs into FET biosensing [25]. 
Controlled attachment of GOD to the nanotube sidewall was achieved through a linking molecule, which on one side bonded 
to the SWCNT through van der Waals coupling with a pyrene group and on the other side covalently bonded the enzyme 
through an amide bond, as depicted in Figure 2-2. The redox enzymes went through a catalytic reaction cycle, where groups 
in the enzyme temporarily change their charge state and conformational changes occur in the enzyme, which could be 

detected by the NTFET devices. A step-like response can be monitored in real time after immobilization of GOD in NTFETs. 
 

 
Figure 2-2. Schematic picture of two electrodes connecting a semiconducting SWCNT with GOD enzymes immobilized on its surface. 
Reprinted with permission from [25].  

 

2.1.2.4. CNT Fiber 
CNT fibers inherit the advantages of high surface area and good electrocatalytic properties of the 
carbon nanotubes, whilst avoiding potential toxicity caused by asbestos-like CNTs when implanted 
in vivo. Limited efforts have been made to utilize CNT fibers for electrochemical sensors [27-30] and all these studies 
have used CNT fibers made by a simple particle-coagulation spinning (PCS) process [60]. A CNT fiber microelectrode with 
proper mediators (2,4,7-trinitro-9-fluorenone) on the surface and various pre-treatments were reported by Viry et al. to 
assemble a biosensor [28,30]. A glucose sensing electrode was built by adsorption of a mediator on the surface of a CNT 
fiber microelectrode. Electrocatalytic oxidation of analytes via a dehydrogenase works efficiently at 0 V, which is a key point 
in developing such bioanalytical tools. 
The specific fiber used was composed of double-walled CNTs that are compacted into concentric layers of CNT bundles 
organized as nano-yarns [31-33], as shown in Figure 2-3. The CNT fiber resembles an electric wire, relying on nano-scale 
surface topography and porosity, which can facilitate molecular-scale interactions with agents like enzymes to efficiently 
capture and promote electron transfer reactions. 

 

 
Figure 2-3. Schematic diagram showing (a) CNT fiber based glucose biosensor, (b) CNT bundles, (c) DWNT and (d) working principle of 
biosensor. The CNT fiber (ca. 28 μm) is made of bundles (ca. ~50 nm) of DWNTs (ca. 8–10 nm) entangled to form concentrically 
compacted multiple layers of nano-yarns along the CNT fiber axis, as illustrated in (a). GOx (GOD) enzyme is immobilized at the brush-like 
end of the CNT fiber and the enzyme layer is encapsulated by the epoxy-polyurethane (EPU) semi-permeable membrane [32]. 
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2.1.2.5  Graphene Based Biosensors 

The discovery of graphene in 2004, added a new nanomaterial to the sensing area [34]. Graphene, with fast electron 
transportation, high thermal conductivity, excellent mechanical properties and biocompatibility, can avoid the problems 
associated with metal nanoparticles and CNTs.[35]. There are several reviews about the application of graphene for glucose 
biosensors [35-38]. 
Based on the high electrocatalytic activity of graphene toward H2O2 and the excellent performance 
for direct electrochemistry of GOD, graphene could be an excellent candidate for direct electrochemistry of GOD, and an 
excellent electrode material for glucose based biosensors [38]. Shan et al. [39] reported the first graphene-based glucose 
biosensor based upon graphene protected by polyvinylpyrrolidone that could thus be well dispersed in water. A linear glucose 
response covered from 2 to 14 mM, with good reproducibility (3.2% for 10 successive measurements) and high stability was 

obtained. 
Alwarappan et al. reported enzyme-doped graphene nanosheets for enhanced glucose biosensing [40]. Graphene nanosheets 
were chemically synthesized and then covalently conjugated to a GOD. The conjugated graphene/GOD was then 
immobilized onto the glassy carbon electrode surface already modified with porous polypyrrole (Ppy), as shown in Figure 2-
4. Ppy-graphene-GOD electrodes exhibited an excellent sensitivity of 3 μM, based on the signal/noise = 3. Wu et al. [41] 
developed a novel approach for glucose detection based on the electrocatalytic reduction of oxygen at the GOD-graphene/GC 
electrode.. The response displays a linear range from 0.1 to 10 mM with a sensitivity of 110 ± 3 μA·mM −1·cm −2 and a 
detection limit of 10 ± 2 μM.  
 

 
Figure 2-4. Schematic diagram of Graphene-GOD entrapped within a porous Ppy matrix, the insert (a) is the SEM image of porous structure 
of electropolymerized Ppy; and (b) SEM image of Graphene-GOD on the electrode surface. Reprinted with the permission from [40]. 

 
2.1.2.6  Graphene Based Non-Enzymatic Sensors 

Non-enzymatic sensors can avoid the expensive and fragile enzymes.The development of graphene in the sensing area offers 
new approaches for non-enzymatic glucose biosensors. 
Kong et al. developed high-density Au NPs using thionine functionalized graphene oxide as a supporting material via 
chemically reduction of HAuCl4 with sodium citrate [42]. The use of thionine functionalized GO can promote 
electrostatically adsorbing negatively charged AuCl4 − on the GO surface and thus a high load of Au NPs can be achieved. GO-
thionine-Au nanostructure composites modified glassy carbon electrodes showed remarkably electrocatalytic activity towards 
the oxidation of glucose, and can thus lead to an enzymeless glucose sensor with a wide linear range between 0.2 to 13.4 
mM, and a lower detection limit of 0.05 μM. Luo et al. reported a non-enzymatic glucose sensor by potentiostatically 
electrodepositing metallic Cu nanoparticles on graphene sheets [43]. The Cu-graphene sheets electrode shows much better 
electrocatalytic properties for glucose oxidation and detection compared to the unmodified graphene sheets electrode and the 
Cu/GC electrode. A linear range up to a 4.5 mM glucose level was achieved by this Cu-graphene electrode sensor, with a 
detection limit of 0.5 μM (signal/noise = 3) at a detection potential of 500 mV.Xiao et al. introduced a non-enzymatic glucose 
sensor through a one-step electrochemical synthesis of PtNi nanoparticle-graphene nanocomposites [44]. The 
nanocomposites exhibit several unique features including well-dispersed NPs with alloy features, high NPs loading, and 
effective reduction of graphene oxide. Under the physiological condition, a linear range up to 35 mM with a sensitivity of 
20.42 μA·cm−2·mM−1 at a substantially negative potential (i.e., −0.35 V) was obtained. One of the great efforts to operate 
under this negative potential eliminates the impact from the oxidation of common interfering species. 
For biosensing applications, CNTs and graphene demonstrate faster response times and higher sensitivity than traditional 
electrodes at extremely low working potentials. However, better control of the chemical and physical properties of carbon 
material based biosensors is still needed. For example, the separation process for different type of CNTs, the miniaturization 
of the sensor, the possibility of toxicity, in vivo stability etc. still needs to be addressed to meet future requirements.  
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CONCLUSIONS: 
Have been done a brief bibliographic review of the recent 
researches regarding development of electrochemical 
devices. Nanomaterials are showing to be interesting 
alternative materials to be integrated into various 
electrochemical devices with differnet application of 
interest.  
The most important aspect of investigation and 
developing of sensors is their sensitivity, selectivity, and 
stability. The phenomena of nanoscience gives 
advantages in the building of sensor devices where new 
effects appear and play an important role that is often 
related to quantum mechanics and quantum mechanisms. 
Consequently, important characteristics and quality 
parameters of the nanosensors can be improved over the 
case of classically modelled systems merely reduced in 
size. For example, sensitivity can increase due to better 
conduction properties, the limits of detection can be 
lower, very small quantities of samples can be analysed, 
direct detection is possible without using labels, and 
some reagents can be eliminated.Carbon nanomaterials 
offer unique advantages in several areas, like high 
surface-volume ratio, high electrical conductivity, 
chemical stability and strong mechanical strength, and are 
thus frequently being incorporated into sensing elements. 
Carbon nanomaterial-based sensors generally have higher 
sensitivities and a lower detection limit than conventional 
ones. 

 
REFERENCES: 
[1] M. Valcárcel et al. Anal Bioanal Chem (2008) 391:1881–1887 (1) 

[2] ( J. Riu, et al. Talanta 69 (2006) 288–301 

[3] 12. Suárez B, et al. (2007) JChromatogr A 1159:203–207 

[4] 13. Suárez B, et al. (2006) JChromatogr A 1128:282–289 

[5] 26. Trojanowicz M (2006) Trends Anal Chem 25:480–489 

[6]  E. R. Goldman, J. Am. Chem. Soc., 2005, 127, 6744–6751 

[7].Baeza,(2005),http://depa.pquim.unam.mx/amyd/Archivero/Articulo‘’Sens
ores y Biosensores Electroquímicos’’ 

[8]  [96] A.J., Reviejo, et al. J. de la Real Soc.Esp.deQuímica (2000),1-15 

[9] Marinella Farre, et al. in Analytical Chemistry, Vol. 28, No. 2, 2009  

[10] J. Riu, et al., Talanta 69 (2006) 288–301,. .  

[11] A. J. Saleh Ahammad et al. Sensors 2009, 9, 2289-2319  

[12] Zhigang Zhu et al.Sensors 2012, 12, 5996-6022)  

[13]  17] J.Wang, M. Musameh, Anal. Chem. 75 (2003) 2075–2079.  

[14] [1] K. Pihel, Q.D. Walker, R.M.Wightman, Anal. Chem. 68 (1996) 
2084. 

 [15] [2] C.S. Cha, J. Chen, P.F. Liu, Biosens. Bioelectron. 13 (1998) 87.  

[16]  [12] M.D. Rubianes, G.A. Rivas, Anal. Chim. Acta 440 (2001) 99. 

 [17] [M. Chicharro, A. Sanchez, A. Zapardiel, et al. Anal. Chim.Acta 523 
(2004) 185. 

 [18] [26] M.M. Ardakani,et al., Electroanalysis 75 (2009) 

[19]  M. Rubianes, A. Zapardiel et al. Sensors and Actuators B 144 (2010) 
274–279,  

[20] M. Pumera et al, Sensors and Actuators B 123 (2007) 1195–1205 

[21] 28. J. Wang, M. Musameh, Analyst 129 (2004) 1–2. 

 [22] S. Sanchez, et al. in press Carbon nanotube/polysulfone composite 
screen-printed electrochemical enzyme biosensors, Analyst, 
doi:10.1039/b609137g,. 

[23] Lim, S.H.; et al. Biosens. Bioelectron. 2005, 20, 2341–2346. 

[24] Wen, Z.; et al. J.Phys. Chem. C 2009, 113, 13482–13487. 

[25] Besteman, K. et al.; . Nano Lett. 2003, 3, 727–730. 

[26] Yang, W.; et al. Angew. Chem. Int. Edit.2010, 49, 2114–2138 

[27] 60. Vigolo, B.; et al. Science 2000, 290, 1331–1334. 

 [28] 61. Wang, J. Et al. J. Am.Chem. Soc. 2003, 125, 14706–14707. 

[29]  62. Viry, L. Et al.  Anal. Bioanal. Chem. 2007, 389, 499–505. 

 [30]  63Viry, L., et al.  J. Nanosci. Nanotechnol. 2007, 7,3373–3377. 

[31]  67. Zhong, X.H. et al. Adv. Mater. 2010, 22, 692–696. 

[32] 68. Zhu, Z.; Song, W.;  Nanotechnology 2010, doi: 10.1088/0957-
4484/21/16/165501: 

[33] 69. Zhu, Z.; García-Gancedo, L.; J. Chem.Technol. Biotechnol. 2012, 
87, 256–262  

[34]. 91. Novoselov, K.S.et al., . Science 2004, 306, 666–669. 

 [35]. 92. Kuila, et al. Biosens. Bioelectron. 2011, 26, 4637–4648. 

 [36] 93. Ratinac, K.R. et al; Electroanalysis 2011, 23, 803–826 

 [37] 94. Jiang, H. Et al., Small 2011, 7, 2413–2427. 

 [38] 95. Shao, Y.; Electroanalysis 2010, 22, 1027–1036. 

[39]  101. Shan, C. Et al.; Anal. Chem. 2009, 81, 2378–2382. 

[40] 102. Alwarappan, S. Et al.; J. Phys. Chem. C 2010, 114, 12920–
12924. 

 [41] 103. Wu, P. Et al.;. Electrochim. Acta 2010, 55, 8606–8614.  

[42]  108. Kong, F.Y et al.; Electrochem.Commun. 2012, 14, 59–62. 

[43] 109. Luo, Jet al.; Anal. Chim. Acta 2012, 709, 47–53. 

 [44] 110. Gao, H et al.; Appl. Mater. Interfaces 2011, 3, 3049–3057. 

  
 
 
 
 

118



ОЦЕНКА НА ВЛИЯНИЕТО НА ПАРАМЕТРИТЕ, 
ХАРАКТЕРИЗИРАЩИ ПРОЦЕСА НА ДЕФОРМАЦИЯ, 
ВЪРХУ ПЛАСТИЧНОСТТА ПРИ МЕХАНИЧНИ ИЗПИТ- 

ВАНИЯ НА СВРЪХДРЕБНОЗЪРНЕСТИ МЕТАЛИ И СПЛАВИ 
 

EVALUATION Of THE PARAMETERS, CHARACTERIZING THE DEFORMATION 
PROCESS ON PLASTICITY IN MECHANICAL  

TESTING OF MICROCRYSTALLINE METALS AND ALLOYS 
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 Abstract: The aim of the work is to evaluate the degree of influence of the parameters of deformation process on the plasticity of 
the material in mechanical testing of metals and alloys with microcrystalline structure. It has been shown a substantial influence of 
parameters of the process on the plastic deformation characteristics of specimens with microcrystalline structure at high temperature 
testing. In samples with a conventional structure, the influence is weak. 
 
 Keywords: PARAMETERS OF DEFORMATION, MECHANICAL TESTING, MICROCRYSTALLINE MATERIALS 
 
 

 1. Увод 
  
 Известно е, че пластичните свойства на 
материалите зависят от техните структурни 
особености и параметрите, характеризиращи процеса 
на деформацията им. При изпитване на опън, 
например, пластичността (оценявана по 
относителното удължение при разрушаване) зависи 
основно от скоростта на деформация и температурата 
на материала. 
 Наши изследвания показаха, че пластичните 
свойства зависят и от мащабния фактор, определен от 
размерите на пробното тяло при постоянен обем [1]. 
 Зависимостта на пластичните 
характеристики на материалите от параметрите на 
деформация за метали и сплави с конвенционална по 
размер кристалографска структура е достатъчно 
добре изследвана. Не така, обаче, стои проблема 
когато обект на изследванията са материали със 
свръхдребнозърнеста и нано- структури. Този тип 
материали навлизат все по интензивно в практиката 
благодарение на специфичните си свойства. 
 Доказано е, че при повишени температури 
деформацията на микрокристалните структури 
протича по механизми,някои от които не са 
характерни за материали с конвенционална 
структура. Такъв механизъм, например, е 
зърнограничното плъзгане, обезпечаващо 
изключително висок деформационен ресурс на 
металните материали със свръхдребнозърнеста 
структура [2,3,4]. 
 При механични изпитвания влияние върху 
пластичните свойства на материалите оказва и 
коравината на системата изпитателна машина-
образец. Влиянието на този параметър почти не е 
изследвано, въпреки че е установено на практика [5]. 
Проведени от нас експерименти показаха, че 
влиянието на коравината на системата стенд-пробно 
тяло особено се засилва при изпитване на образци с 
микрокристална структура [6]. 
 

 2. Материал и методика 
 
 Настоящата работа представлява опит да се 
оцени влиянието на основните параметри, 
характеризиращи процеса на деформация, върху 
пластичните свойства на метални материали с 
конвенционална и свръхдребнозърнеста структури. 
 За експериментите са използвани образци от 
сплав Zn-Cd-Mn получени от пресован прътов 
материал с диаметър 12 мм. Средната едрина на 
структурата на получения материал d е 2 μm. 
 За сравнение са изработени и образци от лят 
в метална форма материал. Те са със средна едрина 
на кристалографските зърна d = 110 μm.  
 Експериментите са извършени на 
изпитателна машина за изпитване на едноосен опън 
[9] като коравината на системата е изменяна с 
помощта на специално изработено за целта 
приспособление на четири нива: 2,41; 5,25; 10,82 и 
22,14 kg/mm. 
 
 3. Резултати и анализ 
 
 Катo следствие от предложен от нас 
критерий за стабилност на пластичното течение [7], 
беше получена зависимост за коефициента на 
скоростна чувствителност на напрежението „m” при 
изпитване на опън от степента на деформация ε 
(характеризираща пластичността на изпитвания 
материал): 

 
 m = M. ln ε                                   (1)  
 
където: М – константа. 
 Изследвания, проведени от нас, за 
влиянието на коравината на системата изпитателна 
машина-пробно тяло „К” върху коефициента „m” 
доведоха до извеждане на зависимост [1]: 
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където: l – истинска текуща дължина на пробното 
тяло, l1 – измерена текуща дължина на пробното тяло, 

v – обем на пробния образец, В – константа, έ – 
скорост на деформация, Т – температура. 
 Като заместим „m” от зависимост (1) в 
зависимост (2) получаваме релация (3), показваща 
връзката между пластичността (изразена чрез 
степента на деформация ε) и параметрите на 
деформация:  
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 Зависимост (3) ясно показва типа на влияние 

на параметрите на деформационния процес (έ,К,v/l) 
върху пластичността ε на деформираните материали. 
 От релация (3) се вижда, че степента на 
деформация нараства с нарастване на коравината на 
деформиращата система и мащабния фактор. 

Увеличаването на скоростта на деформация έ води до 
намаляване на пластичния ресурс на материала. 
 Показаното от зависимост (3) влияние на 
параметрите на деформация върху пластичните 
свойства на метали и сплави беше доказано от нас в 
работи [1, 6, 8]. Анализа на резултатите от тези 
работи показа, че при нормална температура на 
изпитване влиянието на параметрите на 
деформационния процес не зависи съществено от 
едрината на структурата на изпитвания материал. 
 При високи температури на изпитване, 
обаче, се забелязва съществена разлика във 
влиянието на параметрите на изпитване върху 
измерената пластичност на образци с конвенционална 
и свръхдребнозърнеста структура. 
 На фиг. 1 е показано влиянието на мащабния 
фактор (изразен като отношение на диаметъра D към 
дължината l на пробното тяло) върху стойността на 
относителното удължение при разрушаване за 
образци с конвенционална и микрокристална 
структури от сплав Zn-Cd-Mn при температура 275оС 
и скорост на деформация 1.10-3 s-1. 
 От фиг. 1 се вижда, че мащабния фактор 
(размерите на пробното тяло) оказва силно влияние 
върху стойностите на δ при образците с 
микрокристална структура и не влияе съществено при 
пробни тела с конвенционална структура. 
 На фиг. 2 е дадена зависимост на 
пластичността (оценявана по стойностите на 
относителното удължение при разрушаване δ) от 
коравината на изпитателната система К. 
Експериментите са извършени с петкратни образци 
от сплав Zn-Cd-Mn с различна едрина на структурата. 
 Резултатите от фиг. 2 показват 
несъществено влияние на коравината К на системата 
изпитателна машина-образец върху стойностите на 
относителното удължение при разрушаване δ5 при 

образци с конвенционална структура. При пробните 
образци със свръхдребнозърнеста структура 
влиянието на К върху δ5 е съществено (повече от два 
пъти). 
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Фиг. 3. 

  
 На фиг. 3 е показана зависимостта на 
относителното удължение при разрушаване δ5 от 

скоростта на деформация έ за образци с различна 
средна едрина на кристалографските зърна. 
 От фиг. 3 се вижда силното влияние на 

скоростта на деформация έ върху стойностите на δ5 
за образци с микрокристална структура, като 

зависимостта δ=f(έ) има максимум при έ =10-3 s-1. 
Скоростта на деформация оказва много по-слабо 
влияние върху δ при пробни тела с конвенционална 
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структура. При тях се наблюдава слабо изразено 
намаляване на пластичността с нарастване на 
скоростта на деформация. 
 Резултатите от проведените експерименти 
показват вида на влияние на параметрите на 
деформация върху пластичните характеристики на 
изпитваните материали. Вижда се, че при образци със 
свръхдребнозърнеста структура при високи 
температури на изпитване параметрите на процеса на 
деформация оказват съществено влияние, докато при 
материал с конвенционална едрина на структурата 
това влияние е слабо изразено. Тази разлика се дължи 
основно на различните механизми, контролиращи 
процеса на деформация при метали и сплави с 
конвенционална и микрокристална структура. 
 
 4. Изводи 
 
 1. Представена е зависимост на степента на 
деформация ε от параметрите на деформация 
(скоростта на деформация, коравина на 
деформиращата система и мащабен фактор) при 
механични изпитвания на метали и сплави. 
 2. Направени са експерименти, показващи 
влиянието на параметрите на деформация върху 
пластичността на образци от сплав Zn-Cd-Mn с 
конвенционална и свръхдребнозърнеста структура. 
 3. Експериментално е доказано, че при 
високи температури на изпитване параметрите на 
деформация оказват съществено влияние върху 
пластичните характеристики на образците с 
микрокристална структура и практически не оказват 
влияние върху резултатите за δ за пробни села с 
конвенционална структура. 
 4. Получените в работата резултати 
показват, че сравняването на резултатите от 
механични изпитвания при високи температури на 
метални материали със свръхдребнозърнеста и нано- 
структури трябва да се извършва много внимателно 
като се отчитат точно съответните параметри на 
деформационния процес. Това ще доведе до 
избягване на неточности, дължащи се на 
пренебрегването на някои от параметрите, влияещи 
върху резултатите от изпитванията. 
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 1. Увод 

 Известно е, че при механични изпитвания на метали и 
сплави, влияние върху резултатите оказват редица параметри. 
Някои от тях определят режима на изпитване. Такива при 
изпитване на опън, например са температурата и скоростта на 
натоварване. Други параметри касаят пробните тела. Такива 
параметри са размерите на образците и тяхната структура. 
 Оказва се, обаче, че влияние върху резултатите от 
механичните изпитвания на метали и сплави оказва и 
коравината на системата изпитателна машина-образец. 
Коравината характеризира основно изпитателната машина. 
 В литературата има оскъдни данни за влиянието на 
коравината на системата машина-образец и те са предимно от 
констативен характер [1]. 
 Проведени от нас изследвания [2] показаха, че 
влиянието на коравината на изпитателната система е особено 
забележимо при опънови изпитвания на метали и сплави със 
свръхдребнозърнеста структура при високи температури. Това 
се дължи на проявата на механизмите за зърногранично 
плъзгане, които да характерни за този тип материали при 
повишени температури, и не са типични за материали с 
конвенционална едрина на кристалографските зърна  [3].  
 Влиянието на коравината на изпитателната система, 
касае основно стойностите на пластичността (оценявана по 
относително удължение при разрушаване δ) и почти не се 
забелязва при отчитане на стойностите на якостта на опън. 
 Цел на работата е да се изследва експериментално 
влиянието на коравината на системата изпитателна машина-
образец върху показателите на пластичността на изследваните 
материали. 

 
 2. Материал и методика 

 За целта на експеримента са изработени пробни тела 
от две сплави: Zn-1,2%Mn и Al-33%Cu. Тези сплави са с 

различен тип на кристалната решетка, което ще даде по-голяма 
всеобхватност, а от там и по-голяма достоверност на 
получените резултати. Средната едрина на структурата на 
образеца от сплав Zn-1,2%Mn е d=2µm, а на тази от Al-33%Cu - 
d=4µm. 
 Експериментите на едноосен опън са извършени на 
машина с механично задвижване [4]. Коравината е изменяна с 
разработено за целта приспособление на четири нива: 2,41; 
5,25; 10,82 и 22,14 kg/mm. Коравината на изпитателната 
машина е 2800 kg/mm. 
 Температурата на изпитване се поддържа с помощта 
на солна вана за по-хомогенно нагряване на образците. 
 Пробните тела са петкратни, цилиндрични с диаметър 
на работната част 5 mm. 

 
 3. Резултати и анализ  

 На фиг.1 е показана зависимостта на относителното 
удължение при разрушаване δs от коравината на системата 
машина-образец k за образци от сплав Zn-1,2%Mn. 
Експериментите са проведени при температура T=320°C и 
скорост на деформация έ=10-3s-1. 
 На фиг.2 е показана зависимостта δs=f(k) за образци от 
сплав Al-33%Cu. 
Опитите са проведени при T=490°C и скорост на деформация 
έ=10-3s-1. Избраните температурно-скоростни режими на 
деформация и за двете сплави са близки до оптималните за 
проява на ефекта свръхпластичност при тях. 
  От фиг.1 и фиг.2 се вижда, че с увеличаване на 
стойността на коравината на системата k се увеличават и 
получените стойности за относителното удължение при 
разрушаване δs, като при сплав Zn-1,2%Mn увеличението е 
почти двойно. 
 Получените резултати навеждат на мисълта, че 
изменението на амплитудно-честотната характеристика на 
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натоварването вследствие изменението на коравината на 
изпитателната система, явно влияе върху механизма на 
деформация  на свръхдребнозърнестите сплави. Тоест 
различните механизми на деформация при материали с 
конвенционална и свръхдребнозърнеста структура имат 
различна чувствителност към характера на натоварване при 
изпитване на опън. 
 

 
Фиг.1 Сплав Zn-1,2%Mn, 320°С 

 
Фиг.2 Сплав Al-33%Cu, 490°С 

 4. Изводи   

 1. Установено е, че коравината на системата 
изпитателна машина-образец k влияе върху измерените 
стойности на относителното удължение при разрушаване δs. 
 2. Опитно е доказано, че с нарастване на k нарастват и 
стойностите на δs. Тази зависимост е установена и при двете 
изследвани сплави Zn-1,2%Mn и Al-33%Cu. 
 3. Получените резултати показват, че при 
сравняването на резултатите от механични изпитвания на 
свръхдребнозърнести материали, проведени на различни 
изпитателни машини, трябва да се отчита и влиянието на 
тяхната коравина. 
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